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Preface
The experimental research presented in this thesis has been carried out at the Norwegian
University of Science and Technology (NTNU), Department of Materials Science and
Engineering in the period from August 2002 to March 2006. The thesis reached its final 
form by end of June 2007.
The work was part of the project FREMAT, sub-project “Microstructure and Shape” and 
has been financed by the Norwegian Research Council and Hydro Aluminium AS. It has
allowed the author to work within both development of new experimental techniques and
detailed crystal plasticity of extruded Al-Mg-Si profiles, something that certainly has
been appreciated. Hopefully, this work will result in new insight into crystal plasticity,
but also initiation of new works within the field of in-situ EBSD. 
The close collaboration with Hydro Aluminium AS allowed for introducing the author to 
various in-depth aspects related to aluminium extrusion technology. This in turn, has
opened up for a better understanding of current industrial challenges and hopefully
improved the relevance and quality of the work presented herein.
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Abstract
A comprehensive characterisation and study of plasticity in two extruded Al-Mg-Si
profiles has been carried out. The primary objective of the experimental work has been
directed towards obtaining an improved understanding of the operating deformation
mechanisms and mechanical anisotropy observed on all length scales during plastic
deformation. In-situ deformation in the SEM combined with EBSD investigations has
been an important tool in order to obtain this objective. The experimental results have
been divided into two separate parts. Part A covers the characterisation and mechanical
anisotropy investigations, while Part B covers the more detailed in-situ investigations.
Two alloys, one with a recrystallized microstructure and the other with a non-
recrystallized (fibrous) microstructure, have been subjected to a detailed characterisation
concerned with mechanical anisotropy, through-thickness variations and effects of
various heat-treatments. The experimental investigations showed that both alloys possess
highly anisotropic properties. The effects of temper designation, directional dependency
and position through the thickness were studied.
The in-situ deformation studies gave new insights into the fundamental reasons for the
observed mechanical anisotropy and the related deformation mechanisms. Detailed
investigations of the slip traces in combination with calculated Schmid value
distributions provided information on potential slip activity for the various slip systems.
It was found that the number of slip systems activated was very heterogeneous and this
number can even vary from region to region within one individual grain. In other words,
the strain distribution seemed very heterogeneous. Further, the actual number of
activated slip systems was in general less than predicted by the widely used Taylor
model. Consequently, if the accuracy of texture-based calculations should be improved,
more advanced models like the GIA (Grain Inter-Action) and the LAMEL models
should be applied.
It was also found that crystallographic orientations having a [100] or a [111] parallel to
the deformation direction (DD) were more stable during simple tension deformation.
Moreover, crystallographic orientations not having this configuration rotated in order to
III
align the DD to one of the above directions. Also the rotation of individual grains
seemed to have a strong relationship to the actual activation of slip systems.
The mechanical anisotropy and shape tolerances could be explained in terms of
crystallographic texture, i.e. variations in the actual activation of slip. As a result, the 
macroscopic properties (e.g. mechanical anisotropy) were to a large extent controlled by
the mechanisms operating at the microscopic length scale. A full understanding of the
operating mechanisms should therefore involve exact information from all length scales.
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Introduction
1 Introduction 
Modern production processes demands a high degree of automation involving tight
geometrical tolerances of the various components. The new requirements on profile
shape control are the most critical and come from various product areas like the heat
transfer business, general extrusion and, of course, production for the automotive
industry. The most prominent example is from the automotive industry. Future
requirements from down stream processing of profiles challenges the extrusion industry,
since extruded profiles often have strong microstructure- and texture gradients through
the thickness which clearly affect the mechanical properties.
The strategy of Hydro Aluminium is to be world leading within aluminium extrusion.
The “FREMAT – Understanding and Controlling Variations in Extrusion of
Aluminium” research program was initiated by Hydro Aluminium in close collaboration
with the Norwegian Research Council in order to attain such a position. The very
challenging vision of this project is to improve shape tolerances on extruded products by
a factor of ~10. To fulfil this vision, it is essential to understand, quantify and control
effects from material flow balance, development of residual stresses, microstructural
evolution and thermo-mechanical coupling of die and extruded material on a completely
new level of accuracy.
This work is part of the “Microstructure and shape” subproject that addresses
metallurgical effects and microstructural evolution. The primary objective is directed
towards obtaining an improved understanding of the operating deformation mechanisms,
and by that obtaining a better understanding of how shape tolerances, i.e. mechanical
anisotropy can be controlled. This can only be obtained if the connections between the
different deformation mechanisms operating on all length scales are fully understood.
Figure 1.1 illustrates the importance of studying individual mechanisms in order to find 
the net effect.
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Figure 1.1 – Illustration presenting the different features operating at different length
scales that have to be fully understood in order to comprehend how to improve the shape
tolerances of extruded profiles with a factor 10.
In this work, special attention has been paid to the effect of heterogeneities in slip 
activation on the macroscopic mechanical anisotropy. This has been obtained by initially
performing a detailed characterisation of two extruded Al-Mg-Si profiles. Further, in-situ
EBSD investigations have been applied to better understand the macroscopic properties.
2
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2 Theoretical background
The main objective of this theoretical part is to give a summary of previous work done
concerning room temperature plastic deformation behaviour in face-centred cubic (FCC)
materials. A good understanding of crystal plasticity and the mathematical models used
to describe crystal plasticity is of prime importance in order to provide a physical basis
for microstructure- and alloy design. On the other hand, experimental observations are
critical to the developers of plasticity modelling and for understanding the real
phenomena taking place in nature. Hence, a two-fold understanding is a key factor in
reaching the main objectives of this investigation. Further, this part summarises the main
findings reported in the literature concerning in-situ deformation and electron
backscatter diffraction (EBSD) observations on aluminium alloys. The theoretical
background for the most important experimental techniques applied is also given in this
chapter.
2.1 Aluminium alloys
Aluminium is an important material for the transportation industry due to its low density,
high specific strength and competitive crash performance (Hirsch 2004). Also, the ability
to easily recycle aluminium alloys is very advantageous from an environmentally point
of view (Hirsch 2004). The properties of aluminium have made this material become an 
even more important material for the future. Wrought aluminium alloys are divided in
two groups based on their age-hardenability.
2.1.1 Non-heat-treatable aluminium alloys
Non-heat-treatable aluminium alloys constitute a class of alloys that owe their strength
mainly to elements in solid solution. However, also some types of particles will give rise 
to additional strength increase, mostly due to Orowan hardening (Orowan 1948,
Verhoeven 1975). A heat-treatment will generally not produce any strengthening
precipitates as in the heat-treatable alloys. The alloy systems belonging to this class are 
the AA1xxx, AA3xxx, AA5xxx and the AA8xxx alloy systems. A description of the
different alloying systems and their main alloying elements are given in Table 2.1. 
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2.1.2 Heat-treatable aluminium alloys
The heat-treatable aluminium alloys achieve their strength mainly from precipitates, and 
belong to the AA2xxx, AA6xxx and AA7xxx alloy systems (see Table 2.1) (AAUS
1970). These alloys are usually first solution-heat-treated, i.e. heated into the single-
phase area of the phase diagram where alloying elements are dissolved in solid solution.
A rapid quench freezes the atoms in a supersaturated solid solution (ssss) from where the
precipitation sequence starts (Martin 1968). Alloys investigated in the solution-heat-
treated condition are often denoted the “W-condition” (ISO 2004). As an example, the
precipitation sequence in the AA6xxx system is generally given by:
 (1)2ssss GP zones (Mg Si) (Mg Si)cc co oE oE oE 2
Precipitation after solution heat-treatment can take place at room temperature (natural
age-hardening), in which the stabilised material condition is referred to as the “T4-
condition” (ISO 2004). However, artificial age-hardening are normally used in order to
achieve a more stabilised material with as high strength as possible. Following the above
sequence from left to right, the size of the precipitates increases and the coherency
between the matrix and the precipitates is gradually lost. The maximum strength (T6-
condition) generally occurs when there is a mixture of coherent and semi-coherent
precipitates. Over-ageing to the T7-condition produces stable incoherent particles which
results in a lower strengthening effect (Martin 1968). Material cooled from the
fabrication temperature (natural solution heat-treatment) and then naturally aged is
referred to as the T1-condition (ISO 2004). For a more comprehensive review of heat-
treatable aluminium alloys see e.g. Polmear (2004).
4
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Table 2.1 – IADS (International Alloy Designation System) for wrought aluminium
alloys. (X) indicates that only a fraction of the AA8xxx alloys are heat-treatable (AAUS 
1970).
Alloy system Heat-treatable Description
AA1xxx - Commercially pure Al (>99% Al)
AA2xxx X Al-Cu and Al-Cu-Li
AA3xxx - Al-Mn
AA5xxx - Al-Mg
AA6xxx X Al-Mg-Si
AA7xxx X Al-Mg-Zn
AA8xxx (X) Al-Li, Sn, Zr, B, Fe or Cr
2.2 Polycrystalline plasticity theory
The primary task of a polycrystalline plasticity theory is to formulate the relations
between the macromechanical behaviour of the polycrystal and the fundamental
mechanisms of single crystal deformation. Several objectives can be achieved from
investigations concerned with polycrystalline plasticity. First, it allows for identification
of the believed micro mechanisms that are responsible for observed macroscopic
phenomena. Secondly, the increased understanding on the fundamental level may in turn
provide a basis for improved predictions of the macroscopic plastic deformation.
2.2.1 Basic plasticity
The mechanical properties of a material may be represented by a stress-strain diagram. If
the applied stress is less then the elastic limit, the deformation is said to be elastic. The
material deforms plastically if the stress level is equal to or greater then the yield stress, 
and any stress level above the yield stress is referred to as the flow stress. Hence, elastic
deformation is completely recoverable while plastic deformation is not recoverable upon
release of stress. Only the plasticity theory is presented in this section since just the
plastic part of the deformation is treated in this work.
Plastic deformation of metals can take place by use of four primary mechanisms
(Verhoeven 1975): slip, twinning, grain boundary sliding and diffusional creep. In
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general, grain boundary sliding and diffusional creep become significant only at high
temperatures but they must also be considered at very low strain rates. Twinning, on the 
other hand generally becomes operative at low temperatures in materials having HCP
structure. However, twinning in aluminium has been observed but then at very low
temperatures or very high strains (see e.g. Gray III 1988 and Werenskiold 2004). Slip is
by far the most important deformation mechanism in aluminium and only this
mechanism will be treated in the following.
The slip mechanism has been described by Verhoeven (1975) as the parallel movement
of two adjacent regions relative to each other across some plane (or planes). The early 
work of Ewin and Rosenheim (1900) showed that slip takes place along well-defined
crystallographic planes. Such crystallographic planes are referred to as the slip plane,
while the direction of shear in the plane is called a slip direction. The combination of a 
slip plane and a direction in that plane is referred to as a slip system. The slip planes in
FCC metals are usually those with the closest atomic packing, while the slip direction is 
always the closest packed direction in the slip plane. Figure 2.1 presents the atomic
arrangement of the closest packed planes in a FCC metal.
Figure 2.1 – The atomic arrangement in the plane with closest atomic packing in
aluminium. The three closest packed directions are also indicated.
The FCC metals deform primarily on the close-packed octahedral {111} planes in the 
<110> close packed directions. In special cases non-octahedral slip in aluminium alloys
has been observed on both the {110} and the {100} planes (see e.g. Perocheau and 
Driver 2002). However, for all practically considerations only octahedral slip is activated
during deformation of aluminium at room temperature. A crystallite consists of four
different {111} planes and each plane has three equivalent closest packed directions as
indicated in Figure 2.1. Hence, face-centred cubic metals have a total of twelve possible
slip systems which can take part in the deformation. Schmid and Boas (1935) developed
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a notation used to distinguish the twelve possible slip systems in an individual crystal as 
shown in Figure 2.2. The notation is based on a letter A-D which defines the slip plane
and a number 1-6 which defines the slip direction. Table 2.2 presents the twelve possible
slip systems based on the Schmid and Boas notation.
Figure 2.2 – Standard [001] stereographic projection of FCC crystals (Kahn and Huang
1995).
Table 2.2 – Schmid and Boas notation for slip systems in FCC crystals (Schmid and
Boas 1935).
Slip System Slip plane Slip direction 
A2  111 0 11ª º¬ ¼
A3  111 > @101
A6  111 > @110
B2  111 0 11ª º¬ ¼
B4  111 101ª º¬ ¼
B5  111 1 10ª º¬ ¼
C1  1 11 > @011
C3  1 11 > @101
C5  1 11 1 10ª º¬ ¼
D1  1 11 > @011
D4  1 11 101ª º¬ ¼
D6  1 11 > @110
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Theoretically, any of the 12 different {111}<110> slip systems can be activated during
deformation but the strain is often distributed among a limited number of these slip
systems. The required number of slip systems activated has been discussed heavily since
the introduction of the well known Sachs (Sachs 1928) and Taylor (Taylor 1938) models
in the first half of last century. The process of slip activation during deformation is still
under debate and the arguments for selection of slip systems will most likely be debated
for a long time.
Moreover, from a crystal plasticity point of view, the probability for slip is the same for
all slip systems with equal Schmid value. This means that activation of slip system A2
(Schmid and Boas notation) on a given A-plane within a particular grain means that the 
same slip system also should be activated on all other parallel A-planes within that grain. 
The slip (deformation) should in other words be homogeneously distributed among all
A2 slip systems in that particular grain. However, this is normally not the case for
aluminium alloys, and the slip tends to localise to small regions separated by regions
without or very limited plastic deformation (see e.g. Honeycombe 1984 and Yau and
Wagoner 1993). It is this localisation of slip which makes the slip traces visible at the 
specimen surface, i.e. the traces are an area with localised deformation. The reason for 
this localisation is not fully understood, but it is believed that the origin lies within the
material itself. The condition for initiating localised deformation after any amount of
pre-straining is usually related to a situation taking place in the material where the next
increment of strain-induced hardening is cancelled out by an accompanying strain-
induced softening. Then further straining tends to concentrate in the locations where
resistance to continued deformation is first lost, i.e. the deformation is localised to a 
limited number of slip planes (Backofen 1972, Søreng 1997). As a consequence, the
microstructure often develop slip traces when the dislocations move along activated slip
planes and intersect the specimen surface. Hence, the activation of slip plane, and by that
the activation of slip systems, can be investigated by studying the appearance of the slip
traces.
Predictions of the mechanical properties, i.e. how the material deforms, is often
performed by computerised modelling in order to simulate the production of new
components. The deformation behaviour is for simplicity often with satisfying results
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described by continuum mechanics (see e.g. Liu et al. 1997 and Wilkinson et al. 1997)
even though the material deforms by slip, whish clearly is a non-continuous deformation
process (Verhoeven 1975 and Honeycombe 1984).
2.2.2 Schmid’s law – geometry of slip
Slip will occur upon the {111} planes when a single crystal of an FCC metal is deformed
in tension. The force causing slip is not the tensile force but rather the decomposed shear 
force in one of the {111} planes along one of the slip directions. Hence, the tensile force
must be decomposed into the individual slip systems. This was first postulated by
Schmid in 1924, where he states that yield would begin on a slip system when the
resolved shear stress on this system reached a critical value, independent of the axial
tensile stress and other normal stresses on the lattice plane. This statement is now
commonly referred to as Schmid’s law.
Consider a crystal of cross-sectional area A having a tensile load L imposed giving a 
tensile stress Vt. Figure 2.3 shows this crystal and its slip plane in which OX is the slip
direction and O is the angle between the axis and the slip direction. The tensile axis 
makes an angle F with the slip plane, so that the area of the slip plane is A/sinF.
Therefore, the tensile stress on the slip plane is 
tsin sinF  V F
L
A
 (2)
and the shear stress on the slip plane resolved in the slip direction is 
t tsin cos cos cos tW  V F  O  V I O  V m  (3)
where I is the angle between the tension axis and the normal ON of the slip plane, and Vt
is the tensile stress (Honeycombe 1984). The geometrical part of this equation is often
referred to as the Schmid value, m. The general Schmid tensor of the slip system s is
computed in the crystal coordinate system using
12 
s s s s s
ij i j j im s n s n   (4)
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where ns is the slip plane normal and the ss is the unit vector in the Burgers vector (slip) 
direction of slip system s.
Figure 2.3 – Schematic illustration of the resolved shear stress on a slip system during
simple tension deformation (Honeycombe 1984).
It is also worth noticing that in some special circumstances the equation above will
become zero. W becomes zero if the tension axis is normal to the slip plane (O=90°), or if
the tension axis is parallel to the slip plane (F=0°). Deformation by slip will not be 
expected in these two extreme orientations. The reason is that the shear stress in the slip 
direction would be zero. On the other hand, the maximum shear stress is obtained when
m=0.5, that is when I and O are both 45°, hence Wmax=0.5Vt. Here, it is evident that single
crystals will give rise to a plastically anisotropic behaviour due to a discrete distribution
of slip systems.
Furthermore, the Schmid value of the individual slip systems is controlled by the
orientation of the crystallite in relation to the tensile stress. The primary slip systems
(highest Schmid value) of the different standard stereographic triangles are included in
the standard stereographic projection presented in Figure 2.2. For some orientations, the
10
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Schmid values of several slip systems are equivalent, and these crystallites are assumed
to have more then one operative slip system (Figure 2.4).
Figure 2.4 – Number of equivalent slip systems at special orientations in the inverse pole
figure. The squares, triangles and circles indicate eight, six and four equivalent slip
systems respectively (Honeycombe 1984). 
2.2.3 Rotation of the crystal lattice 
A very important phenomenon in plastic deformation is that the crystal lattice will rotate
relative to a fixed coordinate frame (e.g. the tensile machine and the loading axis which
are fixed to the ground) during significant plastic deformations. To illustrate lattice 
rotation, simple tension of a single crystal will be presented as shown in Figure 2.5. If
the grips of the tensile machine could move freely without friction in the lateral 
direction, the specimen would deform as shown in Figure 2.5 (b). However, the tensile
grips allow no lateral movement of the specimen ends. As a consequence, the lack of
motion in the lateral direction must be accomplished by a simple rotation of the lattice, 
i.e. the slip direction s would rotate toward the tensile axis. Close to the grips some
additional bending and appurtenant distortion has to be included in order to obey the
constraint enforced from the fixed grips.
11
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Figure 2.5 – Physical changes in a single crystal deformed in a tensile machine. (a) 
Undeformed single crystal. (b) Deformed single crystal without friction in the lateral
direction. (c) The lateral movement accomplished by simple rotation of the lattice in the 
centre and combined rotation and bending near the grips (Verhoeven 1975).
Figure 2.6 – Representation on a stereographic projection of a deformation induced
crystal rotation (Verhoeven 1975).
The slip direction of a single crystal with initial orientation D will during large tensile
plastic deformation rotate toward the tensile axis so that 0O O , where 0O  and O  are the
initial and current angle between the tensile axis and slip direction respectively. This
rotation can be represented by moving the point D toward the 101ª º¬ ¼ direction along the
great circle through D and 101ª º¬ ¼  as shown in Figure 2.6. At any instant of the
deformation, using the current relative orientation of the loading axis (deformation
12
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direction) to the crystal lattice, one point can be found in the standard triangle that 
represents the loading axis. Therefore the loading axis during deformation can be traced
by a series of points in this triangle as shown in the same figure. After a rotation from D 
to point 2, the specimen has become orientated so that two slip systems have the same
maximum Schmid value. Normally at this point, deformation proceeds on both slip
systems simultaneously to produce duplex or multiple slip. The additional slip system is 
often referred to as the conjugate slip system. The duplex slip causes further movement
of the specimen axis along the > @001 111ª º ¬ ¼  boundary toward the 112ª º¬ ¼ pole which is
the mid way between the two operative slip directions. When the stress axis reaches this
orientation, it is assumed that this orientation is maintained until localised necking take
place, followed by fracture.
If the movement of individual dislocations are omitted, slip on a slip system can be
modelled by homogeneous shear ( ) as illustrated in Figure 2.7. The shape change
occurring during shear of the considered volume element is generally accompanied by a
rigid rotation ( ). This rotation changes the orientation of the crystal axes whereas slip 
(by itself) does not. In fact both slip and rotation take place simultaneously ( ),
hence the volume element changes its shape and rotates at the same time as shown in
Figure 2.7 (Kahn and Huang 1995).
PF
*F
 * PF F F
Figure 2.7 – Illustration of the kinematics of single-crystal deformation. The mutually
perpendicular grids represent the crystal lattice. 0s
D  and 0n
D  are the initial unit vector in 
the slip direction and the initial unit normal vector to the slip plane of the D slip system,
respectively (Kahn and Huang 1995).
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Plastic deformation of single crystals often proceeds by slip in only one slip system as 
illustrated in Figure 2.7. However, in polycrystalline material (Figure 2.8) each 
crystallite is surrounded by its neighbours. This requires continuity of plastic
deformation across the grain boundaries. The enforced shape change introduces usually
slip (and thus rotation) on several slip systems simultaneously. Therefore, the lattice 
rotations in the polycrystalline metal are not uniform within each individual grain. The
orientation rotation behaviour of each grain during deformation is not easy to interpret. It
has been found that the rotations of the crystallites show a very broad spread, which may
be attributed to the individual environment of each crystallite. However, the average
rotation paths of the grains are usually quite well described by the Taylor model (see e.g.
Bunge and Fuchs 1969, Han et al. 2003 and Winther et al. 2004). This means that grains
having an initial orientation with a > @100  or > @111  parallel to the deformation direction
(DD) are relatively stable during deformation, while grains having a > @110 parallel to the
DD tend to rotate towards a more stable orientation.
It has also been shown that different parts of a crystallite may rotate in different
directions such that they become distinguishable crystallites themselves (see e.g. Wert
2002). In this sense a polycrystalline material is composed of crystallites, each of which 
has its particular crystal orientation g and each of which rotates in its own way as is 
illustrated schematically in Figure 2.8. The rotations lead to texture changes, i.e. the
development of deformation textures. This process has been studied in great detail (see 
e.g. Dillamore and Roberts 1965). Texture changes resulting from plastic deformation
are often accompanied by changes of the plastic properties. Hence, the orientation
changes of the crystallites must be taken into account in any comprehensive theory of
polycrystal plasticity. This can be done particularly on two different length scales
(Bunge and Nielsen 1997):
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1. Small single-crystalline volume elements (Figure 2.8 a) which are characterised
by their crystallographic orientation g and the rotation 'g after a small
deformation step.
2. Big polycrystalline volume elements (Figure 2.8 b) which are characterised by
their orientation distribution function f(g), i.e. the texture, and the texture
change 'f(g) after a small deformation step. In this latter case, the total texture
change 'f(g) may be divided into two parts:
i. An average rotation 'g as indicated by the big circular arrow in Figure
2.8 (b). This part can be interpreted qualitatively as the rotation of
some common reference axis system characteristic of the whole
volume element (b). 
ii. A "spreading" of the individual crystal orientations away from this
common (rotated) reference system indicated by the small individual
arrows in volume element (b). 
Figure 2.8 – Schematic illustration of lattice rotation in a polycrystalline material. (a) 
Small single-crystalline volume element with unique lattice rotation ('g ). (b) Large
polyctystalline volume element with individual rotations ('g ) and the average rotation
('g ) (Bunge and Nielsen 1997).
Crystal rotations can be modelled using different assumptions for the individual single
crystalline volume elements (Figure 2.8 a) as well as for the interaction of the differently
oriented crystallites (inside the volume element of Figure 2.8 b). The basis of some
classical crystal plasticity models will be presented in the following.
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2.2.4 The Sachs model 
The oldest plasticity model is the one proposed by Sachs in 1928 and later proposed by
Cox and Sopwith (1937) and Kochendörfer and Swanson (1960) in a slightly different
form. Sachs assumed that each grain only deforms by one activated slip system, namely
that with the highest resolved shear stress. He further assumed that a polycrystal is an 
aggregate of independently deforming single crystals, and the principle axes of stress are
the same in all grains of a homogeneously stressed polycrystal. Hence, the Sachs model
is based on the Schmid value of each crystallite. Please notice, according to the Sachs
model, single slip in a grain leads to a misfit of its shape with respect to the
surroundings. It would lead to large interaction stresses between grains and it would
quickly lead to material separation at the grain boundaries. This is schematically
illustrated in Figure 2.9.
However, the arguments used in favour of the Sachs model are nevertheless based on
metallographic observations. A single set of slip traces is often observed on the surface
of deformed polycrystalline materials, except near grain boundaries (see e.g. Zankl 1963,
Schwink 1965 and Schwink and Vorbrugg 1967). There are a number of objections to 
such observations (Kocks 1970). Firstly, the surface grains are not under the full 
constraint of the compatibility conditions caused by the interaction of grains across grain
boundaries. Secondly, one observed slip trace can correspond to several independent slip
systems. Thirdly, even under the condition of several slip systems activated, it is rarely 
expected that an equal amount of slip on all activated slip systems occurs. In general, it
seems that the Sachs model is quite satisfactory at the very beginning of plastic yielding
of crystal aggregates. However, for higher plastic strains, the Taylor model is assumed to 
give a better description of reality. 
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Figure 2.9 – Tension of a polycrystal (a) Before plastic deformation. (b) Large plastic
deformation according to the Sachs model (singel slip). (c) Large plastic deformation
according to the Taylor model (polyslip) (Gambin 2001).
2.2.5 The Taylor model 
The Taylor model (Taylor 1938) states that the plastic strain of all crystallites within a
polycrystal is the same and hence equal to the macroscopic plastic strain. The idea
behind the Taylor model can also be formulated as follows: The neighbourhood of a 
grain embedded in a polycrystalline material introduces very strong constraints on the
individual grains; it must have exactly the same strain as its surroundings; no misfit
strains are allowed. The elastic strains are also neglected. The original version of the
Taylor model is normally referred to as the Full Constraint (FC) Taylor model, as it 
maximises the influence of the geometrical constraints (Van Houtte et al. 2005).
In order to develop this model, Taylor made use of a local constitutive law based on
crystal plasticity which establishes the relation between the local stress, strain and rigid
body rotation inside a RVE (representative volume element). The local constitutive law 
consists of a kinematical equation and an energetic assumption.
The kinematical equation relates the microscopic velocity gradient  which describes
the local deformation (per unit time) with the slip rates of all active slip systems:
ijl
12
1 
 :  ¦L s s sij ij i j
S
l b n J  (5)
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In this equation; : Lij  is the spin of the crystal lattice, 
sJ  is the shear slip rate of slip
system s, sib  is the slip direction of slip system s, and 
s
jn  is the normal of the slip plane
of this slip system. The kinematical equation is based on the assumption that the
macroscopic velocity gradient tensor is known and equal to the microscopic velocity
gradient:
ijL
 ij ijL l  (6)
The macroscopic velocity gradient for simple tension deformation is given by:
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where H  is the strain rate and r is the r-value or Lankford coefficient ( w
t
r
H
H
 ). Further,
the kinematical equation also states that the slip rates, sJ of all slip systems must be 
calculated and the combination of all slip processes active at a given moment determines
what happens to the crystal. Hence, the symmetric part of  becomes the strain rate
tensor:
ijl
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d b n b n sJ  (8)
This equation gives a set of five independent equations with twelve unknown sJ . Hence,
an additional set of requirements is needed in order to solve the equation.
The energetic assumption of Taylor fulfils this requirement. This assumption suggests
that the slip systems are chosen so that the internally dissipated friction work per unit 
time W is minimised:
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12
1
min
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s
W W J  (9)
where scW is the critical resolved shear stress on slip system s.
A slip system is activated when the shear stress, sW  reaches the critical value, scW . This
requirement gives a stress relation when considering the active slip systems: 
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b n b n sV W  (10)
from which the deviatoric stress, cijV  in each grain can be obtained. However, no unique
solution is obtained for the stress when the critical resolved shear stress is set to be
identical in all slip systems (common assumption for FCC materials). The equation will
give several equal solutions of five non-zero sJ -values all giving a W  minimum (five
activated slip systems). This problem is often referred to as the Taylor ambiguity, and
there exist several different methods of solving this ambiguity. The simplest method is to
simply pick one of the solutions by random.

For this approach even to be viable, each of the individual crystals must be able to
accommodate an arbitrary deformation, requiring five independent slip systems. While
the Taylor assumption is reasonable for materials comprising crystals with many slip
systems of comparable strength, using the model in other situations can lead to
prediction of excessively high stresses, incorrect texture components, or both (Wenk and
Van Houtte 2004).
The Taylor FC model offers a solution for the strain rates and stresses in every grain of a
multicrystal used during a simulation. If, considering such a solution for a grain with a
particular lattice orientation, it can hardly be interpreted as the stress occurring in a grain
of a real polycrystal with the same lattice orientation. Indeed a real grain has boundaries
with other grains, each with particular lattice orientations. As a result, the solution
offered by the FC model will not achieve stress equilibrium at these grain boundaries
(Van Houtte et al. 2005). 
19
Theoretical background
It has been argued that the Taylor FC model is too strict and the results could have been
improved by somewhat “relaxing” the geometrical constraints. The idea of relaxation
was conceived approximately 20 years ago (see e.g. Honneff and Mecking 1981, Kocks
and Chandra 1982 and Van Houtte 1982) and was based on the observation that grains
tend to become flattened and elongated during rolling. The misfit caused by a difference
between for example  and  could perhaps be tolerated, and such a relaxation is the
basis behind the relaxed constraint (RC) Taylor model. Relaxation of the longitudinal
shear ( ) is often referred to as the “lath” type Taylor RC model. Four slip systems
would be active according to this model. The ‘‘pancake’’ type model also adopts this
relaxation, but this model also relaxes the transverse shear ( ), hence only three slip 
systems will be activated. Figure 2.10 presents a schematic illustration of the relaxation
in the lath and pancake type Taylor RC model.
13l 13L
13l
23l
Figure 2.10 – Schematic illustration of the full constraint (FC) and the relaxation in the
lath and pancake type relaxed constraint (RC) Taylor models.
2.2.6 The Self-Consistent model
In the Taylor model, the strain compatibility is achieved at the expense of the stress
continuity and equilibrium at the grain boundaries. In the Sachs model, on the other
hand, the stress continuity and equilibrium are chosen over the strain compatibility.
Neither of these models gives a satisfying description of the material during
deformation. However, it is possible to satisfy both strain compatibility and stress 
equilibrium for simplified grain shapes by employing a self-consistent model. These
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models try to obtain better average stresses and strains than the Taylor and the Sachs
models. The self-consistent models may be regarded as generalised RC models, in which
the relaxation is determined on the basis of a mathematical model for the interaction
between a grain and its surroundings. The latter is then treated as a homogenous
medium. Self-consistent models are much more complicated than the Taylor models
(relaxed or not). A more comprehensive review of the self-consistent model may be 
found in e.g. Lebensohn and Tomé (1993).
2.2.7 Advanced polycrystalline plasticity models
Neither of the models presented above provide satisfying deformation texture
predictions, especially not if quantitative methods are used for the comparison with
experimental results. One reason could be that the local interaction between grains is
insufficiently taken into account. Therefore, some new and more advanced plasticity
models have been proposed. The Crystal Plasticity Finite Element Method (CPFEM)
model (Kalidindi et al. 1992, Bate 1999, Mika and Dawson 1999) is a more recent
plasticity model. The CPFEM model is based on finite element mesh placed over the
microstructure (each element represents a single grain, or part of a single grain), and the
crystallographic texture is represented by statistical distribution of orientations
representing a few thousand grains. The orientations are chosen such that they offer a
suitable representation of a macroscopic RVE, i.e. a volume element large enough to
have the average properties of the polycrystalline material. This means that both lattice
orientations, locations of grains with given orientations, grain shapes and sizes and
orientation of grain boundaries are all chosen at random from a real microstructure in a
representative way. Usually all this is done in a rather rudimentary way and much
progress can still be made in this field, for example by incorporating topological data
obtained by using orientation imaging microscopy. However, the CPFEM model
requires two orders of magnitude more calculation time than other advanced
polycrystalline plasticity models. Therefore, this model is practically impossible to use
for industrial forming simulations (Van Houtte et al. 2005).
However, newer polycrystalline plasticity models which are much faster than the
CPFEM models but still reach a comparable quantitative accuracy have been developed.
In these so-called “multi-grain” models, the Taylor condition is no longer enforced on
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each individual grain; it is only required that the average deformation of all grains
belonging to a cluster is equal to the macroscopic deformation. The Taylor condition is
then maintained at the boundary of the cluster. It is clear that this boundary is artificial, 
since in a real microstructure this boundary usually does not have a different character
than the grain boundaries inside the cluster. It is also clear that the choice of N, the
number of grains in the cluster, size and shape of the cluster are very important. It is
possible to obtain a FC Taylor model (N=1), Sachs model (N=very large) and anything
in between. The most widely known multi-grain models are the LAMEL model (Van
Houtte et al. 2002) and its new “brother”, the advanced LAMEL (ALMAEL) model
(Van Houtte et al. 2005) both with N=2, together with the Grain Inter-Action (GIA)
model (Crumbach et al. 2001 and Engler et al. 2005) having N=8. Figure 2.11 presents
an illustration of the two most common types of grain clusters in the LAMEL model as 
well as the grain cluster arrangement used in the GIA model. It is much more
complicated to investigate the selection of activated slip systems for these more
advanced models. The number of activated slip systems in the individual grains is 
dynamic and depends on the orientations’ composition within the cluster. It is therefore
difficult to determine the number of activated slip systems for the individual grains 
(orientations) and it is reasonable to assume that the number of activated slip systems for
one orientation can vary from one to five.
It should be noted that LAMEL and ALAMEL model simulations do not need
significantly more calculation time then a standard FC Taylor calculation. The GIA
model does need more time, but not so much as the CPFEM model (Van Houtte et al.
2005).
It has been shown that these new and more advanced polycrystalline plasticity models
give far better predictions of deformation texture than the more standard models
presented above (see e.g. Li and Van Houtte 2002 and Van Houtte et al. 2005).
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Figure 2.11 – Schematic illustration of the two most common types of grain clusters in
the LAMEL model (left, Van Houtte et al. 2005) as well as the grain cluster arrangement
used for the eight grains in the GIA model (right, Crumbach et al. 2004).
2.3 Texture 
Most polycrystalline materials contain grains with crystallographic orientations that are
not randomly distributed but instead are clustered to some degree around a particular
orientation or set of orientations. Materials in which the grains are oriented non-
randomly are said to have a preferred orientation or texture. The mechanical and thermal
history of a specimen determines the nature of the texture that is developed. This section
is concerned with the basic features of texture and texture measurements. Texture
development in aluminium alloys and the effect of crystallographic texture are also
treated to some extent. 
Figure 2.12 – The sample fixed coordinate system KA and the crystal fixed coordinate
system KB in a sheet (Bunge 1983).
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2.3.1 Orientation of individual crystallites
The texture of a polycrystalline material is often defined as the orientation distribution
function (ODF) of all the crystallites. A sample coordinate system KA is defined in order
to describe the orientation of the individual crystallites. In the same way, each crystallite
is given a crystal coordinate system KB, and the rotation g (crystallographic orientation)
which is specified with respect to the sample-fixed coordinate system KA.
 (11)BK K g A
The crystal coordinate system may conveniently be adapted to crystal symmetry, e.g. the
cubic axes [100], [010], [001] of the unit cell. Also the sample coordinate system will
usually be adapted to sample symmetry, e.g. RD (ED in extruded profiles), TD, ND in
sheet metals as shown in Figure 2.12.
Figure 2.13 – Two representations of the orientation g (a) Miller indices (hkl)[uvh] (b)
Euler angles {M1, ), M2} (Bunge 1983)
The two most common ways to represent the orientation g which describes the
crystallographic orientation of the individual crystallites are Miller indices and Euler
angles as shown in Figure 2.13. The Miller indices represent the orientation given by the 
plane (hkl) parallel to the rolling plane (extrusion plane in extruded profiles) and the
direction [uvw] parallel to the rolling (extrusion) direction:
 > @hkl uvw g  (12)
Euler angles are by far the most widely used representation of crystallographic
orientations. Here the orientation is described by a set of three dependent Euler angles.
The Euler angles are obtained by initially putting the crystal coordinate system parallel
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to KA (the red orientation in Figure 2.14) and then rotating the variable coordinate
system until it reaches the orientation g (the green orientation in Figure 2.14). First, the
crystal is rotated about the ND-axis through the angle M1. Then it is rotated about the
new RD’-axis through the angle ). Finally the variable frame is again rotated about the 
new ND”-axis (001) through the angle M2. The definition of the Euler angles is presented
in Figure 2.14. This representation is often referred to as Bunge notation:
^ 1 2, , ` M ) Mg  (13)
Figure 2.14 – Definition of the Euler angles by use of the Bunge notation (after Engler
2004).
2.3.2 Orientation distribution
In polycrystalline materials, crystallites of different shape, size and orientation are 
generally present. It can thus also occur that regions of different orientation are not
separated from each other by clearly defined grain boundaries. On the contrary,
continuous orientation changes are often observed through the microstructure. Variations
within the specimen make it necessary to specify the orientation g of each position 
through the specimen volume in order to completely describe the crystal orientation of a
polycrystalline material. Such a representation of the crystal orientation is very
complicated, and its mathematical treatment so advanced that it is not practically
applicable. However, a good approximation is obtained by considering only the
orientations and not the position coordinates of the individual crystallites within a
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volume element of the sample. If the totality of all volume elements in the sample which
possess the orientation dg is denoted dV, and the total sample volume is denoted V, then
an orientation distribution function can be defined by (Bunge 1983):
 d f d V g g
V
 (14)
This is the orientation distribution of the volume and f(g) the orientation distribution
function which is a description of the crystallographic texture of the material. A material
without any crystallographic texture has f(g)=1. The crystallographic texture of a
material is often presented by an orientation distribution function (ODF) plot but also
different kinds of pole figures are widely used to represent the texture. The orientation
distribution function of a material can, for example, be calculated from the EBSD
measurements obtained in the SEM.
2.3.3 Electron backscatter diffraction (EBSD) 
Electron backscatter diffraction (EBSD) has become a common technique used in the
characterisation of polycrystalline materials. EBSD in the scanning electron microscope
(SEM) is a technique that can provide a vast amount of information about crystalline
materials. Orientation imaging mapping (OIM) performed on a grain-by-grain basis
provides information about the crystallographic orientation of the individual grains in a
material (microtexture) and the relation of these orientations to significant
microstructural features (Randle and Engler 2000). Since the very beginning of this
technique has the Norwegian University of Science and Technology been a pioneer
within EBSD (Hjelen 1990). In fact, the 3rd commercial EBSD system available was in
1985 installed at SINTEF/Norwegian Institute of Technology (NTH) by David Dingley
(1984), another pioneer within EBSD. (NTH is now known as the Norwegian University
of Science and Technology, NTNU.) In the very beginning EBSD measurements were
used to manually determine the crystallographic orientation of individual grains. Hjelen
et al. (1991) used this technique to study the origin of recrystallization textures in
aluminium. The technique has since then been used as a powerful tool within both the
metallurgical and geological communities. The crystallographic aspects of plastic
deformation together with the recrystallization behaviour of aluminium alloys have been
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the main focus at NTNU. This work was initiated by Hjelen (1990) and has since then
been continued by several PhD works at NTNU. Skjervold (1993) used the technique to
investigate the orientation gradient evolution in grains during deformation. This was the
first attempt to investigate the microstructure evolution during deformation. In more
recent times investigations of deformation behaviour and microstructure evolution of
large strains have become possible. The deformation and softening behaviour of heavily
cold rolled AA3xxx series alloys have been investigated by Sjølstad (2003) and Tangen
(2004). They used the technique to study both the deformation structure and the 
recrystallized microstructure after annealing. The average grain size and the grain size
distribution were also determined by use of EBSD techniques (Tangen et al. 2002).
Material processed by severe plastic deformation (SPD) develops very small grain sizes
(~4μm) (Iwahashi et al. 1997), and are therefore very difficult to characterise by EBSD. 
Also this problem has been overcome by using field emission scanning electron
microscopes with improved spatial resolution (Tangen et al. 2003). Aluminium alloys
deformed by Equal channel angular pressing (ECAP) has been characterised by
Werenskiold (2004), and the EBSD technique made it possible to perform a detailed
study of the deformation mechanisms operating in the ECAP process. At NTNU there
has also been considerable interest given to characterisation of the microstructure and
through-thickness variations of extruded aluminium profiles, and EBSD has also been
used for this purpose (see e.g. Ryen 2003, Fjeldbo et al. 2005 and Hallem 2005). The
state-of-the-art EBSD work performed at NTNU has lead to a continuous improvement
of this powerful technique.
In-situ EBSD applications have been a new field of great interest for the last few years.
Also here, the SEM laboratory at NTNU has been a pioneer with regard to development
and application of new experimental techniques. The work by Kobberrød et al. (1998)
was the initiation of in-situ EBSD investigations in SEM. Kobberrød et al. performed
heating experiments where they studied the grain boundary migration in aluminium.
Subsequent heating experiments combined with EBSD investigations have been
performed to study the recrystallization behaviour of aluminium alloys (see e.g. Tangen
et al. 2001, Karlsen et al. 2004 and Korsnes et al. 2004). In the last decade, some in-situ
deformation investigations have been performed in order to study the rotation and
deformation behaviour of the individual grains within a polycrystalline material (see e.g. 
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Cizek et al. 1996, Tong et al. 1997, Tatschl and Kolednik 2003, Poulsen et al. 2003 and
Han et al. 2003). For the last couple of years there has been major progress in this type
of work at NTNU.
The EBSD technique can also be used for identification of micrometer or submicrometer
crystalline phases through determination of the characteristic crystallographic parameters
such as crystal plane spacing, angles between planes, and crystal symmetry elements
(Schwartz et al. 2000). This is especially important for characterisation of geological
materials (see e.g. Moen et al. 2004 and Leinum et al. 2004).
2.3.4 EBSD measurements
EBSD patterns are obtained in the SEM by illuminating a highly tilted specimen with a
stationary electron beam. The electrons will be subjected to scattering in all directions
when the electron beam enters a crystalline sample. Some of the electrons will have an 
angle of incidence with the different atomic planes that fulfils the Bragg law: 
 (15)hkl B2 sindO   T
where TB is the Bragg angle, O is the electron wavelength and dhkl is the interplanar
spacing for the crystal plane with the Miller indices (hkl). The electrons that fulfil the 
Bragg law will be elastically scattered and will result in two cones as illustrated in 
Figure 2.15. The two diffraction cones are positioned symmetrically around the
diffracting crystal plane and separated by twice the Bragg angle (2TB). The two cones
will be recorded on a two-dimensional phosphor screen as hyperbolas. However, since
diffraction of the electrons through the Bragg angle is occurring in all directions, the
locus of the diffracted radiation is the surface of a cone which extends about the normal
of the reflecting atomic planes with half apex angle 90 - TB. Hence, the hyperbolas
appear as two almost straight parallel lines on the phosphor screen. These lines are the
backscattered Kikuchi lines, and each pair of these lines corresponds to the diffraction
from a particular crystal plane which produces an electron backscattered pattern (EBSP)
as shown in Figure 2.16. The Kikuchi lines are used to determine the crystallographic
orientation of the material volume generating the EBSP. The formation of the EBSP is
described in great detail by e.g. Reimer (1998) and Wells (1999).
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Figure 2.15 – Schematic illustration of the formation of one set of Kikuchi lines from
diffraction of the electron beam with one family of lattice planes. Left 3D-view (Randle
and Engler 2000) and right 2D-view.
The phosphor screen converts the electrons to light, which makes it possible to acquire
the EBSP by a low-light-level CCD camera (Hjelen et al. 1993). The locations of the 
Kikuchi lines are identified by performing a Hough transformation of the digital images
(Krieger Lassen et al. 1992). The Hough transformation
r x cos y sin  G   G  (16)
makes it possible to describe the Kikuchi lines by their distance r from the origin and the
rotation G of its normal vector as illustrated in Figure 2.16. The position of the pixel
transformed from the EBSP is given by the x and y values. The Kikuchi lines are
transformed to spots in the (G, r) space (Hough transformation space) and the positions
of the peaks can be determined by standard peak findings techniques. The positions of
the spots correspond to the diffracting planes in the sample, and the crystal orientation
can be identified when a sufficient number of planes are determined (Krieger Lassen et
al. 1992).
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Figure 2.16 – A typical EBSP from a material with FCC structure. Each of the Kikuchi
lines can be represented by the two parameters r and G, where r is the shortest distance
from the line to the origin of the x-y coordinate system and G is the rotation of its normal
vector.
The EBSP gives the crystallographic orientation of a position (pixel) on the specimen
surface given by the position of the stationary electron beam. When the orientation of the
given position is determined, the beam moves to a new position where a new EBSP is
generated. The process is repeated several times until the entire area of interest is
analysed. The distance on the specimen surface between succeeding positions are
commonly referred to as the step size. The image acquisition and calculation of the
crystallographic orientations are fully automated and combining state-of-the-art
hardware with high tech EBSD software makes it possible to index up to 43 frames/sec
(Nordif 2005).
The spatial resolution of EBSD measurements are strongly influenced by the tilt angle,
working distance and acceleration voltage. Large sample tilt results in an asymmetric 
spatial resolution. The optimal resolution is obtained parallel to tilt axis. For a tilt angle
of 70°, the resolution perpendicular to the tilt axis is roughly three times the resolution
parallel to the tilt axis.
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The high tilt angle increases the backscatter yield as shown in Figure 2.17 where the
energy distribution from samples perpendicular and tilted 70° with respect to the 
electron beam are compared. This is advantageous because the increased signal improves
the ability to collect EBSP. It is also important to notice that most of the backscattered
electrons in the tilted sample have close to initial electron beam energy. The
crystallographic information in the EBSPs is produced by the electrons that have lost
very little (the high energy peak) while the remainder of the distribution contribute to the
overall background intensity (noise) of the EBSP (Goldstein et al. 2003).
Figure 2.17 – Comparison of energy distribution from a sample perpendicular to and
tilted 70° with respect to the electron beam at 20kV acceleration voltage (Goldstein et al. 
2003).
Monte Carlo electron trajectory simulations have shown that the resolution of EBSD is
related directly to the electron probe size. Hence, it is apparent that higher spatial
resolution can be obtained from SEM instruments with field emission (FE) electron guns
due to the smaller beam size, provided sufficient beam current is available. The spatial
resolution is also a function of the acceleration voltage and the atomic number of the
sample (Humphreys et al. 1999). Higher acceleration voltage and lower atomic number
will degrade the spatial resolution. One study using an FE electron source operated at
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20kV found the spatial resolution in Al to be approximately 30nm (Humphreys et al.
1999).
The acquired EBSP is achieved from a volume very close to the sample surface since
these electrons have lost very little energy. Hence, the size of the interaction volume
depends upon the tilt angle (typical 70°), sample material and the energy of the primary
electrons. Few experimental studies have been conducted to measure the depth
resolution of EBSD, but it is thought to be quite small and of the order of 10-100 nm 
(Goldstein et al. 2003).
The absolute angular resolution of a crystallite is typically obtained with an accuracy of
~2°, depending on the sample alignment and EBSD operating conditions (e.g. 
Humphreys 1999). However, the accuracy in determining the relative orientation
between adjacent data points is of greater importance when studying orientation
gradients and low angle grain boundaries. This accuracy is related to the precision in 
which the orientations of data points within the same crystallite can be determined. It
would be expected that all the orientations are identical if diffraction patterns are
obtained from a single grain within a large-grained polycrystal. However, if the
crystallographic orientation is calculated based on several EBSP acquired from a single
crystal or the interior of a large grain, small orientation deviations will be observed. This 
“orientation noise” is mainly a result of the accuracy in the pattern-solving algorithm and 
are beyond the direct control of the microscopist. However, it has been shown that the
angular resolution is affected by the microscope operating-conditions (see e.g. Krieger
Lassen 1996 and Humphreys and Brough 1999), and this effect has been measured for a
FE SEM as shown in Figure 2.18. The angular resolution obtained with a FE SEM and
satisfying operating conditions on aluminium are found to be in the range of 0.6-1.0° 
(Humphreys 2001).
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Figure 2.18 – The effect of probe current on the angular accuracy in the FE SEM for
single grains in a large-grained aluminium sample (Humphreys and Brough 1999).
2.3.5 Texture components in FCC materials
Deformation texture in FCC metals and alloys are determined primarily by the
deformation mode/modes and the stacking fault energy of the material. It is customary to
refer to the deformation texture in materials with high stacking fault energy, like
aluminium, as “pure metal textures” to distinguish them from the “alloy type textures”
characteristic of materials with low stacking fault energy. The “pure metal textures” are 
often described by a set of four ideal texture components as shown in Table 2.3.
However, the observed deformation texture is not satisfactorily described by these ideal
components, but more accurately by representing the texture as a continuous tube or
fibre of orientations which runs from the Brass through the S to the Copper orientation.
By convention the axis of this tube is called the E-fibre and deformation textures are
often only presented in the form of orientation densities along this fibre (e.g. Hirsch and
Lüke 1988). A second fibre, the D-fibre, is also often used to describe the texture. This
fibre extends from the Goss orientation to the Brass orientation (Humphreys and
Hatherly 1996). Figure 2.19 presents a schematic representation of the D- and E-fibre.
The observed textures after recrystallization are completely different from the
deformation textures. However, the recrystallization texture is strongly dependent upon
the deformation texture prior to annealing. Also the recrystallization texture can be
described by a set of several ideal texture components as shown in Table 2.3. The Cube
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component is often the most dominating of these components. This orientation has [100]
directions aligned with the principle sample axes (extrusion direction (ED), transversal
direction (TD) and normal direction (ND)). The recrystallization texture observed in
extruded aluminium profiles is often best described as a continuous fibre extending from
the Cube (C) orientation to the Goss (G) orientation. This texture is frequently referred
to as the ED rotated Cube texture. Figure 2.20 presents a schematic representation of this
fibre in the pole figure as well as the M2=0 section of the ODF. This figure also includes
an additional texture component introduced to get a better description of the fibre. The
CG component is the Cube orientation rotated 22.5° around the ED, i.e. the CG
component is oriented halfway between the Cube and Goss orientations.
Figure 2.19 - Schematic representation of the FCC rolling texture in the first subspace of 
the three dimensional Euler angle space. The representation of ideal texture components:
Copper (here C), S, Brass (B) and Goss (G) are also indicated (Hirsch and Lüke 1988).
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Table 2.3 – Ideal deformation and recrystallization texture components observed in FCC 
metals.
Miller indices Euler angles 
Texture component 
^ `hkl uvh 1M ) 2M
Deformation
Copper, Cu ^ `112 111 90° 35° 45°
S ^ `123 634 59° 37° 63°
Brass, B ^ `011 211 35° 45° 0/90°
Goss, G ^ `110 001 0° 45° 0/90°
Recrystallization
Cube, C ^ `100 001 0° 0° 0/90°
CG ^ `520 001 0°° 22.5° 0/90°
Goss, G ^ `110 001 0° 45° 0/90°
ND-rotated Cube ^ `001 110 45° 0° 0/90°
P ^ `011 122 65° 45° 0°
R ^ `124 211 57° 29° 63°
Figure 2.20 – Location of the ideal recrystallization texture components frequently
observed in extruded aluminium profiles presented in the 002 and 111 pole figures as
well as the M2=0° section of the ODF. 
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2.4 Anisotropy and formability
The formability of a material defines its ability to withstand plastic deformation without
failure. The ability to be formed into various geometrical shapes is one of the most
important properties of metals and alloys. However, the formability will be strongly
dependent on the orientation of the sheet or profile in the forming process. Hence, a
good understanding of the directionality of properties may be used to improve and
optimise forming operations.
An isotropic material has equal mechanical properties in all directions. Most metals used
for practical applications exhibit a directional dependency of the mechanical properties.
The tensile properties (yield strength, ductility, r-value etc.) is often observed to vary
with the principal direction of deformation, hence relative to the rolling or extrusion
direction. This phenomenon is referred to as mechanical anisotropy, and is treated in
more detail in the following.
2.4.1 Mechanical anisotropy
Several factors are responsible for the mechanical anisotropy observed in metals and
alloys. The most important factor is probably the texture or crystallographic anisotropy.
However, also grain shape, precipitates and dislocation structures may influence the
mechanical properties (see e.g. Bate et al. 1981, Chung et al. 2000 and Ekstrom et al. 
2002).
While a single crystal is highly anisotropic, an aggregate of completely differently
orientated grains might be almost isotropic. This relates to the variation in strength of
different orientations, which for a tensile test is given by the Schmid value (m) for each
individual grain. In a polycrystalline material with crystallographic texture a large
number of the individual grains have approximately the same orientation, causing
anisotropy.
Mechanical properties like yield strength, ultimate tensile strength, uniform strain and
plastic strain ratio are of special interest for manufacturers and other material consumers.
The strength parameters are closely connected to the Taylor and Schmid factors. The
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plastic strain ratio is normally given as the r-value or Lankford coefficient. For a tensile
test this parameter is defined as
w
t
r
H
 
H
 (17)
where Hw is the width or transversal strain and Ht is the thickness strain. Hence the r-value
gives a relation between the contractions in the transverse and normal direction. In the
case of r=1, the contractions are equal in the two directions and the formability is good.
However, if the r-value is small, the thickness contraction is large and the material has a 
high susceptibility for failure. This happens because the material rapidly goes into a state
of plane strain and instability occurs (Marciniak and Duncan 1992).
A classical example of anisotropy and formability is the deep-drawing operation of a cup
from a textured sheet. Firstly, as the strength varies with direction, a variation in the
resistance towards flow will result in an orientation dependence of the elongation. This
appears as “ears” on the top of the cup, since a weak direction will have a low flow
resistance with an ear as the result. Secondly, a variation in r-value around the cup circle
will give different thinning of the cup wall. Normally, these are undesired effects, as 
they limit the formability, give varying properties and increase the amount of scrap.
However, the mechanical anisotropy can also give beneficial results if taken into account
during design and production, e.g. by placing the strong directions at critical positions in
the final product.
2.4.2 Texture-based calculations
The mechanical properties and their directional dependency can be approximated based
on the crystallographic texture acquired from the EBSD measurements. The Schmid
value of all tensile directions can be calculated directly from the crystal orientation of the 
individual grain and the deformation direction (DD). Further, the Taylor factor in the
different directions can be calculated from the different polycrystalline plasticity models
like the Taylor and Self-Consistent models. These models can also be used to calculate
the theoretical r-values of the material. However, it is important to remember that the
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accuracy of these calculations is dependent on the accuracy of the plasticity model
applied.
2.5 Microstructural evolution
The microstructure of a material exposed to plastic deformation will clearly be altered.
The generation and migration of dislocations, and the subsequent interaction, storage and
recovery of the dislocations are fundamental to evolution of the deformation structure
(see e.g. Dieter 1988 and Humphreys and Hatherly 1996). Clear changes in
microstructure are evident first at high strains, but some small changes are detectible
already at initial plastic deformation much less than 1% plastic strain.
2.5.1 Slip traces
The polished surface of a metal crystal deformed plastically will become covered with
one or more sets of parallel fine lines called slip traces, bands or lines. The early work of 
Ewing and Rosenhain (1900) showed that there were steps in the surface resulting from
microscopic shear movements along well-defined crystallographic planes, i.e. surface
relief due to slip caused by the plastic deformation on the individual slip planes. Figure 
2.21 presents an illustration of the grain structure covered with slip traces. The figure
also shows that the deformation of each grain is accomplished by small blocks of the
crystal sliding past each other along parallel sets of planes. The slip does not occur on 
just one plane but are localised to small regions of parallel planes.
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Figure 2.21 – (a) Illustration of grain structure revealed by slip traces. (b) Slip plane
intersection with specimen surface due to crystallographic slip (Verhoeven 1975). 
The observed slip plane traces are often characterised by the in-plane angle Eobs (the
angle between the observed slip traces and the DD). The slip direction (s) and slip plane
normal vector (m) of the 12 potential slip systems for all individual grains are expressed
in the specimen axis system as:
, ,-1 0s = G s
-1
0m = G m c G gg  (18)
where s0 and m0 are the slip direction and slip plane normal vectors in the
crystallographic frame respectively, g is the orientation matrix of a grain defining the
position of the crystallographic axes with respect to the specimen axis system (Schwartz
et al. 2000), and g´ is the rotation from the specimen to the crystallographic system.
Further, the s and m vectors from the EBSD results are used to calculate the theoretical
angle Etheo for the four {111}-planes. Another parameter calculated from the same
results, is the theoretical out-of-plane angle Dtheo between the slip direction and the
specimen surface normal. This parameter is important because slip planes with a low
Dtheo will not produce visible slip traces since the out-of-plane movement can not be
detected. The parameters Dtheo and Etheo were computed according to 
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where the suffixes i and j represent the inspected slip direction and slip plane
respectively.
2.5.2 Transition and kink bands 
Microstructural heterogeneities like transition and kink bands may appear at higher
strains. Transition bands are defined as bands separating different parts of a grain which
has split and rotated away from each other during deformation (Hu 1962). These bands
develop when neighbouring volumes of a grain deform on different slip systems and
rotate toward different crystallographic orientations. In many cases deformation bands
occur with approximately parallel sides and involve a double orientation change A to C
and the C to A (i.e. Humphreys and Hatherly 1996). A deformation band of this special
type will be called a kink band following the nomenclature of Orowan (1942). Figure
2.22 presents an illustration of both transition and kink bands within a grain.
Figure 2.22 – Schematic illustration of transition bands (A-B) and kink bands (A-C-A)
(Humphreys and Hatherly 1996).
2.5.3 Shear banding
At high strains (cold rolled material) a new mode of deformation occurs and a new
microstructural heterogeneity appears. Shear bands were described in detail by Adcock
(1922) but were largely forgotten until the work of Brown (1972). Shear bands are bands
of highly strained material formed as a result of strain instability occurring after large 
deformations. This phenomenon occurs when the dislocation storage capacity of the
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material is almost exhausted. At this stage the material becomes unstable with respect to
shear, and shear banding becomes an alternative macroscopic slip mode which
accommodates strain accumulation during stage IV hardening. The microstructure inside
the bands consists of cells/subgrains that are elongated in the band direction, which
appears to be sharply misoriented (10-40°) with respect to the surroundings (Hatherly
1978). The material within the heterogeneity is softer then the surrounding matrix, the
bands are non-crystallographic and macroscopic, and are often found with an orientation
relationship of 35-38° to the deforming plane (Roven and Nes 1984). Shear bands can
extend over distances of several grains or even through the whole specimen. Shear
banding in aluminium alloys is often associated with the addition of magnesium, and the 
shear bands are frequently observed as failure mechanism in quenched Al-Zn-Mg alloys
(Chung et al. 1977, King et al. 1982, Søreng 1997, Fjeldly et al. 2001). For a more
comprehensive description of shear banding in aluminium alloys see e.g. Humphreys
and Hatherly (1996).
2.6 Strain measurements
The strain introduced to a material during deformation (typically simple tension
deformation) is often easily characterised by the average linear strain (e), which is 
defined as the ratio of change in length ( L' ) to the original length ( ).0L
0
0 0
L LLe
L L
'   (20)
This definition of strain is satisfactory for elastic strains where L'  is very small.
However, in plastic deformation the strains are frequently large, and the gauge length
changes considerably. Ludwik (1909) first proposed the definition of true or natural
strain (H) which obviates this difficulty. In this definition of strain the change in length is 
referred to as the instantaneous gauge length, rather than the original gauge length
(Dieter 1988).
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The two different definitions of the strains give close to identical results up to a strain of
~0.1 but after this point the average linear strain (e) gives much higher results than the
true strain.
The change in length during simple tension deformation is normally obtained by using a
high accuracy strain-gauge extensometer. However, there are several disadvantages of
using extensometers to measure the displacement during deformation. First of all, strain-
gauge extensometers provide only a one-dimensional measure of the strain, i.e. two
extensometers have to be applied in order to simultaneously measure both the
longitudinal and transversal strains. Note that calculations of the plastic strain ratio are
based on both strains as shown in section 2.4.1. More important, strain-gauge
extensometers only represent the average behaviour of the material in the measurement
area, i.e. between the legs of the extensometer. Therefore, the extensometer measure is
only valid when the material behaviour is homogeneous within the measurement area.
This is especially a problem in materials with very heterogeneous deformation behaviour
(Al-Mg-Si and Al-Zn-Mg alloys due to the Portevin-Le Châtelier effect, etc.). Local
strain investigations (meso and micro scale) are also very difficult using strain-gauge
extensometers.
Over the last two decades new non-contact measurements techniques have appeared.
Mostly based on optics, their principles rely on either beam light/sample interaction, i.e. 
interpretation of interference fringes (see e.g. Tu et al. 1997 and Steinchen et al. 1998) or
on correlation techniques, i.e. tracking the motion of geometric grids (see e.g. Chu et al. 
1985 and Mguil-Touchal et al. 1997). The two techniques can also be combined as
shown by He et al. 2002, Laraba-Abbes et al. 2003 and Zhang et al. 2003.
The accuracy of the former technique is in the order of a few wave-lengths (typically
0.2-0.3μm). However, they are limited to small displacement gradients i.e. small strains.
The latter technique, on the other hand, is less accurate but does not have any limitations
with respect to strain. Among those techniques, digital speckle correlation analysis
(DSCA) has become widely used. It only requires the surface of the specimen to have a
random speckle and pictures of that surface at different instants during deformation.
Applications are common at both the macro (Wattrisse et al. 2001, Dumoulin et al. 2003)
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and micro-meter scales (Doumalin et al. 1999, Knauss et al. 2003). In the following
section, the theory behind DSCA will be presented in some more detail.
2.6.1 Digital Speckle Correlation Analysis
This strain measurement technique was initially developed by Mguil-Touchal et al. 
(1997). The principle of the method consists in comparing two digital images of a same
object surface with a random surface appearance. The first micrograph is acquired prior
to deformation while the second is acquired after deformation (tensile test, shearing test, 
etc.). When the original specimen surface does not have a random appearance, this must
be obtained artificially. For ordinary simple tension specimens where the meso/macro
properties are investigated, this can be obtained by some simple black and white spray
paints. However, when the strains at the grain level should be investigated, more
advanced techniques must be applied. A gold grid deposit on the sample surface is an
example of such a technique, and section 4.1.2 describes the production of a gold grid
with a grid size of 10μm in more detail.
The technique compares the acquired images using a grey level correlation coefficient. 
In other words, points from the initial image will be found on the final image with a
precision lower then a camera pixel.
The image in which the strain is to be analysed is divided into a certain number of grid 
elements with sides Lp (Figure 2.23), user defined by a given number of pixels. Around
each of the four points of a grid element, a square analysis zone or subset is defined by
another given number of pixels.
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Figure 2.23 – Illustration of the correlation subset and the grid elements on a digital
image.
The initial grey level of the micrograph/frame is represented by the discrete function
 ,f x y  which on the deformed micrograph/frame  ,f x y   , becomes (Vacher et al. 
1997):
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with  ,u x y  and  ,v x y  being the displacement fields for one given grid element as 
shown in Figure 2.24. These displacement fields are obtained for every grid element by 
using the correlation method between an initial image grid element and its successor in 
the deformed micrograph. The calculations are based on the comparison between a
subset of the initial image and its counterpart in the deformed image by computing the 
correlation coefficient (Vacher et al. 1997):
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where  is the area of the concerned correlation pattern on the initial image. For a
perfect correlation,
ǻS
   , , , Cof x y f x y   r 0   and for an imperfect correlation,
. The correlation coefficient is used as an indicator of the similarity degree
between the two subsets. The first subset is centred on a pixel of the initial micrograph
0 Cor 1! !
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and is always square, while the second is in a subpixel position in the deformed
micrograph and is a quadrilateral.
When the displacement fields are determined by the correlation technique, these can be
used to calculate the local planar strain distribution in the material. 
The theoretical background for the DSCA technique presented in this section is based on
the work performed by Vacher et al. (1997), thus a more comprehensive review of the
DSCA technique may be found in this work.
Figure 2.24 – Displacement field  ,u x y  and  ,v x y  between an initial and a deformed
micrograph (Vacher et al. 1997).
2.7 Earlier work – State-of-the-art 
So far, Chapter 2 has only given the general theoretical background for the
characterisation and plasticity discussed and the experimental techniques applied. The
remaining of this chapter will be used to review the state-of-the-art among earlier works
within the topics treated in this thesis. The chapter will also include a review of available
in-situ techniques as well as an evaluation of their strength and weaknesses.
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2.7.1 Crystal plasticity
Crystal plasticity has been one of the main topics for this work, as it also has for a
impressive number of other studies throughout the last century. As already mentioned in
Chapter 2.2, crystal plasticity is the bases for the improved knowledge concerning
mechanical properties such as anisotropy and forming behaviour.
A better understanding of the deformation mechanisms taking place during deformation
stimulated the research of understanding mechanical anisotropy. Experiments performed
on single crystals made it possible to study directional dependency in great detail. The 
early works of e.g. Ewing and Rosenhain (1900) and Schmid and Boas (1935) provided
a thorough understanding of the mechanical anisotropy of single crystals. This
understanding of anisotropy was based on crystal symmetry. The classical
polycrystalline plasticity models are based on this knowledge coupled with the
information from the crystallographic texture (Sachs 1928, Taylor 1938, Bishop and Hill
1951). A more detailed description of these models was given in Chapter 2.2.
At the end of last centaury, crystal plasticity models were combined with finite element
(FE) simulations in order to predict material properties after deformation, e.g. texture
evolution during forming. Aukrust et al. (1994) simulated the texture development
during extrusion of a profile comparable to the profiles investigated in this work by use
of the Taylor model integrated into a FE-model. By using this technique, Aukrust et al.
(1994) were able to predict the texture variations often observed through the thickness of
an extruded profile. These investigations were part of a significant research project
initiated by Hydro Aluminium in order to obtain a better understanding of crystal
plasticity and how it could be used to understand the mechanical properties after 
processing (see e.g. Bauger 1994, Aukrust and Vatne 1994, Irgens et al. 1995 and 
Aukrust et al. 1997).
The knowledge acquired by coupling crystal plasticity and FE-simulations made it
possible to better understand the deformation mechanisms operating during deformation.
Hence, this knowledge were of great industrial importance and resulted into several great
works within the topic “through-process–modelling” (see e.g. Marthinsen et al. 2002,
Furu et al. 2004 and Neumann et al. 2005).
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2.7.2 Mechanical anisotropy and forming behaviour
Mathematical models utilising crystal plasticity theory and phenomenological models of 
elastoplasticity have also be used to predict the effect of mechanical anisotropy on 
formability (see e.g. Lademo et al. 1999, Lademo et al. 2002, Lademo et al. 2005 and
Fjeldbo et al. 2005). Forming limit diagrams (FLD) has been computed and compared to
experimental results, showing that this technique is able to predict the forming limit of
various materials.
Forming of extruded aluminium profiles is important for several industrial applications.
Extruded profiles are often found to possess mechanical anisotropy, which has to be
fully understood in order to make use of the competitive advantage of utilising these
profiles formed to complex shapes. For this reason, it has also been performed several
detailed experimental studies of anisotropy in extruded profiles at the Norwegian
University of Science and Technology (see e.g. Søreng 1997, Iveland 2000 and Ryen
2003).
Further, it is known that aluminium processed by either extrusion or rolling often 
possesses through-thickness variations (see e.g. Engler et al. 2000 and Turner et al.
2002). This is especially true for commercial Al-Li based alloys that normally develop
strong through-thickness texture gradients (Peters et al. 1986, Bowen 1988, Engler and
Lücke 1991). The heterogeneous processing conditions taking place during rolling is
assumed to give rise to the gradients observed in rolled sheets. During rolling, the
deformation of sheet ingots changes from shear influenced at the surface to plane
compression along the centreline. Also the amount of deformation varies quite
significantly through the sheet thickness. It is expected that the variation in deformation,
coupled with the recrystallization that sometimes occurs during heat-treatment, produce
an evident gradient in crystallographic texture through the sheet thickness. The
processing taking place during extrusion is normally much more heterogeneous than the
processing conditions observed during rolling (Valberg and Malvik 1994). Hence, it is
therefore concluded that also extruded products can develop strong through-thickness
variations (Przystupa et al. 1994), especially for profiles subjected to large reduction
during extrusion (see e.g. Aukrust et al. 1996, Aukrust et al. 1997, Søreng 1997,
Pettersen 1999, Fjeldly 1999 and Iveland 2000).
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It is worth noticing that the majority of these investigations have been focusing on
explaining the texture evolution that take place during plastic deformation, while only a
modest fraction of these works have been devoted to how the forming behaviour is
affected by thickness variations. The PhD work of Xiao-Hu Zeng (1995), titled
“Anisotropy of Plastic and Elastic Deformation of Al-Li Alloys”, is one of few works
totally devoted to the correlation of the plastic properties and the texture gradients. Zeng
studied the crystallographic texture changes through the thickness of some rolled sheets.
He found from texture-based calculations, that the texture gradient had a strong effect on
the shape of the yield loci and the forming limit diagram (FLD) (Zeng et al. 1994, Zeng
and Barlat 1994).
2.7.3 Deformation mechanisms
The work of Xiao-Hu Zeng among others was based on the assumption that the yield
loci shape was determined by the deformation mechanisms operating locally. Hence,
different deformation mechanisms were dominating at different positions through the
thickness. For the last decades, the selection of different deformation mechanisms has 
been a very important topic of research. Computer modelling has tried to implement
these mechanisms by developing more advanced crystal plasticity models. The new GIA
and ALAMEL models are examples of such more sophisticated models (Van Houtte et
al. 2005).
Slip traces have been used for decades in order to study the plastic deformation of 
crystals. For example, in the middle of the last century the different stages (stage 1-3) of
hardening were extensively investigated by use of slip traces (see e.g. Diehl 1955 and
Cahn 1950). Detailed investigations of slip traces and how these develop during
deformation have also been used to reveal information about the slip planes activated
and how the deformation structure develops during deformation (Honeycombe1984,
Søreng 1997).
This information has been combined with information about the crystallographic
orientations and used to predict the number of slip systems activated for individual
crystallographic orientations (see e.g. Delaire et al. 2000, Nibur and Bahr 2003, Choi et
al. 2004). Delaire et al. (2000), Zhang and Tong (2004) and Henning and Vehoff (2005)
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have all studied the development of secondary slip traces during simple tension of
polycrystalline materials and they have shown that the grains deform by multiple slip at 
very low strains (4% deformation) and close to 50% of the grains investigated develop
additional slip traces locally. 
Also crystallographic rotations during deformation and how these rotations are related to
the deformation mechanisms have been studied to a large extent by these techniques. It
has become possible to follow the rotation paths of individual orientations, hence given
more insight into how slip enforces crystallographic rotation (see e.g. Han et al. 2004). 
Even though it is commonly agreed that the mechanical anisotropy, and by that the
forming behaviour, to a large extent is controlled the crystallographic texture (Althoff
1971), the understanding of mechanical anisotropy is still an important topic within
material science. The distribution of solute elements and precipitates (Barlat and Liu 
1998) and the microstructure (Winther et al. 1997) has also been known to alter the
anisotropy. The section below will present earlier work on how age-hardening affect the
mechanical anisotropy.
2.7.4 Age-hardening
Age-hardeing (particle strengthening) has been studied in great detail after the
phenomena was first discovered by Wilm in the beginning of last century (1911). At that
time, it was impossible to understand the underlying physical processes. However, the 
introduction of dislocations (Orowan 1934, Polanyi 1934, Taylor 1934) together with
new and more advanced experimental techniques (high-resolution transmission electron
microscopy (TEM)) has made it possible to study and explain the observed particle
strengthening mechanisms. It has been shown that the particles act as obstacles to the
dislocations movement (slip) and thus reduce their mobility. These obstacles can be 
overcome in two basically different ways, either by shearing or by bypassing (Nembach
1997). The latter mechanism has been suggested by Orowan (1948) and was
subsequently named after him (the Orowan mechanism).
In the work of Bate et al. (1981), they studied changes in plastic anisotropy
accompanying precipitation from a supersaturated solid solution of an Al-4%Cu. These
49
Theoretical background
authors showed that the investigated material possesses a strong angular dependency of
the plastic strain ratio in supersaturated solid solution. They reported that the anisotropy
disappeared after artificial ageing to the peak-aged condition (T6) and reappeared after 
ageing to the substantially over-aged condition (T7), as shown in Figure 2.25.
Figure 2.25 – Variation in r-value with test direction in Al-4%Cu in solution treated and 
artificially aged conditions compared with predictions of texture analysis (Bate et al.
1981).
It has been performed several interesting studies of how the plastic behaviour of a
material has been altered due to the introduction of precipitates (see e.g. Hornbogen and
Gahr 1975, Barlat and Vasudevan 1991, Hornbogen and Starke 1992, Sehitoglu et al.
2005 and Poole et al. 2005). A common observation is that precipitates alter the
coarseness of slip taking place during deformation. During investigations in crystal 
plasticity, it has been reported that heterogeneous slip is favoured by low stacking fault
energy, alloying elements in solid solution, shearable precipitates, when few slip systems
are operating and with large grain sizes. Fine slip on the other hand, is favoured by by-
passed particles, many operating slip systems and small grain sizes (Hornbogen and
Gahr 1975).
Furthermore, the precipitate diameter (d) increases during ageing (see e.g. Hornbogen
and Gahr 1975). It has been suggested that the transition from shearable to non-shearable
precipitates takes place when the precipitates reach a critical diameter (dc). Then
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precipitates have to be by-passed by the moving dislocations. Further, this means that a 
transition between localised and more homogeneous deformation will be dependent on
the particle size as indicated in Figure 2.26. As indicated by the figure, dislocations tend
to move along well-defined paths (the path of the first dislocations passing through the
grain upon early stages of plastic deformation) when the precipitates are shearable
(localised deformation). Several explanations have been proposed for this behaviour.
Hornbogen and Gahr (1975) suggested that the localisation was related to local softening
of the slip plane due to a decrease in precipitate strength. More recent investigations (e.g.
see Poole et al. 2005) indicate that this matter is much more complicated and the
observed localisation could possibly be more like an intrinsic property of aluminium
alloys. In other words, when a dislocation source is activated, this source tends to stay
active and will therefore suppress competing dislocation sources. On the other hand,
when the dislocations have to overcome the precipitates by by-passing, they try to avoid
any interaction with the precipitates, i.e. the slip distribution is more homogeneously
distributed when the precipitate size is larger than dc.
Figure 2.26 – Consequences of dc on strain localisation. Shearable particles leading to
strain localisation (left) and non-shearable particles leading to more distributed
deformation (right) (Hornbogen and Starke 1992).
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2.7.5 Available in-situ techniques
The introduction of sophisticated in-situ techniqes has inaugurated a new era within
material science. These new techniques have made it possible to study deformation
mechanisms, annealing behaviour (see e.g. Ferry 1998, Juul Jensen 2005 and Lens et al.
2005) and phase transformations (see e.g. Gourgues-Lorenzon (2007) for a 
comprehensive review) in a way that were completely unrealistic only a couple of
decades ago. In general, these techniques can be utilised for all the topics listed above.
However, this section will focus on techniques most frequently used to study 
deformation mechanisms. Deformation mechanisms can basically be studied by use of
three principally different methods:
x Normal characterisation and investigations of pre-deformed samples
x Surface investigations during in-situ deformation
x Bulk investigations during in-situ deformation
Normal characterisation and investigations of pre-deformed samples 
Investigations of pre-deformed samples are in many regards the least sophisticated and
most “old-fashioned” method, but still very useful to study deformation mechanisms.
The PhD-works by Søreng (1997), Iveland (2000) and Ryen (2003) acquired information
of the operating deformation mechanisms by use of this method.
The researchers at the Risø National Laboratory in Denmark have performed several
detailed investigations on dislocation boundary formation and the dislocation structure of
the material by studying pre-deformed samples in the transmission electron microscope
(TEM) (see e.g. Wert et al. 1997, Wert 2002, Wert and Huang 2003, Winther 2004 and
Li et al. 2006). The drawback with this method is that it is impossible to investigate the
same area several times. Hence, the evolution of individual grains during deformation
can not be studied.
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Surface investigations during in-situ deformation
The deformations mechanisms operating at the sample surface can be studied by
investigating the sample surface during deformation. Placing a deformation unit inside
the chamber of a scanning electron microscope (SEM) allows this type of investigations.
Rémi Chiron and his group at the CNRS – PMTM laboratory in Paris have been pioneers
when it comes to in-situ deformation in the SEM (Chiron et al. 1996, Delaire et al. 
2000). Other groups have also performed detailed investigations of the deformation
mechanisms by use of this method in combination with EBSD-investigations. The
impressing works by Zhang and Tong (2004) and Han et al. (2003), which have studied
the microstructure and crystallographic rotation evolution respectively, are such 
examples. Also the group at McMaster University in Canada have started to utilise this
method in order to obtain a better understanding of deformation mechanisms operating
during forming of aluminium (Kang et al. 2005, Kang et al. 2006).
Bulk investigations during in-situ deformation
Bulk investigations are the most advanced method for studying deformation
mechanisms. The method is based on diffraction with focused hard x-rays.
Consequently, synchrotron radiation facilities are necessary in order to utilise this 
method. The “Metal Structures in Four Dimensions”-group at the Risø National
Laboratory in Denmark should have credit for bringing this work forward, and they have
developed methods that make it possible to follow the deformation of individual grains
within the bulk material (see e.g. Margulies et al. 2001, Nielsen et al. 2001 and Poulsen
et al. 2003). 3D X-ray diffraction (3DXRD) has been widely used both to study rotations
taking place during deformation and recrystallization during annealing. By applying this 
method, it has been possible to study the crystallographic rotation and by that the
deformation mechanisms in great detail (Winther et al. 2004, Winther 2005). The
method has also been used by other groups (see e.g. Forbod et al. 2007), but the
technique is far from being readily available. 
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Comparison between different techniques
X-ray diffraction (XRD) has since the introduction of crystallographic texture been the
reference technique for measuring texture of polycrystalline materials. The 
crystallographic texture obtained with XRD and EBSD has been compared several times
since the introduction of EBSD in the early nineties (Hjelen 1990). Generally, it has been
shown that the measured crystallographic texture is independent of the measuring
technique utilised (Bjerkaas and Sjølstad 2003, Saito et al. 2004). However, when the
grain size exceeds a certain value (typically 50-100μm), XRD can no longer provide
statistically significant data. For very coarse grained materials (>1mm) and for
heterogeneous materials such as welded joints, EBSD can still be used thanks to stage
motion in the SEM. In EBSD, the orientation distribution function (ODF) is then directly
calculated from the individual orientations by taking one point per grain or by taking all
data points and weighting orientation data with the respective area fraction of grains
(Gourgues-Lorenzon 2007). One must however, keep in mind that EBSD is a surface
analysis technique.
When bulk (high energy x-ray diffraction) is compared to surface (EBSD by use of
SEM) investigations, it is clear that bulk studies provide the most reliable results.
However, the cost and complexity of this method makes EBSD/SEM the favourable
alternative when it comes to studying crystallographic rotations of individual grains of a
polycrystalline material. Further, the spatial resolution of 3DXRD is coarser (about a few 
μm) than that of EBSD but the angular resolution is high (~0.05q) (Gourgues-Lorenzon
2007).
As already mentioned above, there is some controversy regarding the results obtained
from in-situ EBSD measurements. The EBSD technique has some considerable
limitations since it only obtain information from the surface region of the specimen. It
can therefore easily be claimed that the technique is insufficient since the acquired
results are not representative for bulk deformation of the material. Hence, the results
only provide a description of the surface behaviour. The works performed by the Risø
group has shown that the rotation paths observed with bulk deformation are consistent
with the rotation paths observed by performing in-situ EBSD investigations in the SEM
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(Bjerkaas et al. 2006). This indicates that the EBSD technique is actually able to capture 
the bulk behaviour during deformation
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3 Materials and material processing
This chapter presents the materials investigated as well as the material processing prior 
and during the present investigations.
3.1 Materials 
This work has focused on commercial aluminium alloys representing high volume
production in the extrusion industry. Two different precipitation hardening alloys from
the Al-Mg-Si system have been investigated (Table 3.1). The two alloys are AA6063
which is a low strength 6xxx series alloy and AA6082 which is a typical high strength
alloy. Both alloys were DC-cast and homogenised (see Figure 3.1) by Hydro
Aluminium, Sunndal prior to any processing. AA6082 contains somewhat more
magnesium and silicon giving rise to higher strength but, more importantly it also
contains some manganese (0.54 wt%). Al-Mg-Si alloys with 0.5-0.7 wt% Mn will
precipitate small Mn-dispersoids of the MnAl6-type at temperatures lower than 705°C.
These dispersoids will prevent recrystallization during hot deformation (Petzow and
Effenberg 1993). As a consequence, AA6063 becomes fully recrystallized while
AA6082 develops a fibrous microstructure with a recrystallized surface layer after 
extrusion. Flat extruded profiles with a cross section of 3 x 205 mm2 were received from
Hydro Aluminium AS. Previously, these profiles have been characterised and 
investigated within the VIRFORM project (van der Winden et al., 2002), hence the
properties of these materials have already been reported extensively, e.g. Engler (2002),
Ryen (2003) and Pedersen et al. (2004). All details regarding these alloys and processing
of the investigated profiles are given in Pettersen and Furu (2001a and 2001b).
Table 3.1 – Chemical composition of the two investigated alloys.
Alloy Wt% Mg Wt% Si Wt% Mn Wt% Fe Wt% Cu 
AA6063 0.46 0.44 0.03 0.19 0.006
AA6082 0.67 1.04 0.54 0.20 0.003
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Figure 3.1 – Approximate homogenisation treatments of billets prior to extrusion.
3.2 Material processing
All processing from refining and casting to completion of the final product affects the
material properties. It is therefore important to have detailed understanding of the
processing taking place prior to the investigations performed in this work. 
3.2.1 Extrusion 
Billets with a diameter of 203 mm were extruded into flat profiles with a cross section of
3 x 205 mm2 by Hydro Aluminium AS. The extrusion process was performed at a
reduction ratio of 53 and a ram speed of approximately 15 mm/sec. Immediately after
the outlet of the extrusion die, the profiles were cooled with maximum water spray-
cooling, followed by forced air-cooling. The press conditions are summed up in Table
3.2. The profiles were stored at room temperature for more than two years prior to
further processing and the profiles were therefore received in the naturally stabilised
condition, T1.
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Table 3.2 – Press conditions for the extruded aluminium profiles.
Alloy Billet temp. Container temp. Ram speed Profile temp. front
AA6063a 460°C 440°C 14-16 mm/sec. 515-523°C
AA6082b 515°C 440°C 15-16 mm/sec. 520-543°C
Alloy Profile temp. middle Profile temp. end Temp. after spray cooling
AA6063a 511-528°C 505-517°C ~360°C
AA6082b 518-532°C 503-524°C ~360°C
a Pettersen and Furu (2001a)
b Pettersen and Furu (2001b)
3.2.2 Heat-treatments 
Several different heat-treatments were applied to both alloys in order to produce a wide
range of material conditions. The solution heat-treatment was performed in an air 
circulating furnace at 540°C for 20 minutes followed by water quenching, while the 
artificial age-hardening was performed in an ordinary oil bath at 185°C. The material
was stored at room temperature for 10 minutes between the solution heat-treatment and 
the artificial age-hardening. The ageing behaviour at 185°C was explored in order to 
determine the ageing times necessary to obtain the peak aged (T6) and over aged (T7)
material. This was done by measuring the Vickers hardness after various ageing times
and subsequent water quenching. The obtained ageing curves are shown in Figure 3.2.
These measurements were performed using a 5 kg load, loading time 15 seconds and a
loading speed of 150 μm/s. Based on the ageing curve acquired, the T6 condition was
expected to be reached at 700 and 250 minutes while ageing times 10,000 and 5000 
minutes were necessary to reach the T7 condition for the AA6063 and AA6082
respectively. Specimens were also stored at room temperature for different amounts of
time in order to produce naturally aged material conditions. Table 3.3 presents the
notations used together with a description of all material conditions investigated herein.
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Figure 3.2 – Hardening curves for artificial ageing at 185°C, after solution heat-
treatment at 540°C for 20 minutes.
Table 3.3 – Description of the material conditions investigated.
Material Condition Description
W, 10min Solution-heat-treated and tested 10 min. after water quenching
T4, 3h Solution-heat-treated and naturally aged for 3 hours prior to
testing
T4, 24h Solution-heat-treated and naturally aged for 24 hours prior to
testing
T4, >1kh Annealed and naturally aged more than 1000 hours prior to
testing
T6 Solution-heat-treated and artificially aged at 185°C to peak
strength prior to testing
T7 Solution-heat-treated and artificially aged at 185°C to the over
aged condition prior to testing 
T1 Naturally aged for more than 2 years after extrusion 
3.2.3 Additional processing
Both alloys investigated have a strong crystallographic texture. It was therefore
necessary to perform additional investigations on material almost without texture to 
obtain a more complete understanding of the slip system activation during simple
tension. Some additional processing was therefore performed to reduce the texture of the
extruded AA6063 profile. The profile was first cross-rolled (50% reduction) at room
temperature in a laboratory rolling mill. Cross-rolling reduces the crystallographic
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texture from extrusion, i.e. the cold rolled profiles developed a weak deformation
texture. A consecutive annealing heat-treatment at 520°C for 10 minutes resulted in a
fully recrystallized microstructure with a close to random crystallographic texture. The
material was stored at room temperature for more then 1000 hours in order to reduce the
effect of Mg in supersaturated solid solution.
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4 Experimental techniques
A good and comprehensive understanding of the applied experimental techniques is a
key element in utilizing the results obtained in this work. For this reason, this chapter
will be used to describe the experimental techniques. The background for the selected 
testing parameters will also be commented.
4.1 Specimen sampling and preparation
Specimen sampling from extruded profiles is critical due to expected through profile
variations. Hence, small changes in the sampling position could strongly affect the
testing results. Also specimen preparation is of great importance, especially for EBSD
investigations, since even minor changes in specimen preparation procedure can lead to
significant alteration of the results. The following sections give a detailed description of
the specimen sampling procedures and preparation techniques used during this work.
4.1.1 Specimen sampling
Since extruded profiles are believed to be subjected to variations both through the cross-
section and along the extrusion direction (ED), it is necessary to use strict sampling
procedures in order not to introduce uncertainties.
The profiles investigated were cut into 2-meter-long parts and labelled by Hydro
Aluminium AS. However, this labelling did not include any information about the
position along the total length, making it impossible to determine any relationship
between the different parts and the press cycle. This introduced some uncertainties with
regard to possibilities for variations along the profile length but these were neglected in
the present work.
It is known that extruded profiles, especially very flat profiles, can develop some
variations over the width (Fjeldly 1999). Those investigated in this work had a cross-
section (thickness x width) of 3x205 mm2, hence it was reasonable to assume that they
possess such variations. The variations were avoided by sampling all specimens from the
centre width position of the profile as shown in Figure 4.1. Consequently, the simple
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tension specimens were sampled such that the centre specimen position always intersects
the centre line of the profile. This figure also indicates that an exception was made for 
specimens taken parallel to ED. This was done in order to reduce the consumption of
material. It was assumed that three parallel specimens could be produced without being
influenced by the through width variations. All the simple tension specimens were 
sampled according to the procedures described above.
Figure 4.1 – Sampling positions of simple tension specimens where TD and ED are the
profile transversal and longitudinal (extrusion) directions.
The full thickness tensile specimens were machined from the extruded profile by using
an ordinary CNC cutting machine. The surface was not machined away in order to 
maintain the true full thickness of the material. The applied specimen geometry of full
thickness specimens is shown in Figure 4.2. Sub-size specimens having the same in-
plane geometry and 0.3 mm in thickness were sampled from three different positions
through the profile thickness. The three positions were labelled Position 1, 2 and 3 and 
are taken from the centre, middle and surface part of the profile thickness respectively.
Figure 4.3 and Figure 4.4 present the thickness direction position of the three sub-size
specimens investigated. Investigations on sub-size simple tension specimens were only
preformed in material condition T1.
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Figure 4.2 – Geometry for standard full-size (top) and in-situ SEM specimens (bottom)
for simple tension testing. All dimensions in [mm]. The thickness of the full-size
specimens was either 0.3 mm or full profile thickness (3.0 mm), while the typical SEM 
specimens had a thickness of ~1.0 mm.
Figure 4.3 – Schematic illustration of simple tension specimens taken from different
positions through the profile thickness. Here, ND=profile normal direction.
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The through-thickness texture variations were investigated by testing specimens sampled
from different positions through the thickness. In order to avoid any through width
variations, also these specimens were taken close to the centre line (see Figure 4.1). The
position along the thickness direction (normal direction) were denoted by an S-value
which starts with S=1.0 at the profile surface and ends with S=0.0 in the centre of the
profile. Figure 4.4 presents a schematic illustration of the S-value notation used for the
different positions. The AA6063 and AA6082 were tested at eight and seven different
positions through the thickness, respectively. Table 4.1 summarises the distance beneath
the surface for all positions investigated.
Figure 4.4 – Schematic illustration of the notation used for representing the different
positions through the profile thickness.
Table 4.1 – Distances beneath the surface [mm] and corresponding S-notations applied
for the different through-thickness positions.
Alloy S=0.00 S=0.50 S=0.70 S=0.80 S=0.85 S=0.90 S=0.95 S=0.99
AA6063 1.45 0.72 0.43 0.29 0.22 0.14 0.07 0.01
AA6082 1.42 0.71 0.43 0.29 - 0.14 0.07 0.01
The specimens prepared for in-situ testing in the SEM were given a special geometry
(Figure 4.2 (bottom)) and a thickness of 1.0 mm. All these specimens were in addition to 
ordinary machining given some additional metallographic preparation. This is required
in order to obtain satisfying EBSD patterns and high quality SE micrographs. It was
necessary to remove the heavily deformed surface layer developed during machining.
The procedures applied to achieve the required specimen quality will be described in the
following paragraph.
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It was most convenient to study the surface of the gauge length during SEM simple
tension deformation. The gauge width of these specimens was 3 mm while the total
width of the gripping section was 14 mm (see Figure 4.2 (bottom)). Due to the
geometrical limitations set by the SEM chamber, it was not possible to study the
through-thickness deformation in the TD plane during in-situ SEM deformation.
However, by doing some radical modifications of the specimen geometry, through-
thickness investigations were made possible (i.e. see the illustration in Figure 4.5). The
gauge length of the specimen was machined as described above and the width of this
part corresponds to the profile thickness. In addition, a short 0.8mm thick “notch” was
introduced (see Figure 4.5). During straining, the plastic deformation was localised to
this area due to 20% reduction of the cross-section. The specimen heads were
prefabricated in a material with higher strength in order to avoid plastic deformation of
the specimen heads during testing. The prefabricated heads were mounted onto the
gauge length piece with two-component epoxy glue. The final specimen assembly is 
shown in Figure 4.5. However, it is worth noticing that the glued connection will shear
off if the “notch” in the parallel part was omitted. Without the “notch”, the full length of 
the gauge length piece deforms plastically, hence the contraction in width and thickness
will weaken the glued connection and the glue would fail. 
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Figure 4.5 – Specimen (45° direction) for investigation of through-thickness deformation
in SEM. The gauge length piece is machined from the profile and the width of this part
corresponds to the profile thickness. The small “notch” in the gauge length is produced
in order to concentrate the plastic deformation. Prefabricated specimen heads are finally
glued to the parallel part and the through-thickness deformation can be investigated in
the SEM. 
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4.1.2 Metallographic preparation and surface grids
The sampled specimens developed a heavily deformed surface layer during machining
which had to be removed prior to investigations in the light optical microscope or in the
SEM. This was obtained by mechanical grinding to ASTM mesh 2400 and subsequent
mechanical polishing with 3 and 1 μm diamond paste, followed by “shock” electro-
polishing in Struers electrolyte A2 for 4 seconds at 30V and 10°C. The specimens
investigated in the light optical microscope were anodized in a 5% HBF4 aquageneous
solution (Bakers reagent) (Petzow 1976) for ~2 minutes at 20V and 18°C in order to
reveal the grain structure under polarised light.
The undeformed and smooth surface obtained after electro-polishing was necessary for
EBSD investigations. However, random features in the specimen surface are absent.
Hence, an artificial random speckle had to be created in order to allow EBSD
investigations in combination with local strain measurements, using the DSCA technique
described later in section 4.4. It was very difficult to produce a sufficiently fine random
speckle and a compromise had to be made. In this work an artificial gold grid was
produced on the specimen surface. The gold grids were produced in the CNRS – PMTM
laboratory at University Paris 13 with a quadratic grid size of 10x10μm2 and a grid line
width of ~1μm.
Figure 4.6 presents a schematic illustration of the procedures utilised to produce the gold
grid. First, a thin film (~0.4μm thick) of PMMA (Polymethylmetacrylate) was deposited
onto the electro polished surface by spin coating (Figure 4.6 (b)). The specimen was than
annealed for 30 minutes at 130°C in order to remove the residual stresses from the spin 
coating. The grid was produced by exposing the polymer film to the electron beam of a
SEM. Movement of the electron beam was controlled by external software and the
electron beam broke the polymers down to monomers, which could easily be removed
by cleaning the specimen in a solution consisting of 25% ethyl methyl ketone and 75%
Propanol-2. The grid became visible in the PMMA film after removal of the monomers
(Figure 4.6 (c)). However, this grid could not be investigated in the SEM, so a thin layer 
of gold was deposited on top of the grid produced in the SEM. The deposition procedure
was divided in two operations in order to optimise the adhesiveness between the electro
polished surface and the evaporated gold layer. First, a 1nm-thick base Au-layer was
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sputtered onto the produced grid and then a 20nm thick Au-layer was evaporated on top
of the base layer. This gave a continuous layer of gold covering the entire surface of the
specimen as shown in Figure 4.6 (d). The remaining PMMA was finally dissolved and
removed by cleaning the specimen with ethyl acetate in an ultrasonic bath for 15
minutes, also removing the gold deposit on top of the PMMA. The gold deposit on the
specimen surface would not be affected by this cleaning procedure, and the electro 
polished surface reappeared with an evident gold grid that could be used for strain
analysis during investigations in the SEM (Figure 4.6 (e)). 
Figure 4.6 – Chronological illustration of the surface grid production procedure. (a)
Electro polished specimen surface. (b) Specimen surface with continuous plastic film 
overlaid. (c) Plastic film with a grid after electron beam exposure. (d) Specimen with
gold both in the grid and on the surface of the remaining film. (e) Specimen with gold
grid after removal of the remaining film.
68
Experimental techniques
4.2 Tensile testing
The tensile testing experiments in this work were performed on two different length
scales. The macroscopic results were acquired by use of an ordinary testing machine
while a very compact in-situ testing machine was used to investigate the microscopic
behaviour in a SEM. Section 4.3.3 gives a detailed description of the simple tension
experiments performed in the SEM.
Investigations of the macroscopic behaviour were performed for all the material
conditions investigated in this work (see Table 3.3). The tensile specimens were sampled
from the extruded profile 0° (parallel to ED), 45° and 90° (parallel to TD) with respect to
the extrusion direction (ED). A minimum of three parallels were tested in each direction 
in order to verify the experimental results. Simple tension experiments were performed
in an MTS 880 servo-hydraulic testing machine at a constant ramp rate corresponding to 
an initial strain rate of 1.1x10-3 s-1. The tensile specimens had a width of 12.7mm and a
parallel length of 75 mm as shown in Figure 4.2. The transversal and longitudinal strains
were measured by a MTS transversal (MTS 632.23F-20) extensometer and a MTS
50mm longitudinal (MTS 632.25F-20) extensometer respectively.
Tensile testing of thin specimens taken from three different positions through the profile
thickness was also performed in the same way as described above. Notice that the
thickness of these specimens was only 0.3mm, making transversal strain measurements
more difficult due to problems with the gripping mechanisms of the extensometer.
4.3 Scanning Electron Microscopy (SEM) 
Scanning electron microscopy has been by fare the most important tool utilised in this
work. The SEM has been used both for metallographic characterisation of the starting 
material and as a platform for the detailed in-situ deformation behaviour experiments.
Two different scanning electron microscopes were used. The first was a very user-
friendly conventional tungsten filament SEM with low-vacuum capabilities (Hitachi
S3500-N). This microscope was used for the in-situ investigations and characterisation
of the recrystallized material. The second microscope was a high resolution field 
emission SEM (Hitachi S4300-SE) which was used for characterisation of the fibrous
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fine-scaled microstructure material due to its improved resolution. It is also worth
noticing that the Schottky emitter has an extremely stable beam current, which was very
convenient for EBSD investigations. The following sections will be used to present the
experimental techniques involving scanning electron microscopy and the modification
made to the SEM in order to allow in-situ deformation investigations will also be 
presented.
4.3.1 Electron backscatter diffraction (EBSD) 
The electron backscatter diffraction technique has been used to obtain information about
the micro and macro texture of the materials investigated. The microstructure and its
evolution during deformation have also been determined based on experiments
performed with this technique. Important properties of the materials investigated could
be determined by use of the crystallographic information obtained by EBSD. EBSD was
therefore a very important experimental technique for material characterisation.
The main components of an operating EBSD system is the SEM, the EBSD-detector
including a camera that acquires the diffraction patterns and the software that calculates
the crystallographic orientation based on these patterns. It is also important to remember
that the software should also be able to post-treat the crystallographic orientation
information acquired.
The most important properties of the SEM were the beam current and stability. A stable
beam current was essential since variations reduce the accuracy of the EBSD
measurements. Both microscopes used in this work have a satisfying beam current
stability and were very well suited for EBSD investigations.
An important feature of the applied EBSD-detector was the pattern acquisition speed.
The camera used was a Nordif digital CD200 EBSD detector with a maximum
acquisition speed of 43fps (frames per second). This speed was satisfying for the 
experiments performed, but it is of course desirable to increase the acquisition speed
even further in order to perform fully in-situ investigations with shorter step sizes. This
can be obtained when the next generation Nordif EBSD-detectors with acquisition
speeds more than 500fps become available.
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A most critical quality of EBSD software is to calculate the crystallographic orientation
accurately and within a short period of time. How easily the orientation data can be post-
treated and presented is another important quality. EBSD software from the three most
well known suppliers (HKL Channel 5, Oxford Inca and Edax TSL OIM3.5) were all
available at the Electron Microscopy laboratory at the Department of Materials Science
and Engineering, NTNU. All three were compared with regard to both data acquisition
and post-processing. It was concluded, based on an overall evaluation, that the Edax TSL
OIM3.5 software and its successors OIM4.X were best suited for this type of work.
This software had a control panel with several available acquisition options, making it
easy to optimise the EBSD acquisition parameters for reliable results. However, EBSD
acquisition was both material and preparation dependent, so it was almost impossible to
give any universal solution for the testing parameters. The testing conditions selected
would also affect the testing parameters. For example, the parameters selected for a
detailed investigation of the orientation gradient within a deformed grain differs
significantly from the parameters used for global texture measurements. Table 4.2
presents the typical software setup for the different types of EBSD investigations. The
SEM parameters, on the other hand, were more independent and were normally kept 
constant for all types of EBSD investigations. A typical microscope setup used for these
investigations is given in Table 4.3.
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Table 4.2 – Normal software setup for EBSD investigations used in the present work.
Camera binning is a clocking scheme used to combine the charge collected by several
adjacent CCD pixels. This increases both the sensitivity and the acquisition speed of the 
camera at the expense of resolution. Theta step size describes the resolution of the 
Hough transform. *Specimens taken from the recrystallized surface area are tested with 
the same setup as AA6063.
AA6063 AA6082*Parameter
Microstructure Texture Microstructure Texture
Camera binning 8x8 8x8 4x4 4x4
Step size [μm] 2 10-15 0.4 10
Scan size [μm2] 1500x1500 3000x3000 200x400 1500x3000
Pixel shape Hexagonal Hexagonal Hexagonal Hexagonal
Binned pattern size 96 96 140 120
Theta step size: 2° 1° 1° 1°
Table 4.3 – Typical SEM setup for EBSD investigations used in this work.
Parameter Value
Acc. voltage 20 kV
Tilt angle 70q
Probe current 2.0-2.5 nA
Working distance 20mm
The information generated from an EBSD investigation was very dependent on the
number of indexed points within the individual grains. It was desirable to have only one
orientation per grain for global texture measurement, while more than 1000 orientations
were typically necessary to perform detailed studies of the orientation gradients through
a grain. The number of measurements within the individual grains could be controlled by
choosing an appropriate step size. Hence, the step size selected for microstructure
investigations of AA6063 and AA6082 is 2μm and 0.4μm respectively. A typical EBSD
measurement used to study the microstructure evolution and the development of
orientation gradients in deformed aluminium consisted of ~70000 orientations
distributed among ~50 grains.
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It was essential for a global texture measurement to represent the distribution of all 
possible crystallographic orientations. This was in general obtained by selecting
orientations from a large area of the specimen. Large spatial resolution was redundant
since the spread in orientation within the individual grains was normally neglectable.
The step size was adapted to give only one measurement per grain. However, it was
selected equal to the minimum grain size when the material had a very heterogeneous
microstructure. The global texture measurements consisted of more than 25.000
orientations due to the large area investigated. A large number of orientations gave a
very accurate description of the materials orientation distribution. Engler (2004) stated
that the orientation distribution of a specimen can normally be described with only 500
randomly selected orientations. This statement was tested by extracting different
numbers of orientations randomly from the global texture measurements, and it was
shown that the reduction in the number of mapped orientations only give minor changes.
Hence, the scan size used in this work is strongly exaggerated.
4.3.2 In-situ deformation investigations
In-situ deformation investigations in SEM facilitate studies of the deformation behaviour
locally. This is a relatively new technique that could be used to study several important
metallurgical phenomena. In the present work the tensile deformation process was 
interrupted in order to perform the surface investigations (SE imaging and EBSD
mapping). After each mapping sequence the deformation was continued, and so forth.
Hence, these investigations were not fully in-situ but rather “semi-in-situ”.
Two different types of in-situ deformation investigations on the fully recrystallized
AA6063 have been performed. In-plane (ED-TD plane) investigations have been used to
study the global texture evolution, and more detailed investigations of grain rotations
and surface slip-trace development have been performed in-plane. Through-thickness
investigations were the second type of in-situ deformation studies performed, i.e.
deformation variations over the thickness in a material with a very strong texture
gradient.
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i) In-plane investigations
The in-plane specimens were 1mm thick and were sampled from the centre position in 
the normal direction (ND), i.e. with specimen geometry as shown in Figure 4.2. Simple
tension deformation was performed with a constant stroke rate, giving rise to an initial
macroscopic strain rate of 1.1x10-4 s-1. The specimens were typically deformed in steps
corresponding to ~2.0% nominal strain and SE micrographs were acquired between
every step. The specimen was horizontal both during deformation and SE imaging.
EBSD investigations were typically performed between every third step (i.e. every
~6.0% nominal strain). The same area was investigated throughout the deformation
process allowing the deformation behaviour for a given number of grains to be studied in
great detail. The global texture measurements and the detailed investigations of the
microstructure consisted of more than 3000 and ~40 grains respectively. Microstructural
investigations were also performed on specimens with an artificial gold grid.
ii) Through-thickness investigations
In general, the through-thickness investigations were performed in the same way as the 
in-plane ones. However, the specimen geometry was somewhat more complicated
(Figure 4.5) and the specimen width corresponded to the profile thickness (~3mm). The
through-thickness variations were investigated by selecting the area of interest equal to
the half width (~1500μm) of the specimen. Hence, the profile thickness was investigated
from the centre (S=0.00) to the surface (S=1.00). It was not possible to cover the area of 
interest by using only one micrograph at the desired magnification, hence the SE
micrograph consisted of four micrographs stitched together in an image processing
software.
4.3.3 Optimisation of in-situ systems
The optimisation of the in-situ system has been one of the most important experimental
tasks in this work. It has been mostly motivated by the need for a better understanding of
the deformation behaviour. The quality of the results obtained with an in-situ system
depends on the in-situ unit and the SEM capabilities. The interaction between these two
components was also of primary importance. The following section presents the in-situ
system developed during this work.
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i) Deformation unit
A central part of the in-situ system is the deformation unit. This unit is simply a small
tensile machine which can be placed inside the chamber of a SEM (substage). The space
available inside a SEM is normally very limited so the tensile machine has a very
compact design. The deformation unit implemented to this in-situ system was originally
developed at the CNRS – PMTM laboratory at University Paris 13, France (Chiron et al.
1996) and further modified at the Norwegian University of Science and Technology. All
the in-situ experiments presented in this work were performed with this deformation
unit.
The substage design is very compact (15.5 x 9.5 x 4.5 cm3) as shown in Figure 4.7. The
unit was controlled by external software connected to the substage by a 15pin mini D-
sub connector. Deformation took place by simple tension with one fixed and one
movable ramp. The movable ramp was screw-driven by an electrical step motor and the
strain rate was adapted by the gear. The deformation behaviour could be monitored by
the stress vs. strain curves obtained during deformation. The longitudinal strains were 
calculated based on the stroke movement measured by a LVDT (Linear Variable
Differential Transformer) displacements transducer while the deformation force was
measured by the load transducer.
Due to the special design, it was possible to tilt the substage 70q without interfering with
the objective lens of the SEM. Thus, this in-situ unit was designed for simultaneous
deformation and EBSD-mapping. The deformation unit requires specimens with a
rectangular cross section and specimen heads specially adapted for the machine as
shown in Figure 4.2. Semi-circled alignment parts at both ends forced the specimen to be
aligned with the tensile direction during loading. It was important to perform an accurate 
specimen alignment with regard to the global reference system in order to obtain
accurate uniaxial deformation.
This deformation unit could also be combined with a heating unit which allows in-situ
simple tension investigations at elevated temperatures. The furnace is simply clamped
underneath the parallel part of the specimen and heats the sample locally. The substage
could also be used to perform compression experiments. The semi-circled parts are there
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simply replaced by a compression unit. The compression unit required rectangular
specimens with maximum dimensions of 3x3x5 mm3. Neither compression nor simple
tension experiments at elevated temperatures have been performed in this work. It is also
worth noticing the large weight (1.6kg) of the deformation unit when it is set up for both
straining and heating. For further details concerning the heating-stage, please refer to
Appendix A. 
Figure 4.7 – Deformation unit for use in the SEM. Important components are labelled.
ii) The SEM (Hitachi S3500-N)
The conventional Hitachi S3500-N has been the SEM of choice for the in-situ
experiments, manly because this microscope was believed to be more user-friendly with
regard to specimen exchange time. The spatial resolution of this instrument was not
comparable with the resolution obtained by a field emission SEM. However, this has not
been a limiting factor.
There were several potential problems connected to placing a substage inside the
chamber of a SEM. The problems that arose during installation in the Hitachi S3500-N
will be described in the following. It was desirable to have the specimen surface in the
eucentric height (parallel to the tilt axis) since this eases the SEM operations. The height
of the deformation unit made it impossible to place the specimen surface in the eucentric
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plane of the Hitachi S3500-N. Figure 4.8 presents a schematic illustration of the 
difficulties related to this limitation. The free distance between the substage and the TA 
(tilt axis) was far too small (Figure 4.8 (a)), which made some modifications of the stage
necessary. The bracket performing the Y-direction movement was permanently modified
and the rotation unit had to be removed temporarily as shown in Figure 4.9. However,
the available space was too small even after these modifications (Figure 4.8 (b)), and the
specimen surface was not at eucentric height (Figure 4.8 (c)). Consequently, the
specimen surface would therefore move out of the electron beam when tilted 70q (Figure
4.8 (d)) and this had to be compensated by moving the stage perpendicular to the TA
(Figure 4.8 (e)). Movement perpendicular to the TA reduced the working distance
significantly and the specimen surface was no longer at the optimal working distance for
EBSD investigations. The stage had therefore to be moved in the Z-direction in order to
reach this optimal working distance (Figure 4.8 (f)). The tilt axis was fixed to the stage,
therefore it would also move when the Z-direction position is changed. The machine was
mounted to the stage by a simple bracket as shown in Figure 4.10. Non-eucentric
specimen mounting introduced much more complicated testing operations and the
probability of making fatal errors increased dramatically. In spite of these problems, no
damage took place during this experimental work. It was also feared that the large
weight of the deformation unit could lead to mechanical vibrations or drift but neither
this became any problem at the magnifications used. Also the Hitachi S4300-SE has
been modified such that the deformation unit can be mounted into this microscope (see
appendix A for details).
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Figure 4.8 – Schematic illustration of the deformation unit inside the Hitachi S3500-N
chamber. WD and TA are the optimal working distance for EBSD investigations and the
position of tilt axis respectively. The deformation unit must be placed in the available
space between the TA and the stage surface. (a) Prior to any modifications (b) After
removal of rotation unit (c) Deformation unit placed inside the SEM chamber. The 
specimen surface is higher then the TA. (d) Stage tilted 70q for EBSD investigation. The
specimen surface is rotated away from the electron beam. (e) Stage movement
perpendicular to the TA in order to reposition the specimen under the electron beam. (f) 
Optimal working distance for EBSD investigations are achieved by moving the stage in 
the Z-direction. 
Figure 4.9 – Modifications of the Hitachi S3500-N stage. (a) Prior to any modifications.
(b) Permanent redesign of the Y-direction movement bracket. The bracket is indicated
by a white arrow. (c) Temporary removed rotation unit in order to allow mounting of
derformation unit.
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Figure 4.10 – Deformation unit (1) mounted on top of the modified Hitachi S3500-N
stage (2) by a simple fixing bracket (3). 
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4.4 Local strain measurements 
The local strain measurements were based on the digital speckle correlation analysis
(DSCA) technique (see section 2.6.1 for more details). The commercial software 7XD,
developed at INSA – Annecy in France has been used to perform strain measurements of
in-situ tensile specimens based on secondary electron (SE) micrographs acquired in the
SEM. This technique uses a fixed grid (gold grid) or a random speckle on the specimen
surface to correlate the different positions in consecutive micrographs. Further, the strain
calculations are related to a micrograph acquired prior to deformation. The two most
important parameters for these calculations are the grid size and the binned pattern size. 
These parameters were selected such that the size of the virtual grid was equivalent to
the gold grid produced on the specimen surface (see section 4.1.2 for details regarding
preparation of the gold grid). The local strain measurements performed in the SEM with
a gauge length of approximately 10μm were proven to be equivalent to strain
measurements from ordinary simple tension experiments using conventional
extensometers.
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5 Experimental results
As mentioned above, the main objective of this work has been to investigate and explain 
the mechanical anisotropy observed in extruded profiles. State-of-the-art experimental
techniques have been developed and used in order to investigate the mechanisms taking
place in extruded profiles during deformation. Experiments are performed on several
length scales, facilitating a better understanding of plastic deformation processes
operating during subsequent forming operations. The acquired knowledge can also be
used to improve shape tolerances of forward extruded profiles in the future.
The experimental results are organised in two separate parts based on the techniques
used and the mechanisms investigated. Part A is titled “Characterisation of materials –
Effects of heat-treatment, texture and through-thickness variations”. The basic properties
of the selected materials are thoroughly investigated in this part but also the effect of
heat-treatment (artificial ageing) on the observed mechanical anisotropy is characterised
in great detail. The second part presents the in-situ deformation investigations performed
in the SEM, using a new technique developed and implemented during this work: “SEM
in-situ investigations of plasticity – Slip activity, grain rotation and texture evolution”.
This part contains calculations of slip activity and how this depends on crystallographic
texture. Also, crystallographic rotations taking place during deformation are investigated
in detail. Local strain distribution during in-situ deformation has been characterised
using digital speckle correlation analysis (DSCA).
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Part A: Characterisation of materials – Effects
of heat-treatment, texture and through-
thickness variations 
Information about the microstructural and mechanical properties is important in order to
understand the mechanical behaviour of a material. The two extruded aluminium profiles
investigated in this work are therefore given a thorough characterisation. The effect of 
heat-treatment on mechanical properties is included, since alteration in mechanical
properties is very important in regard to industrial forming operations.
5.1 Characterisation of as-received materials 
The properties of the two extruded profiles investigated are determined by the alloy
composition and the extrusion process. Extrusion is a non-homogeneous deformation
process which gives rise to variations over the profile cross-section. The through-
thickness variations in the microstructure have been characterised by applying EBSD
investigations at different positions through the thickness.
5.1.1 Microstructure 
The microstructure of the two profiles is very different in spite of both being Al-Mg-Si-
type alloys. The AA6063 has a fully recrystallized microstructure consisting of relatively
equiaxed grains as shown by the light optical micrograph of the longitudinal transverse
(ED-ND) plane in Figure 5.1 (a). The corresponding inverse pole figure (IPF) map of the
same plane is shown in Figure 5.3(a) and it is clear that the profile possesses an evident
through-thickness gradient, especially close to the profile surface. The AA6082 on the
other hand, has a fibrous microstructure with a recrystallized surface layer as shown in 
Figure 5.1 (b) and Figure 5.2. The recrystallized surface layer is approximately 120μm
thick, giving rise to an even more evident through-thickness texture gradient as shown in
Figure 5.3 (b). The figures also show that the size of the recrystallized surface layer is
close to constant along the extrusion direction (ED) (Figure 5.1 (b)), and neither is the
microstructure affected by the solution heat-treatment (Figure 5.2). However, the fibrous
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part of AA6082 is much more homogeneous than the corresponding part of AA6063.
The through-thickness variations observed in these two alloys will be presented in more
detail in section 5.1.3.
Figure 5.1 – Light optical micrograph of the microstructure in the longitudinal transverse
(ED-ND) plane. (a) AA6063 and (b) AA6082.
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Figure 5.2 – Light optical micrograph of the microstructure close to the surface in the
longitudinal transverse (ED-ND) plane of AA6082. (a) Prior to solution heat-treatment.
(b) After solution heat-treatment.
The average grain sizes in both the ED and the ND of the two alloys have been measured
by use of the linear intercept method and are shown in Table 5.1. The grain sizes are
dependent on the minimum misorientation angles selected for the measurements. The 
measured grain size of AA6063 increases by a factor of 2 when the boundary
misorientation angle is increased from 5° to 15°.
It is beyond doubt that the microstructure of AA6063 is fully recrystallized. Hence, the
observed changes in grain size as a function of the boundary misorientation angle can
not be related to any deformation substructure. The prominent increase in grain size is
therefore most likely an intrinsic behaviour of all materials with a strong recrystallized 
texture, especially materials possessing a rotated recrystallization texture like the
investigated AA6063 (see section 5.1.2 for details). Several grains in a material with
such a strong texture have close to identical crystallographic orientations. When the
number of grains with almost identical orientations is high, it is reasonable to assume
that the microstructure will consist of neighbouring grains with close to identical
orientation, i.e. the microstructure will consist of grain boundaries with low 
misorientation angles. For the same reason the measured grain size will be very
dependent upon the selected boundary misorientation angle.
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Table 5.1 – Average grain size of both alloys measured by EBSD in conjunction with the
linear intercept method by use of different boundary misorientation angles.
Alloy Boundarymisorientation angle 
Grain size __ ED
[µm]
Grain size __ ND
[µm]
AA6063 5° 90 63
AA6063 10° 116 83
AA6063 15° 173 98
AA6082 15° 13 4
Figure 5.3 – IPF map of the variations in microstructure from the centre to the surface of
the investigated profiles. The left hand side represents the centre position while the right
hand side represents the surface position of the profile. (a) AA6063 and (b) AA6082.
5.1.2 Crystallographic texture
Evident microstructural variations, like the one observed for the investigated materials,
often also give rise to variations in crystallographic texture. The crystallographic texture
of AA6063 is very typical for materials with a recrystallized microstructure, i.e. a strong
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texture dominated by the Cube component as presented by pole figures in Figure 5.4.
The calculated orientation distribution functions (ODF) are given in Appendix B. Figure
5.5, which presents the area fraction of the most common texture components, shows
that the texture also has a relatively large volume fraction of the CG component. Hence,
the Cube component is somewhat rotated around the ED towards the CG and Goss
component as indicated in Figure 5.4. A material with a perfect cube texture will have
symmetrical crystallographic orientations both in the ED and the TD. However, the
crystallographic texture of this material is not fully symmetrical since the texture is
rotated around the ED, which gives rise to a characteristic fibre along the )-axis of the
M2=0° section of the ODF (Appendix B). Figure 5.4 also presents the crystallographic
texture of the fibrous AA6082 which possesses a typical deformation texture. Here, the
area fraction of the typical recrystallization components (Cube, CG and Goss) is very
low. However, the area fraction of the more typical deformation components like Brass
and S is quite pronounced. Neither Brass nor S are 0°/90°-symmetric, something which
means that AA6082 possesses less 0°/90°-symmetry than the AA6063 (Figure 5.5).
Figure 5.4 – Measured 002, 111 and 220 pole figures representing the initial global
texture. (a) AA6063 and (b) AA6082.
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Figure 5.5 – Measured area fraction of the most important texture components through
the thickness in the half-width position of the profile. Texture components were defined
within 10° from the ideal orientations. Note that the Goss component of AA6082 is
absent.
5.1.3 Through-thickness variations
Extruded profiles are expected to have through-thickness variations due to the
inhomogeneous deformation taking place through the die during extrusion. The
deformation mode at the profile surface (S=1.0) is close to perfect shear while the
deformation in the centre region of the profile (S=0.0) is controlled by plane
compression. Strong temperature and deformation mode gradients across the thickness
during processing give rise to large textural and microstructural variations. The extent of
these through-thickness variations is alloy dependent as will be presented in more detail
in the following sections.
AA6063
This profile has a fully recrystallized microstructure but the thickness can be divided into
three separate layers based on differences in the microstructure (Figure 5.6). The
microstructure consists of equiaxed grains with a grain size of approximately 50μm in 
the centre layer of the profile (S=0.00 – S=0.70). In the middle layer (S=0.70 – S=0.85)
the grain size increases rapidly and the grains become somewhat elongated in the ED.
Further toward the surface the grain size decreases and becomes more equiaxed, ending
up with a grain size of approximately 40μm at S=0.99. The measured grain sizes at all
investigated positions based on 5° boundary misorientation angle are presented in Table
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5.2. The table also shows that the standard deviation of the grain size measurement is
large for all positions investigated, indicating a very heterogeneous microstructure.
Table 5.2 – Measured grain size and standard deviations (Std.) at investigated positions
through the profile thickness of AA6063. 5° is used as the minimum misorientation
angle for the grain size calculations.
Position Grain size __ED [µm] Std. __ ED [µm]
Grain size __
TD [µm] Std. __ TD [µm]
S = 0.00 64 30 55 34
S = 0.50 66 31 56 33
S = 0.70 119 86 104 79
S = 0.80 173 98 159 93
S = 0.85 202 144 198 140
S = 0.90 131 69 103 53
S = 0.95 90 57 82 47
S = 0.99 58 29 51 18
The IPF maps presented in Figure 5.6 give a first indication of an evident texture
gradient through the profile thickness. The colours of the IPF maps change dramatically
from the centre toward the surface, thus the texture of the material changes. The
crystallographic texture can be divided into the same set of layers as used for the
microstructure. The centre layer has a strong Cube texture somewhat rotated around the
ED (Figure 5.7 (a)). The Cube texture sharpens towards the middle layer where the
texture first split into two separate texture components (Cube and Goss) (Figure 5.7 (b))
before it rotates further around the ED, producing a zone circumscribing the equator
plane. The texture also becomes more random at the profile surface (Figure 5.7 (c)) with
evident traces of texture components typically associated with shear deformation, as
shown in Figure 5.8. This leads to a decrease in the maximum texture intensity towards
the surface, i.e. the profile has a maximum intensity of 35.1 at S=0.00 and 3.8 at S=0.99
(see Figure 5.7). The area fractions of all the relevant texture components from the
different positions through the thickness are given in Figure 5.8. In Appendix C,
calculated pole-figures based on orientation data from all positions investigated are
included.
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Figure 5.6 – IPF map acquired with a step size of 2μm at different positions through the
profile thickness of AA6063. The corresponding positions are shown in the sketch at the 
top.
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Figure 5.7 – Calculated pole figures based on crystallographic orientation data from
different positions through the profile thickness of AA6063. The corresponding positions
are shown in the sketch at the top.
90
Experimental results – Part A
Figure 5.8 – Area fractions of the different texture components at different positions
through the thickness of AA6063.
AA6082
The AA6082 has a fibrous microstructure with a recrystallized surface layer, hence the
microstructure has evident through-thickness variations as already indicated in
conjunction with Figure 5.3. The microstructure consists primarily of two pronounced
different layers, i.e. a large centre layer with a deformed microstructure and a
recrystallized surface layer with some microstructural variations (Figure 5.9).
Throughout the more or less homogeneous centre layer the grain and sub-grain sizes
seem to be independent of the position within the layer. However, the fraction of Cube
bands increases toward the centre position. The inverse pole figure map from the centre
position (Figure 5.9 (a)) shows a large fraction of grains with Cube orientation aligned
along the extrusion direction (Cube bands).
The surface layer, on the other hand, has a microstructure similar to the microstructure
observed in the surface layer of AA6063 (Figure 5.6). From the IPF maps presented in
Figure 5.9, the size of the recrystallized surface layer is calculated to be approximately
120μm. The green grains in Figure 5.9 (e) are recrystallized grains surrounded by a
deformed microstructure. Hence these grains belong to the recrystallized surface layer. 
The image quality (the quality of the EBSD pattern) provides additional information
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about the deformation structure, and is therefore included in the inverse pole figure maps
presented in Figure 5.9.
Figure 5.9 – IPF map overlaid the image quality of the EBSD patterns at different
positions through the profile thickness of AA6082. The orientation data is acquired at
different magnifications with 0.4μm and 2.0μm step size within the centre (a-e) and
surface (f-g) layer respectively. The contour from one of the Cube bands in the centre
position is highlighted with a dotted line.
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Figure 5.10 – Calculated pole figures based on orientation data at different positions
through the profile thickness of AA6082.
The crystallographic texture of AA6082 can be divided into the same set of layers as the
microstructure. The different positions within the centre layer (S=0.00 to S=0.90) of 
AA6082 have a typical deformation texture while the surface layer has close to a random
texture (see e.g. Figure 5.10). Figure 5.11 summarises the area fraction of the most
significant texture components through the thickness. The fraction of the Brass and the S
components increases from the centre position (S=0.00) towards the surface layer 
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(S=0.90) where the area fraction drops very rapidly towards zero. The observed increase
of these components must be related to the increased amount of shear deformation taking
place closer to the surface. Moreover, the typical recrystallization components are close 
to absent at all positions through the thickness. Based on the argumentation presented
above, it is reasonable to assume that the observed area fractions of the Cube component
is related to Cube bands like the one observed in Figure 5.9 (a). In Appendix C,
calculated pole-figures based on orientation data from all positions investigated are
included.
Figure 5.11 – Area fraction of different texture components at different positions through
the thickness of AA6082.
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5.2 Mechanical properties and anisotropy
Mechanical properties are investigated at different positions through the thickness of
both alloys by means of tensile tests. In addition, full thickness specimens are tested after 
extrusion and subsequent artificial ageing treatments. The tensile specimens are 
machined from the 0°, 45° and 90° directions related to the ED in order to investigate the
directional dependency of the mechanical properties (anisotropy), including the plastic
strain ratio (r-value).
5.2.1 Mechanical properties
Anisotropy vs. temper condition (Full thickness studies):
The full thickness true stress-strain curves in Figure 5.12 and Figure 5.13 present the
mechanical properties of AA6063 and AA6082 for different temper conditions. Notice
that a different scaling of the true strain axis is used for the T6 and T7 conditions. The
alloys are investigated in different material conditions at an initial strain rate of 1.1x10-3
s-1. From the figures, it is evident that the recrystallized profile (AA6063) has a 
significantly lower strength than the non-recrystallized AA6082.
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Figure 5.12 – True stress-strain curves 0°, 45° and 90° related to ED at different material
conditions of AA6063 obtained with an initial strain rate of 1.1x10-3 s-1. Note the change
of tensile strain-axis scaling for the two lower figures.
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Figure 5.13 – True stress-strain curves 0°, 45° and 90° related to ED at different material
conditions of AA6082 obtained with an initial strain rate of 1.1x10-3 s-1. Note the change
of true true-axis scaling for the two lower figures.
In general it is observed that the mechanical properties are improved after both natural
and artificial age-hardening, i.e. the precipitates results in a considerable strengthening
contribution. When compared to the solutionised (W) condition, both the yield and 
ultimate tensile strength of both alloys are close to doubled after age-hardening to the
peak aged (T6) condition. The ageing potential of AA6xxx alloys is determined by the 
chemical composition of E c and E , hence by the amount of Mg and Si in solid solution
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(Martin 1968). The alloys investigated contain approximately the same amount of Mg
which is the limiting alloying element. This explains way both alloys have equivalent
ageing potential despite relatively large differences in chemical composition.
Another important observation is the significant differences in mechanical properties
between the naturally and artificially aged specimens. First of all, the tensile strength
increases and the uniform strain decreases when artificially aged. Further, it is observed
that the mechanical properties are more isotropic after artificial ageing than after natural
ageing. For AA6063, it is shown that the initial yield strength is close to equal for all
directions when tested in the supersaturated solid solution (W, 10min) and in the
naturally aged (T4, 3 and 24 hours and T1) conditions. However, there are some minor
differences when tested after artificial ageing. The 0° and 45° specimens seem to have
somewhat higher initial yield stress than the 90° specimens when tested in the T6
condition, while only the 0° specimens seem to have a higher yield stress than the two
other directions when tested in the T7 condition. Some variations between the different
directions are also observed for AA6082. In general it is observed that the 0° and 90°
directions possess close to identical properties with congruent stress-strain curves. These
directions are stronger than the 45° direction both with regard to yield stress, work
hardening rate and ultimate stress. However, the highest uniform strain is found for the
specimens deformed 45° related to ED. As already mentioned, the figures also show that
artificial ageing of both alloys results in close to isotropic but low work hardening rate,
i.e. the observed anisotropy is strongly reduced. Natural ageing, on the other hand, gives
rise to larger anisotropic variations. For AA6063, the specimens deformed parallel to the 
ED have a higher work hardening rate but considerably lower uniform strain. The work
hardening rate of the 45° and 90° specimens is equal at small strains but some
differences arise at higher strains. The uniform strain is nevertheless equal for these two
directions.
Thickness gradient studies:
As shown above, the mechanical properties of the present two alloys are strongly texture
dependent. The texture, on the other hand, is varying through the thickness. Therefore,
the effect of the through-thickness gradients has been determined by performing tensile
test on 0.3mm thick specimens machined from three different positions through the
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profile thickness (see Chapter 4.2 for more detailed information concerning the sampling
procedure). These investigations are only performed in material condition T1.
Figure 5.14 presents the true stress-strain curves for both alloys at the different positions
and it is evident that the mechanical properties vary significantly through the profile
thickness. The centre and middle positions have similar properties while the surface
behaves quite differently. It is clear that the variations observed in uniform strain 
through-thickness are the most pronounced. Moreover, there are also some differences in
initial yield strength and work hardening rate. The 0° specimens taken from the centre
and middle positions of AA6063 have a much lower uniform strain than the surface
position. Also the yield strength and work hardening rate are higher in these positions
when deformed in this direction. On the other hand, all specimens deformed 45° related
to ED have close to equal work hardening rate and initial yield strength. However, the
uniform strain is significantly higher in the centre and middle positions compared to the
surface position. The description of the initial yield strength and uniform strain given for 
the 45° direction is also valid for the 90° specimens. Moreover, it also seems like the 90°
direction has a lower surface work hardening rate than the other positions investigated.
Figure 5.14 also presents the variations observed for the different positions through the
thickness of AA6082. Also for this alloy there are some minor differences in work
hardening rate and uniform strain. The main differences are, however, related to the 
initial yield strength. The centre/middle positions have the highest initial yield strength
when deformed in the 0° and 45° directions, while the surface position has the highest
yield strength when deformed in the transversal direction. It is also worth noticing that
no measurements are reported for the middle position of the 45° direction due to
problems with the tensile testing machine.
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Figure 5.14 – True stress-strain curves 0°, 45° and 90° related to ED at different
positions through the profile thickness obtained with an initial strain rate of 1.1x10-3 s-1
in material condition T1. AA6063 on the left hand side and AA6082 on the right hand
side.
The measured plastic strain ratio (r-values) is also quite anisotropic and varies through
the profile thickness (Table 5.3). The centre and middle positions of all directions
investigated have comparable r-values for AA6063. Moreover, the plastic strain ratio at 
the surface is not comparable with the r-values measured in the centre and middle
positions. AA6082 on the other hand, do not possess this same type of through-thickness
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variations. This alloy has only minor variations, and the measured r-values vary less than
0.3 over the thickness. Some of these variations could even be explained by the
uncertainty of the measurements.
The through-thickness r-value variations give rise to an evident through-thickness
displacement gradient on the tensile specimen. This induces bending around the tensile 
direction during deformation and the specimens develop a transverse curvature. Hence,
the fixed transverse extensometer exaggerates the measured transverse strain which
again affects the experimental determined plastic strain ratio. The accuracy of the
measurements worsens dramatically during deformation due to a strong increase in this
transverse curvature. The accuracy of the measurements for some of the investigated 
positions is therefore of the order of r35%.
Table 5.3 – Experimental determined r-values (at a true strain of 0.05) at different
positions through the profile thickness at material condition T1. The accuracy of these
measurements is approximately +/- 35%. 
Alloy Direction Centre Middle Surface
0° 1.2 1.0 0.4
45° 0.1 0.1 0.3
AA6063
90° 3.5 2.4 1.3
0° 0.5 0.3 0.5
45° 1.1 - 2.8
AA6082
90° 1.2 0.9 1.2
101
Experimental results – Part A
5.2.2 Further details regarding age-hardening effects 
Influence of properties:
The previous section has shown that the alloys investigated in this work possess
significant anisotropic mechanical properties. It has also been shown that the mechanical
properties are strongly affected by both natural and artificial age-hardening. In the
following, the angular dependency of the mechanical properties of all material
conditions is compared.
The effect of age-hardening on the mechanical properties in AA6063 and AA6082 is
shown in Figure 5.15 and Figure 5.16 respectively. It is known that mechanical
anisotropy in general is affected by age-hardening. The anisotropy in the solution-heat-
treated condition (W, 10min) is mainly controlled by the crystallographic texture and in
some degree the microstructure, i.e. AA6063 and AA6082 have dissimilar mechanical
anisotropy prior to age-hardening. Age-hardening reduces the contribution from
crystallographic texture due to introduction of precipitates. The anisotropy of the two
alloys will therefore become reduced after both natural and artificial age-hardening.
The true yield stress of both alloys in the W, 10min temper is relatively isotropic. Both
natural and artificial ageing result in a close to isotropic increase in yield stress, i.e. the
alloys maintain close to isotopic yield properties after age-hardening. AA6082 has a
somewhat anisotropic yield stress in the T6 conditions but this anisotropy disappears in 
the T7 condition. The difference between the minimum and maximum value in the T6
temper is less then 10%. It is also important to remember that it is difficult to accurately 
determine the yield stress of aluminium alloys, i.e. some of the observed differences can
be related to measurement deviations.
The ultimate tensile stress is much more anisotropic than the yield stress. It could be
expected that the ultimate tensile stress should follow the same trends as observed for the 
true yield stress. However, it is important to remember that the work hardening will be
strongly affected by precipitation which in turn affects the activation of slip systems. 
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However, a main finding is that the observed anisotropy in the ultimate tensile stress is 
reduced with age-hardening. AA6063 has completely isotropic properties in both the
artificially aged conditions while AA6082 maintains some anisotropy in the T6 temper
and is fully isotropic in the over-aged condition.
Figure 5.15 – The effect of ageing on mechanical properties and anisotropy of AA6063.
(a) Yield stress (b) ultimate tensile stress (c) true uniform strain (d) true fracture strain
and (e) r-value at a true strain of 0.05.
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Figure 5.16 – The effect of ageing on mechanical properties and anisotropy of AA6082.
(a) Yield stress (b) ultimate tensile stress (c) true uniform strain (d) true fracture strain
and (e) r-value at a true strain of 0.05.
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Furthermore, the above curves show that the uniform strain is anisotropic and that the Hu-
value is reduced upon both natural and artificial aging. Another main finding for both
alloys is that the uniform strain anisotropy is reduced with increasing RT storage time 
and by artificial aging to tempers T6 and T7, i.e. they are isotropic with regard to
uniform strain in the T6 and T7 conditions. Further, the 45q direction has the highest
uniform strain when aged at RT and the reduction in the uniform strain upon aging is
very pronounced.
The trend observed for the uniform strain is repeated for the fracture strain (Hf), i.e. the
anisotropy is reduced with increasing RT storage time and by artificial aging to tempers
T6 and T7. However, in the T6 condition the fracture strain is not as isotropic as the
uniform strain.
The observed trends for the r-values in the two investigated alloys are more complicated.
In the solution-heat-treated condition, the two alloys have completely opposite behaviour
with regard to the plastic strain ratio. AA6063 has the highest r-values in the 0 and 90 
directions and the lowest r-value in the 45 direction (Figure 5.15), while the behaviour is
completely opposite for AA6082 (Figure 5.16).
Notice that the quantitative alteration in r-value during ageing is very limited. It is also
important to bear in mind that the accuracy of this type of r-value measurements is poor
(r10%) as shown in the previous section. Consequently, some of the alterations are
directly related to inaccuracy from the measuring technique. However, the observed
trends should still be valid, i.e. also the r-values of both alloys become more isotropic
due to age-hardening.
Influence on flow curves
Age-hardening is known to change the mechanical properties of Al-Mg-Si alloys. The
changes due to ageing of the specimens deformed 0° related to ED are given in Figure
5.17. Appendix D presents the same set of results from all the deformation directions
investigated in this work (0°, 45° and 90°). The strength of both alloys increases
substantially during natural ageing. However, stress strain curves indicate that the
serrated yielding gives rise to some reduction in uniform strain. In other words, the
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uniform strain increases with longer ageing time at room temperature. For AA6063, the
observed serrated yielding is still visible after 24 hours of natural aging, while for
AA6082, this jerky flow is only visible in the solution-heat-treated condition (W, 
10min).
Figure 5.17 – True stress-strain curves parallel to ED for different material conditions.
(a) AA6063 and (b) AA6082.
Moreover, Figure 5.17 also shows that the increase in strength and work hardening rate
in the naturally aged condition is more than twice as high for AA6082 as for AA6063.
Artificial aging to condition T6 exhibits the highest strength while further ageing to the
over-aged condition (T7) reduces the strength significantly. The uniform strain is also
shown to be heavily reduced after artificial age-hardening. Further, the work hardening
rate at low strains is maintained or even improved for the T7 condition compared to the
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T6 condition, even though the strength is considerably reduced. The figure shows that
the work hardening rate in the T7 condition is quite similar to the work hardening rates
observed after naturally ageing of AA6063, while for AA6082, the work hardening rate
is only half of that observed during natural ageing. These reflections are also valid for
the 45° and 90° directions as shown in Appendix D.
Influence on plastic strain ratio (r-values):
The r-value, which is often referred to as the Lankford coefficient or plastic strain ratio,
is the ratio between the width and the thickness plastic strain. This parameter is often
used to describe the mechanical anisotropy of materials deformed by simple tension. It
has been shown that a material with an r-value of 1 possesses isotropic mechanical
properties. However, it is very difficult to measure the plastic strain ratio accurately by 
use of extensometers, therefore the accuracy of r-value measurements are often of the
order of r10%.
Both alloys investigated show strong mechanical anisotropy in the solution-heat-treated
condition (W, 10min), see e.g. Figure 5.12 and Figure 5.13. Calculations of the r-values
for all the investigated material conditions are therefore performed in order to study the
mechanical anisotropy. Figure 5.18 and Figure 5.19 present the evolution in
experimental determined r-values during simple tension of AA6063 and AA6082
respectively. The figures show that both alloys have very anisotropic properties and the
plastic strain ratio is clearly direction-dependent, i.e. large differences were observed
between the investigated testing directions.
The r-values of AA6063 (Figure 5.18) are approximately 1.2 for all material conditions
when tested in the transverse direction. This means that the width strain of AA6063 is 
roughly 20% larger than the thickness strain. Hence, AA6063 has close to isotropic
properties when deformed 90° to ED. However, when tested in the two other directions
(0° and 45°), AA6063 possesses very anisotropic and low r-values. Here, the r-value in
the 0° and 45° directions is typically ~0.4 and ~0.2 respectively. Such r-values mean that
for specimens taken from these directions, the thickness strain is much larger than the
width strain. AA6082, on the other hand, has more or less isotropic plastic flow when
deformed 45° related to ED, i.e. r |0.95. Also for this alloy the r-values are lower than
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for the two other directions investigated (0° and 90°). Hence AA6082 possesses
anisotropic flow properties when tested in these two directions. Also, the r-value of
AA6082 seems to be more dependent upon the material condition than for AA6063.
Some distinct differences were observed between the naturally and artificially aged
material conditions, especially for the 90° specimen. However, the r-values of the 0° and
90°directions in AA6082 are typically ~0.3 and ~0.6 respectively.
Figure 5.18 – Plastic strain ratio curves 0°, 45° and 90° related to ED at different
material conditions of AA6063 obtained with an initial strain rate of 1.1x10-3 s-1.
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Figure 5.19 – Plastic strain ratio curves 0°, 45° and 90° related to ED at different
material conditions of AA6082 obtained with an initial strain rate of 1.1x10-3 s-1.
The r-value curves obtained from the specimens deformed in the solution-heat-treated
condition of both alloys, and the two naturally aged conditions of AA6063 have a 
characteristic wavy shape. There are also traces of waves in the T4, 3h specimens
deformed in the 45° direction of AA6082. This wavy shape is related to the serrated 
yielding, and each peak in the curves corresponds to a deformation band passing the
transverse extensometer. When the band passes the extensometer the negative transverse
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strain will rapidly increase, i.e. the r-value increases. With artificial ageing, the serrated 
yielding will gradually diminish and the r-value curves become straight lines. It is clear
that ageing postpones the onset of serrated yielding to higher strains as shown in both
Figure 5.18 and Figure 5.19. It is also noteworthy that the onset-strain of serrated
yielding seems to be direction-dependent for alloy AA6063 T4, 24h, but not obvious for
the other ageing conditions. Also, the amplitude caused by the serrated yielding is very
anisotropic.
Moreover, the general shape of the r-value curves depends on the tensile direction and
the alloy composition, i.e. the shape of the r-value curves is texture dependent. The
characteristic shape is present also during the wavy behaviour but it is more evident after
the serrated yielding has come to an end. The r-values in the 0° and 45° directions of 
AA6063 are almost strain independent, being constant throughout the deformation
process. In general, the 90° direction has a gradual reduction in the r-value with
increasing strain, but for the T1 condition the slope is positive.
As a first approximation, all r-value curves for AA6082 have a linear shape, especially
in the solution-heat-treated and naturally aged condition. The plastic strain ratio in the
45° and 90° directions is reduced with increasing strain while the opposite behaviour is
observed when the specimens are deformed parallel to the ED. Closer investigations of 
the artificially aged material reveal that the plastic strain ratio increases for all directions
at small strains while decreases again at higher strains. This means that the plastic strain 
rate evolution goes through a local maximum during deformation. Indications of the
same behaviour are also observed after artificial ageing of AA6063 (see Figure 5.18).
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5.2.3 Age-hardening vs. anisotropy and shape
The end of cross-section shape (Figure 5.20) of both alloys in the solution-heat-treated
condition is concave when deformed in the 0° and 90° directions and convex when
deformed at 45°. This means that the transverse strain is highest at the surface when
deformed in the 45° direction and in the centre part of the profile when deformed in the
two other directions.
Figure 5.20 – End of cross-section shape after simple tension to the uniform strain in
material condition W, 10min. AA6063 (left) and AA6082 (right). The R-value presented
in the illustration defines the radius of curvature over the thickness.
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The longitudinal strain is assumed to be independent of the position through the
thickness, i.e. the transverse strain is directly linked to the r-values. In other words, the
profile has the highest r-value in the centre of the profiles when deformed parallel and
perpendicular to the ED and at the surface when deformed 45° related to ED. The effect
of the through-thickness gradient is most evident in the 45° and 90° direction specimens.
However, it is worth noticing that the affect of the through-thickness variations is more
pronounced for AA6063 than for AA6082. Micrographs of the end of cross-section
shape for all the specimens investigated are presented in Appendix E. 
The end of cross-section shape changes during age-hardening and the through-thickness
radius of curvature were determined in order to quantify these changes. Figure 5.21
presents the evolution in the inverse radius of curvature (1/R) during ageing of AA6063,
and it is evident that the differences over the thickness are strongly reduced during
ageing. A large absolute value means that the specimen has a large curvature over the
thickness, while a small value means that the specimen thickness is close to constant. It
should be noted that it is difficult to determine the radius of curvature accurately
especially when the specimen cross-section shape is close to horizontal, i.e. the
uncertainty of these measurements is more than r17%.
The end of cross-section shape is also altered due to age-hardening. The characteristic
concave and convex shapes of the thickness direction are very evident both in the 
solution-heat-treated and the naturally aged tempers (Figure 5.20). However, the
characteristic shapes disappear when AA6063 is artificially aged to T6 and T7, i.e. 1/R
becomes close to zero. The material obtains more isotropic properties through the profile
thickness and the thickness direction shape is close to horizontal. It is therefore 
reasonable to claim that age-hardening reduces or even removes the effect of through-
thickness gradients.
112
Experimental results – Part A
Figure 5.21 – Evolution in the end of cross-section shape of AA6063 during ageing.
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Part B: SEM In-situ investigations of plasticity
– Slip activity, grain rotation and texture 
evolution
Part B presents the results from in-situ deformation investigations (simple tension) in the 
SEM. SEM in-situ investigations facilitates studies on a grain scale, i.e. the grain
rotation, plasticity and local strain distribution have been investigated. Also, the global
texture evolution has been investigated by performing in-situ global texture
measurements using EBSD.
5.3 Initial investigations
This experimental technique is relatively new and has previously never been used on
extruded profiles of commercial Al-Mg-Si alloys. It was therefore necessary to verify the 
testing conditions utilised by performing some initial investigations prior to the in-situ
experiments. A recrystallized microstructure is desired in order to obtain high quality
EBSD patterns within a reasonable period of time and the SEM in-situ investigations are 
therefore only performed on the recrystallized AA6063. 
First the room temperature (RT) creep rate is determined by performing creep
experiments. The creep rate is critical with regard to the testing conditions, since it is 
important to select a strain rate higher than the current creep rate. It is known that plastic
deformation leads to increased creep due to accumulation of internal stresses in the
material. This means that the creep rate just prior to the ultimate stress is critical with 
regard to the in-situ experiments. Creep experiments performed at different nominal
stresses in the 0°, 45° and 90° directions are presented in Figure 5.22. This figure
confirms that the RT creep rate of AA6063 never exceeds 1x10-6 s-1. An initial strain rate
of 1x10-4 s-1 is therefore selected for the in-situ deformation investigations performed on
this material.
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Figure 5.22 – Measured room temperature creep rate at different nominal stresses in the
0°, 45° and 90°directions of AA6063 in material condition T1. The maximal nominal
stress is indicated by the dotted line.
Further, the in-situ deformation specimens are deformed in steps of typical 3% axial
elongation. The deformation process has to be stopped in order to perform static
investigations, i.e. EBSD mapping of the specimen surface. Figure 5.23 presents the
average stress vs. strain curve obtained from the load and displacement transducer for 
typical in-situ experiments 0°, 45° and 90° related to ED. The same figure also presents
curves from specimens deformed continuously with the same initial strain rate. The
stress drops observed in the in-situ deformed curves correspond to the pauses necessary
for the static investigations, and are related to stress relief in the material. However,
these stress drops are not expected to have any influence on the deformation process
since the overall shape from both sets of stress vs. strain curves is close to identical. 
Figure 5.23 – Stress vs. strain curves obtained from the in-situ tensile machine showing
no difference between the continuous and discontinuous deformed specimens.
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5.4 Global texture evolution with increasing strain 
In-situ specimens from the centre layer of AA6063 are deformed 0°, 45° and 90° related
to ED with an initial strain rate of 1x10-4 s-1. The specimens are deformed in steps of 3%
axial elongation in order to perform texture measurements, and in consequence obtain
information of the global texture evolution. The initial crystallographic texture of 
AA6063 consists mainly of the Cube, CG and Goss components as shown in Figure 5.8.
Figure 5.24 to Figure 5.26 present the initial texture as well as the texture at the uniform
strain and some intermediate strains for specimens deformed in the 0°, 45° and 90°
directions respectively.
Figure 5.24 – Calculated pole figures based on orientation data after different amounts of
axial elongation in the 0° direction. (a) Initial orientation (b) 6% and (c) uniform strain
(12%).
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The texture is relatively stable during deformation 0° and 90° related to ED, while
deformation in the 45° direction gives rise to quite large crystallographic rotations.
Figure 5.24 clearly shows that the crystallographic texture is totally unaffected by
deformation parallel to the ED. The pole-figures both after 6% deformation and at the
uniform strain are close to identical with the pole-figure calculated based on the
orientations acquired prior to deformation. The slight disparities can easily be explained
by the inaccuracy of the calculation method.
(Figure continues on next page)
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Figure 5.25 – Calculated pole figures based on orientation data after different amounts of
axial elongation in the 45° direction. (a) Initial orientation (b) 6% (c) 12% (d) 18% (e) 
24% and (f) uniform strain (27%).
As already mentioned, substantial crystallographic rotations are observed when the
material is deformation 45° to ED (Figure 5.25). The pole-figures show that the 45°
specimen rotates such that the [111] becomes aligned with the deformation direction
(DD). Further, the same figure shows that grains initially having a [101] parallel to DD 
rotates toward more stable orientations with a more random distribution of the [101]
direction. Notice also that the material rotates away from having a [100] parallel to the
ND.
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Figure 5.26 – Calculated pole figures based on orientation data after different amounts of
axial elongation in the 90° direction. (a) Initial orientation (b) 6% (c) 12% and (d) 
uniform strain (21%).
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Figure 5.26 shows that the texture hardly is affected when deformed 90° to ED. The
orientation of the slip planes and directions resembles those for specimens deformed
parallel to ED, hence it should be expected that the crystallographic texture of the 90°
specimen was unaffected by deformation. However, there are still some vague
indications of texture evolution for this specimen. The pole-figures show that grains
initially having close to a [100] parallel to the DD (slightly ED rotated grains), rotate
toward aligning the [100] to the DD. This means that the peak close to the transversal
direction of the pole-figure becomes somewhat narrower.
Moreover, more detailed examinations of the texture evolution during deformation
(Figure 5.27) reveal other important differences between the three directions
investigated. The evolution of the three most important texture components (Cube, CG
and Goss) has been investigated in great detail. All the investigated texture components
have a [100] parallel to the DD when deformed parallel to the ED. Figure 5.27 shows
that the intensity of these components is unaffected by deformation, thus indicating that
grains having a [100] parallel to the DD tend to be stable. Cube oriented grains also have
this [100] direction parallel to the DD when deformed 90° to ED, and the figure shows
that the area fraction of Cube oriented grains is close to constant also during deformation
in this direction (Figure 5.27). However, the two other texture components are not stable.
The area fraction of Goss oriented grains ([101] parallel to the DD) is reduced with
approximately 90% when deformed perpendicular to ED. Also the area fraction of the
CG component is somewhat reduced. This shows that the Goss and CG components are
stable in the 0° direction while the intensity decreases significantly when deformed 90°
related to ED. The greatest rotations are observed during deformation of the 45°
specimens. This becomes very evident if the area fraction of Cube oriented grains is
investigated in detail. The area fraction of this orientation is very high prior to
deformation (~35%) but it reduced dramatically (less than 1%) at the uniform strain.
This specimen also shows a considerable reduction of the CG component during
deformation. On the other hand, the Goss component is almost unaffected by tensile
deformation at 45°. However, it is important to bear in mind that the Goss component
has close to a [111] parallel to the DD when deformed in this direction. It is also worth
noticing that the DD with the most stable texture also has the largest work hardening rate 
and lowest uniform strain. 
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Figure 5.27 – Area fraction evolution of the Cube, CG and Goss components during
deformation (nominal strain) of AA6063. The corresponding full thickness true stress-
strain curve in material condition T1 is included.
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5.5 Grain rotation with increasing strain 
SEM experiments with improved resolution (reduced step size) are performed in order to
follow the grain rotation of individual grains during simple tension. Also here, 3% axial
elongation was selected as an appropriate deformation step size. Each grain is
represented by at least 500 orientation measurements and the data is used to calculate
both the rotation path and amount of rotation for grains with different initial orientation. 
Some grains develop internal orientation gradients during deformation and also these
gradients are investigated.
5.5.1 Rotation paths – heavily textured material
Inverse pole figures (IPF) present the rotation taking place during deformation. The
individual grains primarily rotate by aligning stable crystallographic orientations parallel
to the tensile direction (see e.g. Han et al. 2003). Hence, only the inverse pole figures in 
the deformation direction (DD) are of interest. Figure 5.28 presents DD IPF maps of the
initial orientations 0°, 45° and 90° related to ED. The DD IPF map evolutions upon
straining of these specimens are given in Figure 5.30 to Figure 5.32. The full range of
initial orientations was not covered by these experiments due to the strong
crystallographic texture. It was therefore not possible to study the rotations taking place
during deformation by simple tension for all possible types of grain orientations. The
crystallographic direction parallel to the DD is a combination of the texture and the
selected DD. The texture components will therefore behave differently when deformed
in different DD, e.g. a grain with Cube orientation has a [100] parallel to the DD when
deformed in the 0° and 90° directions and a [101] when deformed in the 45° direction (as
indicated in Chapter 5.4). A grain with a Goss orientation, on the other hand, has a [100]
and a [101] parallel to DD when deformed in the 0° and 90° directions respectively.
When deformed in the 45° direction, this texture component has close to a [111] parallel
to the DD, hence the rotation path is very dependent on both the crystallographic
orientation and the DD.
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Figure 5.28 – IPF map in the deformation direction of the initial (non-deformed)
orientations. The range of directions  (parallel to DD) is indicated by an IPF in the
upper right corner. (a) 0° direction (b) 45° direction and (c) 90° direction. The black
arrow labeled #1 in the figure indicates a grain used for orientation gradients
investigations in section 5.5.4.
DD&
It has already been shown that the present material has a very strong crystallographic
texture. Thus, the microstructure consists of grains with resembling crystallographic
orientations, i.e. neighbouring grains have close to equal crystallographic directions
parallel to the DD. However, there are some clear differences between the three
directions investigated. All the grains from the 0° specimen circumscribe the
pole of the DD IPF and most of grains from the 45° specimen circumscribe the
 pole, being red and green respectively (Figure 5.28). On the other hand, the
grains from the 90° specimen are scattered along the axis connecting the  and 
 poles of the DD IPF. This means that neither of the specimens provides
001 DD&
110 DD&
001 DD&
110 DD&
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information about grains with an initial orientation from the upper part of the IPF. In 
spite of these limitations, Figure 5.29 shows the rotation path uvw DD& of a 
representative selection of grains from specimens deformed 0°, 45° and 90° related to
ED. As a first approximation, it seems like the grains rotate toward aligning the
crystallographic directions with the  and the 111  poles of the IPF. 
Successive IPF maps also provide information about the rotation path, since alterations
in colour indicate the crystallographic rotation taking place as shown in Figure 5.30 to 
Figure 5.32. It is evident that the grains rotate toward the  and 111  poles
since the colour becomes more red and blue respectively. These figures also show that
the deformation process is very heterogeneous since the grains develop strong colour
gradients during deformation. Section 5.5.4 will present these heterogeneities in more
detail.
001 DD& DD&
001 DD& DD&
Figure 5.29 – Rotation paths in the IPF parallel to the DD upon straining to the uniform
strain. The arrows indicate the rotation path of individual grains. (a) 0° direction (b)
zoom of the [001] corner from the 0° direction. (c) 45° direction and (d) 90° direction.
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Figure 5.30 – IPF map in the deformation direction based on orientation data after
different amounts of axial elongation in the 0° direction. (a) Initial orientation, (b) 6%
and (c) at uniform strain (12%).
Figure 5.31 – IPF map in the deformation direction based on orientation data after
different amounts of axial elongation in the 45° direction. (a) Initial orientation, (b) 6%,
(c) 12%, (d) 18%, (e) 24% and (f) at uniform strain (27%). The black arrow labeled #1 in
the figure indicates a grain used for orientation gradients investigations in section 5.5.4.
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Figure 5.32 – IPF map in the deformation direction based on orientation data after
different amounts of axial elongation in the 90° direction. (a) Initial orientation, (b) 6%,
(c) 12%, (d) 18% and (e) at uniform strain (21%).
5.5.2 Rotation paths – random textured material
Figure 5.33 shows that specimens taken from the same material after cross-rolling and
subsequent heat-treatment possesses close to a random texture, i.e. the material has close
to isotropic mechanical properties. Another effect of the random texture is that the initial
orientation of the individual grains covers the entire inverse pole figure. Specimens
taken from this material are investigated under the same conditions as described above,
i.e. studying the rotation paths of grains with initial orientations not covered by the
strongly textured specimens. Figure 5.34 presents the IPF map evolution of the DD for a
specimen deformed in the 90° direction. It is evident that the crystallographic
orientations of the individual grains are widely spread for specimens deformed in this
direction, i.e. the grains have different colours in the IPF map. Further, the rotation paths
of a larger selection of grains from this specimen are presented in Figure 5.35. In
general, the individual grains of this specimen follow the same trends as the material
with a strong crystallographic texture. Consequently, the grains rotate toward aligning
the crystallographic directions with the  and 111  poles of the IPF.001 DD& DD&
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Figure 5.33 – True stress-strain curves 0°, 45° and 90° to ED after cross-rolling and
subsequent heat-treatment of AA6063 obtained with an initial strain rate of 1.1x10-3 s-1
(left). Calculated 111 pole figure representing the initial texture (i.e. lack of texture) after
cross-rolling and subsequent heat-treatment (right).
The area fraction of high angle grain boundaries (HAGB) is extensively increased after
the crystallographic texture is removed by cross-rolling and subsequent heat-treatment.
This is indicated by the grain boundaries included in the IPF maps presented in Figure
5.34. These maps contain a much higher fraction of HAGBs compared to the maps
presenting the microstructure in the as-extruded condition (see e.g. Figure 5.28). The
high fraction of HAGBs is consistent with the random texture observed in this material
condition.
Figure 5.34 – IPF map in the deformation direction based on orientation data after
different amount of axial elongation for a specimen with random texture deformed in the
90° direction. (a) Initial orientation, (b) 6%, (c) 12% and (d) uniform strain (18%). The
black arrow labeled #2 in figure (a) indicates a grain used for orientation gradients
investigations in section 5.5.4. The grains labbeled I-IV in figure (b) are the grains used
for crystallographic rotation investigations in Figure 6.19.
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The investigations performed on specimens without texture provide information about
the relation between rotation of individual grains and the crystallographic orientation of
the neighbouring grains. The individual grains in specimens without crystallographic
texture are surrounded by grains with a random selection of orientations, while the grains
in a specimen with very strong texture are to a large extent surrounded by grains with
orientations similar to the orientation of the grain itself. This has allowed investigations
of the enforced constraints introduced by the crystallographic orientations of the
neighbouring grains.
Notice that some black areas appear toward the end of the deformation process (Figure
5.34). The black areas consist of non-indexed pixels due to low pattern quality, i.e. the
crystallographic orientations can not be determined by the EBSD technique. The
appearances of these black areas indicate large topography at the specimen surface,
causing the pattern quality to drop dramatically in the shadows behind the introduced
obstacles.
Figure 5.35 – Rotation paths in the IPF parallel to the DD for a specimen with random
texture deformed 90° related to ED. The arrows indicate the rotation path of the
individual grains, starting at the initial orientation and ending at the orientation at
uniform strain. 
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5.5.3 Amount of rotation 
The amount of rotation during deformation is as indicated in the previous section, very
dependent on the initial orientation (Figure 5.36 and Figure 5.37). Here, rotation is
presented as a function of the macroscopic elongation (global strain) for a selection of
grains with different initial orientations. Only the crystallographic direction parallel to
the DD is taken into account during the selection of grains. The observations show that
grains having a [101] parallel to the DD rotates more than 3 times as much as grains
having more stable directions parallel to the DD, e.g. grain E rotates close to 20° during
deformation, while both grain A and I rotates less than 6°.
The individual grains in Figure 5.36 were taken from specimens having a strong texture
while the grains in Figure 5.37 were taken from specimens where the texture is removed
by cross-rolling and subsequent heat-treatment. It is worth noticing that the selection of
initial orientations in Figure 5.36 was obtained by choosing different deformation
directions from the material with strong texture, i.e. the total amount of deformation
(global strain) varies due to anisotropy in uniform strain. The amount of rotation for 
grains with close to identical crystallographic orientation differs for material with and
without any crystallographic texture. Grain C in Figure 5.36 and Grain 3 in Figure 5.37
have almost the same initial crystallographic orientation but the amount of rotation 
taking place during deformation is 11° and 4° respectively. The results clearly show that
the grains in a material with strong crystallographic texture (many of the neighbouring
grains have similar orientations) rotate more than grains in a material without a
pronounced texture.
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Figure 5.36 – Amount of crystallographic rotation as a function of the global strain for a 
selection of initial orientations in a material with strong crystallographic texture.
Figure 5.37 – Amount of crystallographic rotation as a function of the global strain for a 
selection of initial orientations in a material without crystallographic texture.
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The above two figures also show that the amount of rotation during deformation is
strongly dependent on the initial orientation. This means that the rotation of a texture
component is determined by the selected DD. The rotation behaviour of the Cube, CG
and Goss components has been investigated during deformation in the 0°, 45° and 90°
directions (Figure 5.38). Specimens from AA6063 (strong ED-rotated Cube texture)
have been used for this experiment. The results show a strong effect of the selected DD.
The Goss component rotates less than 4° when deformed in the 0° and 45° directions and
approximately 12° when deformed 90° related to ED. This observation is consistent with
the observations in Figure 5.36 and Figure 5.37. The Goss component has a [100] and
close to a [111] parallel to the DD when deformed in the 0° and 45° directions
respectively, but a [101] parallel to the DD when deformed in the 90° direction as shown
in Figure 5.38. Further, the Cube component has a [100] direction parallel to the DD
when deformed 0° and 90° to ED and a [101] parallel to the last direction. It is therefore
not surprising that for Cube oriented grains deformed in these three directions (Figure
5.38), only minor rotation is observed in the 0° and 90° directions (less than 4°) while
very large rotations (approximately 15°) appear when deformed in the 45° direction. It is
also worth noticing that none of the important texture components will give rise to
crystallographic rotations when deformed parallel to ED (less than 4°).
Figure 5.38 – Amount of crystallographic rotation as a function of the global strain for
the Cube (red), CG (blue) and Goss (green) orientations deformed 0° (square), 45°
(triangle up) and 90° (triangle down) related to ED. The crystallographic direction
parallel to the DD for the different texture components and deformation directions are
given in the IPF.
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5.5.4 Orientation gradients
The individual grains deform heterogeneously during plastic deformation, hence grains
develop internal orientation gradients. Orientation gradients develop throughout the
deformation process and are often very evident at the uniform strain. However, in some
cases, the orientation gradients are visible in the IPF maps already after 6% axial
elongation, i.e. the grains develop clear colour gradients which represent changes in
orientation across the grains (Figure 5.31). At high strains these colour gradients become
very evident and the orientation of the grain interior is represented by several colours.
The orientation gradient can be represented by a misorientation plot, where the reference
orientation is the orientation of the pixel in the centre of the grain. Figure 5.39 presents
the through grain misorientation evolution for a representative grain (see grain #1 in 
Figure 5.31) in a specimen deformed 45° related to ED. It is normal that grains have a
uniform orientation prior to deformation. This is the case also for this grain. However,
the grains often develop very strong orientation gradients toward the grain boundary
during deformation. At the uniform strain, a misorientation of 16° is observed between
the centre position and the grain boundary, and a steep orientation gradient is evident
close to the grain boundary, i.e. the grains deform (rotates) heterogeneously.
Other grains develop more complicated orientation gradients. Figure 5.40 shows the
orientation gradient observed in another grain (see grain #2 in Figure 5.34) taken from a
specimen without any texture. This orientation gradient is taken parallel to the DD and
the grain develops regions of different orientation (substructure) during deformation.
However, also this grain develops clear orientation gradients toward the grain boundary.
The misorientation between the centre position and the grain boundaries are as high as
10° at the uniform strain.
It should also be noticed that the length of the orientation profile across the grain under
consideration changes during deformation. This change in size is enforced by the
elongation/contraction of the investigated grain taking place by the plastic deformation
process.
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Figure 5.39 – Development of through grain misorientation gradients during deformation
of grain #1 (the gradient and centre point position of grain #1 is indicated in Figure
5.28). The length of the plot becomes shorter due to contraction during deformation. The
misorientation gradient becomes more evident at high deformation.
Figure 5.40 – Development of through grain misorientation gradients during deformation
of grain #2 (the gradient and centre point position of grain #2 is indicated in Figure
5.34). The length of the plot becomes longer due to axial elongation during deformation.
The misorientation gradient becomes more evident at high deformation.
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5.6 Plasticity
Aluminium alloys deform plastically with crystallographic slip as the most significant
deformation mechanism. Crystallographic slip often gives rise to slip traces at the
specimen surface. In the present work, SE micrographs of the specimen surface were
used to study the slip trace evolution of the recrystallized alloy during in-situ
deformation. Information from the slip trace investigations were also combined with
information about the crystallographic orientations, and the slip activity of the individual
grains were calculated based on this information. These investigations were performed
on AA6063 in material condition T1.
5.6.1 Slip trace evolution
Grains often develop slip traces due to the relative movement of parallel slip planes
taking place during dislocation movement. The microstructure often deforms
inhomogeneously, i.e. some grains develop visible slip traces earlier than other grains,
etc. If no slip traces are observed within a grain, this usually indicates that this grain does
not deform plastically, hence the grain is unfavourable oriented for slip. Figure 5.41 to
Figure 5.43 present SE-micrographs of the slip trace evolution for specimens with a
strong crystallographic texture deformed at 0°, 45° and 90° relative to the ED
respectively. Notice that these micrographs correspond to the IPF maps presented above
in section 5.5.1. The micrographs clearly show that some grains develop slip traces
already after 6% axial elongation and that the specimens taken in the 0° and 90°
directions generally start developing slip traces at higher strains than the 45° direction.
Also, the specimens deformed in the 45° direction have the most homogeneous
distribution of slip traces and only a very limited number of grains do not develop visible
slip traces.
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Figure 5.41 – SE micrographs of the same surface area (ED-ND plane) after different
amounts of axial elongation in the 0° direction. (a) Initial orientation, (b) 6% and (c)
uniform strain (12%). Alloy AA6063 strained in the T1 condition.
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Figure 5.42 – SE micrographs of the same surface area (ED-ND plane) after different
amounts of axial elongation in the 45° direction. (a) Initial orientation, (b) 6%, (c) 12%,
(d) 18%, (e) 24% and (f) uniform strain (27%). Alloy AA6063 strained in the T1
condition.
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Figure 5.43 – SE micrographs of the same surface area (ED-ND plane) after different
amounts of axial elongation in the 90° direction. (a) Initial orientation, (b) 6%, (c) 12%,
(d) 18% and (e) uniform strain (21%). Alloy AA6063 strained in the T1 condition.
137
Experimental results – Part B 
In general, the observations show that the individual grains in this material (strong ED-
rotated Cube texture) only develop a limited number of non-parallel slip traces.
However, it is important to remember that the Cube texture is very symmetrical for the 
selected deformation directions. Hence, in some special cases, slip on two different slip 
planes will produce close to parallel slip traces and it becomes difficult to determine the
exact number of slip planes activated. Nevertheless, even though the number of slip
traces is low for all deformation directions, the number of visible intense slip traces is
much higher for the specimen deformed in the 90° direction compared to the other two
directions. Figure 5.44 and Figure 5.45 show the evolution in the number of observed
slip traces in the individual grains during deformation 45° and 90° related to ED
respectively. It is also clear that a more uniform slip trace distribution is observed for the
45° specimens compared to the 90° specimens. Additional slip traces develop only in the 
neighbourhood of grain boundaries as shown in Figure 5.46, hence the whole grain is 
seldomly covered with these additional traces. However, in this investigation the number
of observed slip traces was determined based on the number of non parallel traces
observed within a single grain even though these do not cover the same surface area.
Figure 5.44 – Evolution in number of observed slip traces in the individual grains of a
specimen with texture during deformation 45° related to the ED. Grains without any
visible slip traces (grey), 1 (red) and 2 (blue) sets of visible slip traces are highlighted.
(a) 6%, (b) 12%, (c) 18% and (d) uniform strain (27%).
Figure 5.45 – Evolution in number of observed slip traces in the individual grains of a
specimen with texture during deformation 90° related to the ED. Grains without any
visible slip traces (grey), 1 (red) and 2 (blue) sets of visible slip traces are highlighted.
(a) 6%, (b) 12% and (c) uniform strain (18%).
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The trace morphology presented in Figure 5.46, shows that the slip traces often run
continuously through the grain interior and in some cases over the grain boundary into
the neighbouring grains. In other words, slip traces stretch from one grain into another,
often with only minor changes in the intersection angle over the grain boundary. This is 
very evident for the specimens deformed in the 45° direction where a regular set of slip 
traces stretches from grain to grain only with 1-2° change in orientation. The density of
continuous slip traces is not as high for the 90° specimens as for the two other directions.
However, also specimens deformed in this direction have several grain boundaries with
continuous slip traces, see e.g. Figure 5.47. The changes in orientation over the grain
boundary are often somewhat higher for this DD, and it is also more common that the
grain surface possesses an additional set of discontinuous slip traces.
Figure 5.46 – SE micrograph of the observed slip traces at the specimen surface for a 
specimen deformed 45° to ED. (a) At 9% deformation only one set of slip traces in each
grain has developed. 111 pole figures from the individual grains are included in order to
show the orientation differences over the grain boundaries. (b) A second set of slip traces
develops locally at 21% deformation.
The slip traces seem to be more irregular for the 90° specimens, and this is especially 
true for grains with an additional set of slip traces (Figure 5.47). Irregular slip traces are
also observed in grains with only one set of slip traces. Figure 5.48 shows two grains
with irregular slip traces in a specimen deformed parallel to ED. This kind of slip traces 
is more curved than the regular one. It is also observed that the slip trace separation
distance is enlarged for these grains, i.e. coarser slip trace distribution. The slip trace 
separation distance is as high as ~15μm for the grain on the left hand side of Figure 5.48,
while the typical value for a grain with regular slip traces is 1-3μm. It is also worth
noticing that the slip traces in grains with a high slip trace separation distance are often
thicker than ordinary slip traces. 
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Figure 5.47 – SE micrographs of the observed slip traces at 18% deformation for a
specimen deformed 90° to ED. The labelled grains are investigated in more detail in
section 5.6.2. (a) Grain without slip traces (#1) surrounded by heavily deformed grains,
and (b) two grains with multiple slip.
Figure 5.48 - SE micrograph of grains with one set of irregular shaped slip traces for a
specimen deformed parallel to ED. Please note the relative large separation distance
between the traces (coarse slip) for the grain labelled X.
The slip traces are also investigated for specimens where the crystallographic texture has
been more or less removed by cross-rolling and subsequent annealing. It should be
noticed that the slip trace distribution of this material condition is somewhat more
complicated. Figure 5.49 presents the slip trace evolution of such specimen deformed
90° to ED, and also here the micrographs correspond to the IPF maps presented in
section 5.5.1. The observed slip traces are more heterogeneously distributed and some
grains develop multiple slip traces already at 6% elongation, while other grains do not
develop any visible slip traces even at the uniform strain (Figure 5.50). The micrographs
of the slip trace evolution also show that a large fraction of the grains develop as many
as 3 sets of slip traces during deformation. The results presented here indicate that during 
deformation the material without texture develops denser and more multidirectional slip
traces compared to the material with strong crystallographic texture. 
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Figure 5.49 – SE micrographs of the specimen surface (ED-ND plane) after different
amounts of axial elongation for a specimen with random texture deformed in the 90°
direction. (a) 6%, (b) 12% and (c) uniform strain (18%).
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Figure 5.50 – Evolution in the number of observed slip traces in the individual grains
during deformation of a specimen without texture 90° related to ED. Grains without any
visible slip traces (grey), 1 (red), 2 (blue) and 3 (green) sets of visible slip traces are
highlighted. (a) 6%, (b) 12% and at (c) uniform strain (18%).
More detailed slip trace investigations of this specimen at 90° reveal that only a very 
limited number of slip traces transmit over the grain boundaries. The directional changes
over the grain boundary of continuous slip traces are also large compared to the changes
observed in the material prior to cross-rolling and subsequent heat-treatment. However,
the additional slip traces activated during deformation often coincide with the primary
slip traces of a neighbouring grain. Figure 5.51 shows a grain which locally develops
two sets of additional slip traces and these coincide with the slip traces of the nearest
neighbours. Only one set of slip traces are visible at 6% but one additional set of slip 
traces develop in the lower right corner of the grain after 12% elongation. This set of slip
traces is parallel to the primary slip traces of the grain directly beneath the lower right
corner of the grain investigated. Further, when this grain is deformed to a macroscopic
strain of 18% also a third set of slip traces has become visible. This set of slip traces
develops at the centre of the grain and are perfectly aligned to the slip traces observed in
the large grain above. In general, there are several observations showing that additional
slip traces developed during deformation are affected by the primary set of slip traces in
the neighbouring grains.
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Figure 5.51 – SE micrographs of the observed slip traces in a material with random 
texture. The lines indicate the observed slip traces and how additional slip traces can
coincide with the slip traces from neighbouring grains. (a) 6%, (b) 12% and (c) 18%. 
It is worth noticing that it is hard to observe any visible slip traces at the right hand side
of the grain investigated in Figure 5.51. Even at the uniform strain there are no visible
slip traces close to the grain boundary separating this grain from the two bright grains at
the upper left corner of the micrograph. The corresponding Taylor factor map of the
same grains (Figure 5.52) shows that the two neighbouring grains have a higher Taylor
factor, i.e. these grains are more difficult to deform and will most likely give rise to
additional constraint in this region.
Figure 5.52 – Taylor factor map of the same grain area as presented in Figure 5.51. The
calculations were performed by the Taylor FC method and based on the crystallographic
orientations prior to deformation.
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The Taylor factor is a direct result of the DD relative to the crystallographic orientations
and the calculation-method utilised. The calculated average Taylor factors (here, full 
constraint approach) of the present AA6063 alloy prior to deformation is 2.5, 2.9 and 2.6
for the 0°, 45° and 90° direction respectively. Hence, this material has close to similar
Taylor factors when deformed 0° and 90° related to the ED. However, the Taylor factor
change from grain to grain can vary substantially. Figure 5.53 presents the measured
area fraction of the Taylor factors for when deformation is utilised in three different
directions as well as for a specimen without texture deformed in the 90° direction. The
figure shows that the textured material has a large fraction of Taylor factors around 2.45
when deformed parallel to ED. If deformed perpendicular to the ED, some grains have
Taylor factors in the range 2.3-2.6 while other grains have Taylor factors of ~3.4.
Moreover, these results show that a specimen deformed 45° related to the ED has a
higher Taylor factor (close to 3.6) than the two other directions, i.e. see Figure 5.53 –
Figure 5.54).
Neither of the grains in the material without crystallographic texture has the same Taylor
factors, i.e. this material has a true random orientation distribution. This is further
confirmed by the graph in Figure 5.53 where the Taylor factor of the individual grains
varies from 2.3 to 3.5 without any evident major peaks. Still, the average Taylor factor
of this specimen is similar to the material with texture when deformed in the 0° and 90°
directions.
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Figure 5.53 – The area fraction of Taylor factors. Calculations performed by the Taylor
FC method based on the crystallographic orientations (~100 grains) prior to deformation.
The calculations based on a material with random texture are shown for comparison.
Figure 5.54 – Taylor factor map of specimens in the ED-TD plane with (a to c) and
without (d) a strong texture. Calculations performed by the Taylor FC method based on
the crystallographic orientations prior to deformation. The colour key represents the
Taylor factor of the individual grains. DD parallel to (a) 0°, (b) 45°, (c) 90° and (d) 90°
direction.
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5.6.2 Slip system activity 
The observed surface slip traces give valuable information about the slip activity. They
develop due to considerable slip on activated slip planes, and each slip plane consists of 
three different slip directions, i.e. three different slip systems. Therefore, the probability
of slip for each of these slip systems has to be determined. The Schmid value of all slip 
systems can be calculated based on the crystallographic orientation and the DD
(assuming uniaxial deformation in the individual grains). The number of slip systems
activated in each grain during simple tension deformation will depend on both the
Schmid value distribution among the 12 slip systems and the constraint enforced by the
surroundings. It is important to remember that the activated slip systems most likely
have to be among the potential active slip systems from a slip trace investigation.
Slip can in general take place without producing any visible slip traces if the plastic
deformation of the individual grains is homogeneously distributed in the microstructure.
Having said this, the materials investigated in this work seems always to deform in a 
more localised way, i.e. they always produce slip traces. On the other hand, also this 
material can in some special cases deform by slip without producing visible slip traces.
The slip traces will not be visible if the slip direction (Burgers vector) is parallel to the
specimen surface. The slip systems that fulfil this requirement can therefore be activated
without producing any visible evidence. The intersection angle between slip direction
and the specimen surface can be calculated based on the crystallographic orientation. For 
this investigation it was assumed that slip systems with an intersection angle larger than
10° will produce visible slip traces.
The Schmid value distribution is entirely controlled by the crystallographic orientations.
It has previously been shown that the present material consists of very symmetrical
texture components (Figure 5.5). Small rotations can therefore alter the Schmid value
distribution significantly. Figure 5.55 presents the Schmid value distribution of different
crystallographic orientations along the fibre connecting the Cube and Goss orientation
(45° rotation around the ED). The Schmid values of the slip systems are completely
independent of the rotation around the ED when deformed parallel to this direction (ED),
i.e. all the crystallographic orientations have 8 slip systems with a Schmid value of 0.408
while the remaining 4 slip systems have a Schmid value of zero. However, the rotations
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around the ED strongly affect the Schmid values when deformed in the TD (Figure 5.55 
(b)). When deformed in this direction, the two extremes, i.e. the Cube and Goss
orientation have 8 and 4 slip systems respectively with a Schmid value of 0.408, while
the remaining slip systems are at zero. The figure also shows that rotation as small as 5°
changes the Schmid value distribution significantly. The Schmid value of some slip
systems was altered as much as 0.039 due to this small rotation. Further, The CG
orientation is a less symmetrical orientation with regard to the selected DD and all the 
slip systems have non-zero Schmid values. Moreover, also for this orientation the
difference in Schmid value between the slip systems with the maximum and minimum
values is 0.408.
Figure 5.55 – Schmid values for the 12 potential slip systems of different
crystallographic orientation along the fibre connecting the Cube and Goss orientation.
Each column represents a 5° rotation along the ED-rotated Cube fibre. The Cube, CG
and Goss orientation is labelled red, green and blue respectively. Deformed in the (a) ED
direction and (b) TD direction.
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The calculated Schmid values presented above clearly show that crystallographic
rotation results in alteration of the Schmid value distribution. It has also been shown that
the individual grains rotate during simple tension deformation. Thus, also the Schmid
value distribution will be altered during deformation. The Schmid value distribution
evolution of individual grains with different initial orientations taken from a specimen
deformed 90° to ED (Figure 5.47) has been thoroughly investigated (Figure 5.56). It is
evident that the Schmid value evolution in grains with a stable crystallographic
orientation prior to deformation is relatively low (e.g. see Grain 1). However, there are
some clear fluctuations between the eight slip systems with close to identical Schmid
values, i.e. the ranking among these slip systems changes several times during
deformation.
Further, Figure 5.56 also shows that the alterations in the Schmid value distribution are
both more extensive and rapid when the grains have more unstable initial orientations
(e.g. see grain 2 and 3). The most favourable orientation of the individual slip systems
changes due to the crystallographic rotation, hence the Schmid value of the individual
systems changes. In general, it is observed that individual grains have a close to linear
Schmid value evolution during straining. It is also worth noticing that the most potential
slip systems prior to deformation maintain their high Schmid values at the uniform strain
even though the internal ranking may have been altered. This means that the slip systems
activated at initial plastic flow tend to stay active throughout the deformation process.
It is very rare that a slip system with a low initial Schmid value rotates in such a way that
it becomes a very favourable oriented for slip at the uniform strain. However, in some
extreme cases when the initial orientation is very unstable, also this kind of Schmid
value evolution is observed. As shown in Figure 5.38, grains having a [101] parallel to
the DD can rotate as much as 15° during deformation, hence the Schmid value of the
individual slip systems changes dramatically as shown in Figure 5.57.
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Figure 5.56 – Evolution in Schmid value distribution for grains with various initial
orientations deformed 90° related to the ED. The Schmid values after 0% (initial
orientation), 12% and 21% (uniform strain) deformation are labelled red, green and blue
respectively. The corresponding rotation paths are shown to the left. 
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The initial crystallographic orientation (red columns) of grain 4 results in four slip
systems having high Schmid values (0.39-0.43), while the remaining slip systems have
very low Schmid values (<0.04). The high value slip systems are concentrated to slip
systems operating on slip plane A and B (Schmid and Boas notation). The activation of
slip systems during deformation and the corresponding grain rotation result in a severe
reduction in the Schmid value for the two slip systems on plane A. The reduction in 
Schmid value after 27% axial elongation (blue columns) of slip system A3 and A6 is
0.24 and 0.15 respectively, while the Schmid values of B4 and B5 are close to constant.
However, the experimental results clearly show that the Schmid value of all slip systems
on plane C increases as a consequence of this crystallographic rotation. Further, it is 
clear that the increase in Schmid values on slip system C1 (0.26) and C5 (0.18) are equal
to the simultaneous reduction on slip system A3 and A6. From a Schmid value analysis
point of view, these Schmid value alterations make slip system C1 and C5 equivalent to
slip system A3 and A6 respectively. The crystallographic rotations have resulted in two
slip systems maintaining their high Schmid values at the uniform strain, four slip
systems have developed intermediate Schmid values (0.17-0.28) while the remaining slip 
systems maintain values close to zero. 
Figure 5.57 – Evolution in Schmid value distribution for a Cube orientated grain
deformed 45° related to the ED. The Schmid values after 0% (initial orientation), 12%
and 27% (uniform strain) deformation are labelled red, green and blue respectively. The
corresponding rotation path are shown to the left. Figure 5.58 presents the slip trace 
distribution of this grain.
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Moreover, both grain 1 and 4 have a crystallographic orientation close to the perfect
Cube orientation (see Figure 5.56 and Figure 5.57). The similarity in crystallographic
orientation makes these grains suitable for demonstrating the effect of the DD to the
activation of slip systems during deformation. Grain 1 is deformed 90° to ED while grain
4 is deformed 45° to ED. As mentioned above, grain 1 is stable while the orientation of
grain 4 is unstable. Grain 1 has a total of eight slip systems with Schmid values close to 
0.41 distributed on the four available {111}-planes. Since the Schmid value distribution
hardly changes, eight slip systems will be available until the material reaches the
uniform strain. On the other hand, Grain 4 has only four slip systems with Schmid values
close to 0.41 available at initial plastic flow. Further, crystallographic rotation results in
only two slip systems having this Schmid value at uniform strain. In other words, the
number of available slip systems with Schmid values comparable to the maximum
values observed in grain 1 is strongly reduced. In addition to the slip systems
maintaining their high Schmid values, grain 4 also has four slip systems with
approximately 0.5 times the initial maximum Schmid value.
Calculations of the theoretical slip traces are a favourable supplement to the observed
ones. In Figure 5.58 the theoretical slip traces of the four {111}-planes are overlaid the
observed slip traces after 12% deformation. It is evident that the theoretical slip traces of
plane B and in some cases plane A, fully coincide with the observed slip traces.
However, even at the uniform strain there are no observed slip traces parallel to the
theoretical slip traces of plane C and D.
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Figure 5.58 – Observed slip traces in Grain 4 after 12% deformation. The orientations of 
the theoretical slip traces from the four {111}-planes are as indicated. 
As shown in the previous section, the slip trace evolution is much more heterogeneous in
the material after the crystallographic texture has been removed. The results indicate that
this is also the case for the slip activity. The slip trace evolution (Figure 5.51) and the
corresponding Schmid value distribution evolution (Figure 5.59) of a grain from a
material with random texture deformed in the 90° direction has the following
characteristics. The observed slip traces labelled 1 to 3 in Figure 5.51 correspond to the
theoretical slip traces of plane A, B and C respectively. Slip system A6 has the highest
Schmid value, while A2 and A3 have low to intermediate Schmid values after 6% 
elongation (see Figure 5.59). Further, slip systems B2, B5 and C1 also have high Schmid
values at this strain level. However, from the micrographs presented in Figure 5.51, it is
evident that the observed slip traces originate from slip activity on slip plane A. Slip
traces from plane B become visible locally after 12% deformation. This means that at
least one additional slip system on plane B have been activated in this region. Further,
when the specimen is deformed to 18%, a second set of additional slip traces develop in 
another region of the grain. This set of slip traces coincide with the theoretical slip traces
of plane C.
These results show that the slip activity is very heterogeneous even within one individual
grain. The identified crystallographic orientations possess a substantial spread in Schmid
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values (Figure 5.59) and the slip systems most favourably oriented for slip are
distributed among several slip planes.
Figure 5.59 – Evolution in Schmid value distribution in a typical grain from a specimen
without crystallographic texture. The Schmid values after 6%, 12% and 18% (uniform 
strain) deformation are labelled red, green and blue respectively.
5.7 Local strain distribution 
As shown above, the individual grains have dissimilar slip activity due to variations in
crystallographic orientation and the material will therefore develop a local strain 
distribution during deformation. The slip distribution can even be very heterogeneous
within one individual grain, i.e. it develops strain gradients (see the previous section). In 
the following, the local strain distribution has been quantified on a grain scale in order to
understand how different texture components in a recrystallized aluminium alloy deform
plastically. The local strain distribution has also been investigated at the meso scale
(here; through the profile thickness).
The local strain distribution of the individual grains is obtained by the digital speckle
correlation analysis (DSCA) technique based on micrographs acquired in the SEM. The
technique is described in more detail in Chapter 2.6. With this technique, it is necessary
to produce a structured surface, i.e. it should be textured so that the matching procedure
yields a dense distribution array of homologue points. For the specimens investigated, in
this work, this was obtained by producing a gold grid on top of the electrochemically
polished surface.
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5.7.1 Micro scale
The local strain distribution in a specimen deformed 45° related to the ED was
investigated in order to study the effect of the initial orientation. It is important to
remember that this DD possesses more homogeneous deformation properties than the
other directions investigated (see Chapter 5.6 Plasticity). Figure 5.60 presents SEM
micrographs of the grid prior to deformation and at the uniform strain (27%). A visual
inspection of the distorted grid shows that the deformation is very heterogeneous. The
micrographs also show that the strain distribution is heterogeneous even within the
individual grains.
Figure 5.60 – Micrograph of the specimen surface having overlaid a gold grid to 
visualise the heterogeneous deformation. (a) Prior to deformation and (b) at 27%
deformation (uniform strain).
The IPF map shows that the majority of the grains have close to a [101] parallel to the
DD (green grains) while some of the grains have close to a [111] parallel to the DD (blue
grains) prior to deformation (Figure 5.61). This will again lead to some heterogeneity in
the corresponding Taylor factor map as shown in Figure 5.62. The calculated Taylor
factors indicate that some grains will deform quite easily while other grains are harder to 
deform. The Taylor factor map is more or less consistent with the visual observations of
the distorted grids presented in Figure 5.60.
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Figure 5.61 – IPF map of the same area (Figure 5.60) in the deformation direction based
on orientation data. (a) Initial orientation and (b) at uniform strain (27%).
Figure 5.62 – Taylor factor map of the same area as in the two previous figures
calculated from the Taylor FC method. The colour key represents the different Taylor
factors of the individual grains. (a) Initial orientation (b) uniform strain (27%)
To quantify the deformation heterogeneity, the local in-plane strain distribution was
calculated. In Figure 5.63, the major strain distribution after 16% and 27% (uniform
strain) axial elongation was calculated based on the SEM micrographs of the distorted
grids (Figure 5.60). The grain boundaries from the EBSD investigations are overlaid the
strain distribution map in order to separate the individual grains. These strain maps
clearly show that some grains are given large deformation while other grains hardly
deform at all. The heavily deformed grains deform up to 400% as much as grains with a
high Taylor factor. It is also worth noticing that the observed relative differences in
amount of deformation are close to constant throughout the tensile experiment. The
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strain distribution maps also confirm the observed heterogeneity within the individual
grains. The major strains can vary quite substantially from the centre of the grain toward 
the grain boundary, and differences up to 40% in relative numbers are often observed.
Figure 5.63 – Local major strain distribution of the same area as above, calculated by the 
DSCA technique from SE micrographs acquired during deformation. (a) 16% (b)
uniform strain (27%)
A different and even more pronounced type of local strain distribution becomes evident
at higher strains. The deformation localises when the material reaches post-uniform
strains and localised shear bands develop. As can be seen from Figure 5.64, further
deformation takes place within the band, and the border between the shear band and the 
surrounding material becomes very evident. It has been shown that all the investigated
directions of both alloys develop evident shear bands. However, the characteristics of the
shear bands are strongly direction-dependent. Further, the strain distribution within the 
shear band itself is also very heterogeneous (Figure 5.65).
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Figure 5.64 – Example of strain gradient at the edge of a shear band. The border between
the shear band and the surrounding material is indicated by the dotted line.
Figure 5.65 – Example of shear band development in the post-uniform strain region (a)
and close-up of the corresponding heterogeneous strain distribution (b).
Most of the grains are significantly deformed while other grains are weakly deformed.
This leads to extreme strain gradients as shown in Figure 5.66. It is not possible to
perform automatic strain measurements based on these micrographs due to the heavy 
distortion of the gold grid. The grid is therefore reproduced by image processing
software and the in-plane strains calculated manually. The results from these calculations
show that the strain increases with more than 500% in relative numbers over a distance 
less the 60μm (Figure 5.67). Hence, the strain gradients observed within the shear band
is of the same order as the strain gradients normally observed between the shear band
and the surrounding areas.
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Figure 5.66 – Micrographs presenting the strong deformation gradients observed in a
shear band (left part) at the post-uniform strain region. (a) SE micrographs (positions for
strain measurements are indicated). (b) Reconstructed grid as used for strain
measurments. The size of an initial grid element is also included for comparison.
Figure 5.67 – Local strain distribution within the shear band along the two axes indicated
in Figure 5.66.
If the local strain distribution in a grain from a specimen with an overlaid grid is
investigated in even more detail, it becomes evident that strain and strain measurements
on this length scale became complicated. Figure 5.68 presents the observed slip traces in
a specimen marked with a gold grid. It is clear that the material deforms by slip on
selected slip planes and not as a continuum. Hence, the strain distribution on this length
scale can probably not be described by continuum mechanics. The material deforms
heavily at the activated slip planes and these planes are separated by more or less
undeformed regions (Figure 5.68).
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Figure 5.68 – (a) Slip traces and local strain distribution on a grain scale. (b) Close-up of
an area with heavily distorted grids.
5.7.2 Meso scale
The meso scale heterogeneities of AA6063 have been studied by deforming in-situ in the
SEM (see Chapter 4.1 for the experimental details). The special specimen geometry
includes a possibility to perform through-thickness investigations of strain distribution
and also of the grain rotations taking place during deformation. Figure 5.69 presents the 
deformed surface microstructure at uniform strain for specimens tested in the three
different directions. They possess meso scale heterogeneities in addition to the micro
scale heterogeneities presented in the previous section.
The centre and middle layer (S=0.00 to S=0.85) of all specimens investigated deforms
relatively in-homogeneously, with a large fraction of the grains developing localised
coarse slip traces, e.g. see Figure 5.70 and Figure 5.71 for specimens deformed at 0° and
45° respectively. It is clear that the centre region is heavily deformed (pronounced
coarse slip) at the uniform strain level regardless of the deformation direction selected,
although the course slip distribution is not so pronounced in the 90° specimen.
There is also a small directional dependency with regard to deformation/strain
development in the surface layer (S=0.85 to S=1.00). A fine slip distribution is often
observed in the surface layer of the 0° specimens. These grains normally develop visible
slip traces first at high strains and some of them do not even develop visible slip traces at 
the uniform strain. The surface layer consists of grains with a very localised and coarse
slip distribution in the 45° direction. The extended region between the surface and the
centre layer on the other side shows a finer, i.e. more homogeneous slip distribution
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(Figure 5.69 (b)). The 90° direction, on the other hand, deforms with no obvious
differences between the different regions and most grains have relatively dense traces of
slip. However, some surface grains have localised coarse slip, even with cracking
occurring along the traces (Figure 5.69 (c)).
Figure 5.69 – Micrographs over the thickness at the uniform strain. Centre position
(S=0.00) at the top and surface position (S=1.00) at the bottom. (a) 0°, (b) 45° and (c)
90° direction.
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Figure 5.70 – Micrographs showing slip traces at the uniform strain (12%) for a
specimen deformed parallel to the ED. (a) centre position and (b) surface position.
Figure 5.71 – Micrographs of slip traces at the uniform strain (27%) for a specimen
deformed 45° related to the ED. (a) centre position and (b) surface position. 
Furthermore, the experimental results also show that there are substantial differences
between the 0° and 45° directions with regard to crystallographic directions parallel to
the DD. It has previously been shown that the material possesses a strong through-
thickness gradient (see section 5.1.3) that will affect the deformation properties. When
the grains in the centre layer are compared to the grains in the surface layer of specimens
deformed 0° and 90° to the ED, it is clear that the surface layer is unfavourably
orientated for slip and most of the deformation should therefore take place in the centre
region. This is not the case for the 45° specimen where the surface layer is equivalent or
even more favourable oriented for slip than the rest of the specimen. Hence, the amount
of deformation in the surface and the centre region should be close to equal in this
direction.
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Figure 5.72 – Taylor factor map calculated by the Taylor FC method based on initial
crystallographic orientations. Centre position (S=0.00) at the top and surface position
(S=1.00) at the bottom. (a) 0°, (b) 45° and (c) 90° direction.
This is clearly shown by the Taylor factor maps calculated based on the crystallographic
orientations prior to deformation (Figure 5.72). Both the 0° and 90° specimens have
relatively high Taylor factors (white) in the surface layer, while the Taylor factors in the
centre and middle layer of the profile are relatively low (red). The specimen deformed in 
the 45° direction has the lowest Taylor factors in the surface layer and high to very high
Taylor factors in the centre and middle layers. Therefore, the Taylor factor calculations
indicate that crystallographic slip is favoured in the centre and middle layer of the profile
when deformed parallel and perpendicular to the ED and in the surface layer when
deformed in the 45° direction.
In-situ investigations over the profile thickness have also revealed another type of local
strain distribution on the meso scale. Strain measurements performed by the DSCA
technique show that the strain is localised even prior to the uniform strain. This type of
strain localisation appears already after 9% deformation for the specimen deformed in
the 45° direction. Here, Figure 5.73 presents the evolution in the local strain distribution
during deformation. The software was not able to calculate the strain distribution at
uniform strain (27%) due to a large distortion of the grid elements. However, the 
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calculated strain distributions show that the deformation is localised bands oriented
approximately r45° to the DD. Notice that the distance between these bands seems to be 
very repeatable.
Further, the specimen surface develops large strains in areas where two bands intersect.
In other words, it seems that the deformation carried by the individual bands is additive
and the deformation in the intersection area is roughly equal to the sum of the two
accumulated strains. Figure 5.73 also shows that these areas can reach up to 63%
deformation while the specimen in average has a strain of 22.5%. Hence, the strain
observed in strain intensive areas is almost three times as high as the average strain.
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Figure 5.73 – Measured strain distribution evolution (DSCA technique) over the
thickness for a specimen deformed 45° related to the ED. Centre position at the top and 
surface position at the bottom. (a) 9%, (b) 13.5%, (c) 18% and (d) 22.5% deformation.
Strain distribution at higher strains was not possible due to a large distortion of the grid.
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Figure 5.74 shows that also specimens deformed parallel to the ED develop localised
deformation bands (r45°) during straining. However, the bands are not as pronounced
for this direction as for the 45° direction. By studying the strain distribution evolution in
more detail, it is clear that the localisation takes place at an earlier stage for specimens
deformed parallel to ED than for specimens deformed 45° to ED (see e.g. Figure 5.73 (a)
and Figure 5.74 (a)). It should also be pointed out that the local peak strain at the 
uniform strain is comparable for both directions investigated (~65%).
Figure 5.74 – Measured strain distribution evolution (DSCA technique) over the
thickness for a specimen deformed parallel to the ED. Centre position at the top and 
surface position at the bottom. (a) 9% deformation and (b) uniform strain (12%).
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6 Discussion 
The experimental results presented in the previous chapter deals with many of the
fundamental questions related to metallurgy and materials science of aluminium alloys. 
Hence, the discussion part of this thesis could easily have treated several important
topics in a shallow manner. Instead, a more comprehensive discussion of the main
objectives has been given, i.e. plasticity and mechanical anisotropy. The first part of this
discussion will look at the macroscopic anisotropy observed in the investigated extruded
profiles. Later in this chapter, the reasons for this observed macroscopic behaviour will 
be treated on a microscopic length scale, e.g. distribution of slip. This will be done by
looking into the deformation mechanisms operating in individual grains. As a result, this
chapter will result in an improved understanding of the plasticity taking place during 
forming of extruded Al-Mg-Si profiles.
6.1 Mechanical anisotropy
The mechanical anisotropy is in many respects one of the most important mechanical
properties of any material that will be plastically formed to its final shape. It is crucial to 
fully understand the causes for anisotropy, and how these can be governed. This chapter
will therefore be used to discuss the different causes for mechanical anisotropy and how
these can be explained from a metallurgical point of view.
6.1.1 Crystallographic texture
In order to discuss the observed mechanical anisotropy, it is necessary to reapet some of
the main findings related to microstructure and crystallographic texture. The two present
alloys have different microstructure and crystallographic texture characterisitics. The
non-recrystallized alloy (AA6082) has a fibrous microstructure with a typical
deformation texture having a maximum intensity of 13 times random. The texture is
dominated by the Brass (B) and S components, which are typical for plane strain
compression (Humphreys and Hatherly 1996). The microstructure in the centre part of
the profile also consist of relatively large amount of retained Cube, as shown by the large 
fraction of Cube bands at S=0.00 (Figure 5.9). This kind of band is often related to plane
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strain deformation, which also is the deformation mode in the centre part of the profile
(Vatne et al. 1996a). The surface region of a profile is subjected to heavy shear
deformation during extrusion, hence it could be expected that this area develop a strong
shear texture. However, in the surface region, the driving pressure for recrystallization
(PD) exceeds the retarding forces from precipitation of MnAl6 type dispersoids (Petzow
and Effenberg 1993). This results in a surface region with a recrystallized microstructure
with close to random texture with traces of typical shear components (Humphreys and
Hatherly 1996).
AA6063 on the other hand, has a fully recrystallized and equiaxed microstructure with a
belonging crystallographic texture. The global texture of this profile is strong, with the
most pronounced texture components having intensities close to 27 times random. This
is more than twice as high as the intensity observed for the most pronounced texture
components of AA6082. The Cube and the ED-rotated Cube (CG and Goss) orientations
are the main texture components of this recrystallized profile. Vatne et al. (1996b) have
shown that the origin of the Cube (C) orientation is the growth of highly mobile 40°
<111> interfaces between grains with retained Cube and S orientation. Further, it is
assumed that grains with a Goss orientation can grow out of transition bands within
grains having the Brass orientation (Hjelen et al. 1991). From these observations it
seems like the recrystallization texture is dependent on the deformation texture prior to
recrystallization (see e.g. Furu et al. 2004). The surface layer of this profile is also 
without any texture due to the same reasons as for AA6082.
It is noticable that AA6063 most likely possess microstructure and texture equal to
AA6082 prior to recrystallization (Furu et al. 2004). This means that the deformation
texture of AA6082 might be used to explain the observed texture in AA6063, as
suggested by Furu et al. (2004). The centre layer of AA6063 has a very strong Cube 
texture which diminishes somewhat toward the surface layer (Figure 5.8). This is most
likely related to the area fraction of the retained Cube and S orientation prior to
recrystallization (Figure 5.11). The area fraction of S orientation increases but the area
fraction of retained Cube decreases dramatically. The model presented by Vatne et al.
(1996a), suggest that the area fraction of Cube should decrease toward the surface, i.e. in
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accordance to the present observations. Figure 5.11 also shows that the area fraction of
Brass increases a good deal toward the surface of the fibrous microstructure.
Previously, it has been shown that recrystallized grains with Goss orientation originate
from heavily deformed Brass-grains exposed to high temperatures (Bowen 1990). It has
also been shown by Hjelen (1990) that recrystallized grains with Goss orientation tend to
grow into areas with a high fraction of Brass oriented grains. These previously reported
results are therefore consistent with the large increase of Goss oriented grains in the
middle layer of AA6063.
It is suggested that the strong through-thickness gradients observed in the recrystallized
profile can be explained by the heterogeneous deformation in the extrusion die. A more
detailed discussion on how Taylor analysis can be used to explain thickness gradient
anisotropy will be given below (Chapter 6.2). Furthermore, nature of these gradients and 
the possible effect of these on formability of extruded profiles will be discussed in more
detail in Chapter 6.4.
Age-hardening effects
Natural- and artificial-ageing and ageing mechanisms, in it self, has not been
investigated in this work. The focus of this work has rather been to study the effect of
age-hardening on the mechanical anisotropy observed in the present two Al-Mg-Si-
alloys. The present findings support the theory suggesting that the deformation is 
heterogeneous and occurs in bands of dislocations on <111> planes in the case of
shearable precipitates, while for non-shearable precipitates, a relatively homogeneous
distribution of slip is observed (see section 2.7.4 for details). Section 5.2.3 shows that
both alloys posses an evident mechanical anisotropy in the solution-heat-treated
condition (W, 10 min). In this condition, the anisotropy is in large extent determined by
the crystallographic texture. The tensile test results have shown that naturally ageing to
the T4 3h, T4 24h and T1 conditions introduce a substantial quantity of shearable
precipitates (i.e. strength increases). These precipitates are normally homogeneously
distributed in the matrix hence the most potential slip systems prior to precipitation will 
probably still be among the most potential slip systems after the shearable dislocations
have been introduced.
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Further, the activated slip systems in the present AA6063 with a strong crystallographic
texture will remain or even become more potential when they first have been activated.
Hence, the mechanical anisotropy will hardly be affected by the introduction of
shearable precipitates. However, when Al-Mg-Si-alloys are artificial aged to the peak
aged (T6) and over aged (T7) conditions, the microstructure will consist of a
combination of shearable and non-shearable precipitates. Very truly, the introduction of
non-shearable particles clearly distributes the deformation and the mechanical properties
become more isotropic as shown in Figure 5.15 and Figure 5.16.
Further, it has been pointed out in Chapter 2 that the introduction of particle free zones
(PFZ) after ageing to the T7 condition could alter the mechanical anisotropy observed in
age-hardenable aluminium alloys (Poole et al. 2005). The PFZ regions might carry a
large portion of the strain, which again could make the anisotropy more grain shape
dependent. This will not affect AA6063 (equiaxed grains) while the AA6082 could be
influenced by these effect due to a fibrous microstructure. If the figures presenting the
effect of ageing on the mechanical properties (Figure 5.15 and Figure 5.16) are studied
in great detail, it could be argued that AA6063 has more isotropic mechanical properties
than AA6082. However, the particle free zones (PFZ) in Al-Mg-Si-alloys are normally
very narrow and therefore this effect could most likely be neglected for the alloys
investigated in the present work.
Another associated observation regarding the age-hardening – aniotropy interaction is
the tensile sample end of cross-section shape (Figure 5.20). This figure shows a strong
cross-section curvature in the solutionised condition. This curvature is most likely
related to the through-thickness texture variations that will be discussed in the following
section. When the specimens are artificially aged, this texture effect is suppressed, and
the end of cross-section curvature disappears. Based on the discussion above, it is
reasonable to assume that the cross-section curvature disappears because the slip
distribution is to a larger extent determined by the introduced precipitates and the
influence from crystallographic texture becomes less important. This means, that the slip
distribution has become more homogeneous through the cross-section of the profiles.
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6.1.2 Texture vs. Mechanical observations (mainly
AA6063)
Simple tension investigations performed 0°, 45° and 90° related to ED confirms that
both AA6063 and AA6082 possess strong mechanical anisotropy in the solutionised
condition (see Figure 5.12 and Figure 5.13). AA6063 has an equiaxed microstructure
and a strong Cube texture somewhat rotated around the extrusion direction (ED) as
shown in Figure 5.4. As a first approximation, one can assume that a material carrying a
strong Cube texture has close to isotropic mechanical properties parallel and
perpendicular to the ED due to the highly symmetrical Cube orientation (see e.g. Li and
Bate 1991 and Lopes et al. 2003). However, the observations in Figure 5.12 indicate that
this is not the case for the recrystallized profile investigated in this work. This alloy
exhibits significant mechanical anisotropy, i.e. especially when observing the non-
artificial aged conditions.
In general, the shear stress (W ) vs. shear strain ( J ) curves for materials where the
anisotropy is governed by the crystallographic texture is directional independent. This
means that materials with texture controlled anisotropy have coincident W J curves in
all deformation directions. The shear stress and shear strain can in basic be calculated
based on the axial stresses and strains together with the corresponding Taylor factor (M).
 M
VW
H
   and  MJ H H   (24)
where  M H is the Taylor factor at a given strain (H ). The Taylor factor is calculated
from the crystallographic texture applying crystal plasticity models. This means that it is 
necessary to acquire the texture evolution during deformation in order determine the
Taylor factor evolution. It has been shown in previous works that changes in initial
texture due to age-hardening of AA6063 are minimal (Li and Van Houtte 2002b, Ryen
2003, Bjerkaas et al. 2005). Taking these observations, the initial Taylor factor seems
not dependent on the actual material condition.
Ryen (2003) tried to explain the origin of the observed mechanical anisotropy of 
AA6063 and AA6082 by comparing the shear stress and shear strain relationship 0°, 45°
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and 90° related to ED. However, Ryen based his Taylor factor calculation only on
texture measurements prior and after simple tension deformation. Further, he assumed a 
linear Taylor factor evolution during deformation:
   0M M aH H    (25)
where  0M is the Taylor factor prior to deformation and a is the slope of the linear
Taylor factor evolution. These results showed large variations between the different
deformation directions even at the onset of plastic flow, where no work hardening or
texture changes have occurred.
The investigations initiated by Ryen (2003) have been continued in the present work in 
order to fully understand the mechanical anisotropy observed in the two Al-Mg-Si
profiles. New Taylor factor calculations were performed using the same software
(MTM-FHM software system (Taylor model), see section 2.4.2 for more details). In
addition, in-situ deformation experiments in the SEM provided more detailed
descriptions of the texture evolution upon tensile deformation.
It has been shown (Figure 6.1) that the calculated Taylor factor evolution with increasing
strains actually follows close to a linear relationship. Hence, the above linear assumption
made by Ryen (2003) should provide a nearly satisfying description of the
crystallographic texture evolution. The corresponding W J curves based on the texture
measurements and Taylor factor calculations performed in this work are presented in
Figure 6.2. These curves diverge from the experimental non-artificial aged curves 
(Figure 5.12), since the stress level of directions 45° and 90° have exchanged their
relative positions at the highest strain-level. Another discrepancy is that the experimental
curves for the 45° and 90° cross each other for the W- and T4-conditions, but the
calculated curves in Figure 6.2 do not capture this evolution. However, the calculations
are correctly predicting that the 0°-orientation has the highest stress level. Moreover,
calculations made by the Taylor relaxed constraint (RC) method seems to provide more
coincident results than the full constraint (FC) method since the former indicates less
difference in stress levels comparing the different directions. In general, the Taylor based
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calculations reveals a shear stress level ~20-70% above the experimental values (W-
condition).
Further, if the anisotropy is assumed to be caused by crystallographic texture, these
calculations reveal that the material tend to deform with fewer activated slip systems 
than assumed in the classical Taylor full constraint (FC) method. This will be further
discussed in Chapter 6.3.
Figure 6.1 – Evolution in Taylor factor during straining of AA6063 0°, 45° and 90°
related to ED. Calculations are performed with both full constraint (blue) and the relaxed
constraint (red) Taylor model. Please, note that deformation is given in nominal strain.
Figure 6.2 – Calculated shear stress vs. shear strain curves for the investigated directions
of AA6063. The calculations are based on the Taylor factor evolution during
deformation (Figure 6.1). The Taylor factor calculations are performed with both the full
constraint (left) and the relaxed constraint (right) Taylor model.
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In the past several investigations have been performed on materials having a strong Cube
texture and it was suggested that the mechanical anisotropy mainly is controlled by the 
crystallographic texture (e.g. Li and Bate 1991, Lopes et al. 2003 and Wu et al. 2004).
Common for all these investigations is the large 0°/90°symmetry of the texture. Hence,
these materials possess close to equal properties 0° and 90° to the ED. However, the
Cube component of the recrystallized AA6063 alloy investigated in this work, is 
somewhat rotated around the ED. Therefore possesses this material a much more
asymmetrical distributed but equally strong Cube texture. Hence, the ED rotated Cube
gives rise to differences between the 0° and 90° as shown by the inverse pole figure
(IPF) maps presented in Figure 5.28. Almost all the grains (Cube, CG and Goss oriented
grains) have a [100] direction parallel to the DD when deformed parallel to ED. When
deformed perpendicular to ED, the same grains have non-equal crystallographic
directions parallel to the DD. Grains with a CG or Goss orientation have a [012] or a
[110] parallel to the DD respectively. This may indicate that the Schmid values of the 
individual slip systems are strongly altered compared with deformation parallel to ED 
(Figure 5.55). The spread in crystallographic orientations parallel to the TD means that
the probability for slip differs significantly among the individual grains. This is 
supported by the Taylor factor histogram and maps, given in Figure 5.53 and Figure 5.54
respectively, showing large variations between neighbouring grains in all directions
compared to the 0° direction. It has been shown (section 5.6.1) that the orientation
spread observed in the 90° specimens leads to a heterogeneous activation of slip 
systems. Further, it is reasonable to assume that this will affect the macroscopic stress-
strain behaviour of the material and could therefore contribute to explain the observed 
anisotropic stress-strain curves.
Moreover, it has also been reported that the crystallographic orientation parallel to the 
DD is of great importance for the work hardening, especially at low strains 
(Honeycombe 1984). Diehl (1956) performed detailed investigations of the work
hardening rate at low strains for copper single crystals with a wide range of crystal 
orientations. He found that crystallites with a [110] parallel to the DD have a lower strain
hardening rate then crystallites oriented near the line attaching the [100] and the [111]
corners of the inverse pole figure. This behaviour has also been confirmed for aluminium
(see e.g. Lucke and Lange 1952, Noggle and Koehler 1957). These observations
173
Discussion
performed on single crystals may also be valid for deformation of polycrystals. As
mentioned above, nearly all the grains have a [100] parallel to the DD when deformed
parallel to the ED, while other crystallographic directions are present when deformed
perpendicular to the ED. Hence, it is reasonable to assume that the specimens deformed
parallel to ED have more pronounced work hardening at low strains. This is consistent
with the observed stress vs. strain relationship in the solutionised and natural aged
condition for AA6063 as shown in Figure 5.12, i.e. the 0° specimens have a high work
hardening rate compared to the two other directions.
The area fraction evolution of the different texture components is also interesting with
regard to the observed anisotropy. The texture evolution presented in Figure 5.27 shows
that the stability of the different ideal texture components depends on the DD selected. It
is important to remember that both the Cube, CG and Goss orientations all have a [100]
parallel to the ED (ED rotated Cube orientations). Hence, since the crystallographic
orientation parallel to the DD is of main importance with regard to grain rotation during
deformation (see Chapter 5.5) these orientations will behave similarly when deformed
parallel to the ED. The highly symmetrical Cube orientation is stable both parallel and 
perpendicular to the ED during deformation to low and intermediate strains. The
intensity of the Cube orientation is however slightly reduced at high strains (>15%)
when deformed in the 90° direction. This means, at least at low and intermediate strains,
that the cube oriented grains are expected to give the same work hardening and stress vs.
strain relationship contribution when deformed 0° and 90° related to ED. However, for
this assumption to be valid, the orientation of the neighbouring grains should not affect
the slip behaviour of individual grains. This assumption is therefore not completely
valid, but it should at least give a good indication of the work hardening contribution
from Cube oriented grains.
The Goss grains on the other hand have a more unsymmetrical crystallographic
orientation with regard to the 0° and 90° deformation directions. Hence, the stability of
this orientation is more dependent of the selected DD. Figure 5.27 shows that the Goss
orientation is stable during deformation parallel to the ED while very unstable during
deformation perpendicular to the ED. Grains with a Goss orientation have as already
mentioned several times, a [100] and a [110] parallel to the DD when deformed parallel 
174
Discussion
and perpendicular to the ED respectively. As a consequence, the activation of slip 
systems will differ substantial during deformation in these two deformation directions,
and both work hardening and the stress vs. strain contribution from these grains will be
strongly directional dependent.
The same argumentation can be used for the CG orientation. However, the differences
are not expected to be as large as for the Goss orientation since the CG orientation is
more stable in the 90° direction. When studying the different texture components during
deformation, it is also conspicuous that the Cube orientation is extremely unstable during
deformation 45° related to ED. The Cube orientation has a [110] parallel to the DD when
deformed in this direction hence it is reasonable to expect a large reduction in the area
fraction of Cube oriented grains during deformation in the 45° direction. It is also worth
noticing that the texture evolution during tensile deformation is consistent with the grain
rotation path and amount of rotation results presented in Chapter 5.5. From the above
discussion, seems reasonable to believe that the observed texture evolution upon tensile
straining could be used to support a texture dependent mechanical anisotropy.
However, it could be claimed that the above discussion does not take the interaction
between the neighbouring grains into account. The accumulation and movement of
dislocations in the vicinity og the grain boundaries are normally dependent on the
orientation of the neighbouring grains and will therefore substantially affect the work 
hardening contribution of the different texture components. The slip-trace investigations
presented in section 5.6.1 show that there is an evident directional dependency on how
slip traces intersect the grain boundaries (see e.g. Figure 5.46 and Figure 5.47). The
micrographs indicate that the slip traces intersect the grain boundaries quite easy when 
deformed 45° to ED, while intersections seems to be more difficult when deformed
parallel or perpendicular to ED. However, the latter statement is difficult to proof.
Deformed specimens should therefore been investigated in a transmission electron 
microscope (TEM) in order to determine any slip activation differences between the 0°
and 90° directions. Anyway, if a statistical significant variation with regard to the
crystallographic orientations of the neighbouring grains exists, this is governed by the
texture. Hence, also this issue supports a texture determined mechanical anisotropy.
175
Discussion
Further, Figure 6.3 presents the V H curves for AA6063 in material condition T1 at the
onset of plastic flow. These curves show that the specimens deformed parallel to the ED
and to some extent 45° to, ED have much sharper elastic to plastic transition than the 90°
specimens. This is most likely related to the activation of slip systems in the individual
grains. The spread in Schmid values for the 90° specimens means that the individual
grains will reach the critical resolved shear stress ( scW ) after various amounts of
deformation, hence the material has a “soft” yield point. All the grains in the 0° 
specimen on the other hand, have a close to identical Schmid value distribution and will 
therefore reach the critical resolved shear stress at approximately the same strain, hence
the 0° direction possesses a sharp elastic-plastic transition. To be mentioned, the 
crystallographic texture of AA6082 on the other hand, indicates that all the investigated
directions have the same spread in Schmid values. This results in a similar transition for
all directions.
Figure 6.3 – Stress vs. strain behaviour at the onset of plastic flow for AA6063 (left) and
AA6082 (right). Please note that this is segment of the whole true stress vs. strain curve.
The observed differences between the 0° and 90° specimens on one side and the 45°
specimens on the other side are therefore related to differences in the Taylor factor, i.e.
crystallographic texture variations. Hence, the anisotropy in yield strength and plastic
deformation properties of AA6063 can be related both to variations in crystallographic
texture and variations in crystallographic texture distribution (texture spread).
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6.2 Observations and Taylor analyses regarding 
through-thickness variations 
The results presented in Chapter 5 clearly showed that the investigated profiles possess
evident through-thickness variations. There are different approches to obtain an
understaning of and the causes for these effects. The through-thickness variations can be
engaged either by Tyler-type calculations or experimental investigations. This chapter
will bu used to discuss through-thickness variations as well as limitations with both
methods of engaging this problem.
6.2.1 Taylor analyses
As already shown, the profiles investigated in this work possess strong texture and grain
morphology gradients (see section 5.1.3). It is therefore reasonable to assume that
Taylor-type calculations based on orientation data taken from the different position
through the thickness will give rise to variations in mechanical properties. Therefore,
initial crystallographic orientations have been used as input to Taylor method
calculations of materials properties through the Taylor factor (M-factor). Also, the
plastic strain ratio, or r-value, can be calculated based on the crystallographic orientation
data. Taylor method calculations are performed at all the positions through the profile
thickness (S=0.00 to S=0.99) with deformation tensors corresponding to simple tension
at 0°, 45° and 90° related to ED. The Taylor full constraint (FC) and the relaxed
constraint (RC) methods are used to predict properties for recrystallized (AA6063) and
fibrous (AA6082) microstructures respectively. However, the evaluations are based on 
both methods in order to fully evaluate the texture-based calculations (e.g. see Figure
6.4).
The calculations based on the RC method show that the M-factor of AA6063 increases
toward the surface when deformed in the 0° and 90° directions and decreases when
deformed in the 45° (Figure 6.4). It is worth noticing that the RC method calculations of
AA6082 give rise to the opposite behaviour as to AA6063, i.e. the Taylor factor
decreases toward the surface when deformed 0° and 90° related to ED and increases
when deformed in the 45° direction (see Figure 6.4). However, the Taylor factor
increases toward the surface in all deformation directions when calculated by the FC
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method. The only difference between the two calculation procedures is the relaxation of
two shear directions ( 13H and 23H ) for the RC-method (pancake shaped grains). Hence,
the number of activated slip systems is five and three slip systems for the FC and RC
method respectively. By comparing the results from these two methods one can evaluate
whether the Taylor factor gradient can be directly linked to the activation of slip systems
during deformation.
As mentioned above, the anisotropy differences in the M-factor between the FC and the
RC calculations are more pronounced for AA6082 than for AA6063. The Taylor factor
calculations of AA6082 made by the FC method are generally twice as high as the RC
calculations. This indicates that AA6082 is more dependent upon the number of slip
systems physically activated. Further, the calculations indicate that the resistance
towards deformation increases more for AA6082 than for AA6063 if the material needs
to activate five instead of three slip systems in order to deform. As expected, the FC
calculations will always give a higher Taylor factor than the RC calculation and this is 
simply related to the activation of slip systems. The RC method takes use of the three
slip systems most favourable oriented for slip, while the FC method has to add two
additional slip systems which are more unfavourable oriented. Thus, the FC method will 
therefore always give a higher M-factor. However, a more detailed discussion on the
number of slip systems activated during deformation and how this correlates to the
different calculation methods will be discussed further in Chapter 6.3.
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Figure 6.4 – Texture-based calculations of Taylor factors at different positions through
the profile thickness. (a) AA6063 and (b) AA6082.
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6.2.2 Evaluation of the Voce-type model 
Furthermore, the observed through-thickness variations will affect the mechanical
properties of the different layers through the thickness. Also the Taylor factor
calculations indicate that the mechanical properties should vary significantly through the
profile thickness. Fjeldbo et al. (2005) have calculated the mechanical properties of the
different layers of AA6063 (0° direction), based on the orientation data acquired in this
work (M-factors). In the latter work, the critical resolved shear stress (W ) has been
expressed as a function of the resolved shear strain ( J ) by an extended Voce expression
(Voce 1948):
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where 0W , , , and are fitted parameters, determined from the experimental
behaviour of a full thickness specimen. Further, the resolved shear stress and strain is
here related to the true stress (
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From the last expression, it is clear that the initial yield stress is scaled against 0MW ,
where 0W is strongly dependent upon the microstructure. Further, also the curve shape is
a product of both the fitting parameters and the calculated Taylor factor. This means that
the calculated stress strain behaviour (Figure 6.5) will be independent of microstructural
variations between the individual layers, but is fully based on variations in
crystallographic texture. Consequently, the relative ranking between the different layers
through the thickness is fully determined by the differences in texture (M-factor).
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Figure 6.5 – Calculated variations of stress-strain curves parallel to the ED at different
positions through the thickness of AA6063 (after Fjeldbo et al. 2005).
As expected, these texture-based calculations show that the mechanical properties of the
different layers vary significantly. The calculations for the 0° orientation show that both
the initial yield strength and the work-hardening rate is high for the surface layer 
(S=0.99) compared to the centre region (S=0.00 – S=0.70). However, these calculations
by Fjeldbo et al. (2005) are in contradiction to the experimental results obtained from
simple tension experiments performed in this work. Specimens taken from the different
positions through the profile thickness have been tested (Figure 5.14) and the behaviour
is completely opposite of the texture-based calculations. This means that in this direction
(0°) the highest yield strength and work-hardening rate were found in the centre region
(centre and middle positions) while the surface position (S=0.99) possessed both lower
strength and less work-hardening.
As shown in Chapter 5, the AA6063 profile possesses an evident through-thickness
microstructural gradient (Figure 5.6). It is expected that such variations will affect both
the yield stress and the overall work-hardening rate (shape of the stress-strain curve),
layer by layer. This is especially true close to the specimen surface, were the differences
in grain sizes are extremely large (Table 5.1). Microstructural heterogeneities can be
taken into account by varying the initial shear strain ( 0W ) through the profile thickness
(  0 SW ). Such variations are not included in the mentioned calculations, something
which certainly reduces the validity.
181
Discussion
Further, it could be claimed that the observed differences between calculations and
experiments are basically linked to the errors in the yield stress calculations. Hence, the
shape of the stress-strain curves should be predicted satisfactorily by use of the Taylor 
factors as input to the Voce type model. However, none of the experimental curves can
be predicted correctly by the calculated M-factors. Altough, there is an adequate fit for 
the specimens taken from the centre region, and the texture of this region is equivalent to
the global texture (which has been used for calibration of the fitting parameters).
Therefore, it is only in this central layer that the calculated curves fit the experimental
observations. On can, of course, claim that the observed differences can be related to an
intrinsic error in the Voce type model, but it is more reasonable to assume that the
disparities are related to the utilised Taylor factors.
Another important shortage with these calculations is not to include the Taylor factor
evolution during deformation. One can expect that the M-factor in the centre region is
almost unaffected since specimens with this type of texture tend to be stable during
deformation in the strain-range typically associated with simple tension (see Figure
5.24). However, the surface region of the specimen (random texture) is not stable and is
therefore expected to rotate toward more stabile orientations (indicated by change of
colour in the IPF maps in Figure 5.34), thus altering the Taylor factors.
Moreover, also the plasticity model utilised will affect the calculated results (M-factor),
thus also the stress-strain curve. The alterations introduced by selecting another plasticity
model are normally negligible, and it is therefore not reasonable to assume that the
accuracy can have been improved by switching from the FC to the RC, or vica versa.
However, if one can assume that the constraint from the neighbouring grains alters
through the thickness, it can be expected that the number of activated slip systems can 
vary among the different layers. This means that the different layers is best described
with various plasticity models, e.g. the surface layers is described by a Sachs type model
(1-2 slip systems) while the centre region is best described by a Taylor FC type model (5
slip systems). Such variations will introduce predictions approaching the observed
behaviour of the material.
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6.2.3 Experimental effects
It is important to remember that also the experimental results hold some significant
limitations. The thickness of the used specimens (0.3 mm) in combination with the
actual grain sizes in the normal direction (Table 5.2), especially close to the specimen
surface (60-200 μm), means that the specimens from the latter position consist of a very
limited number of grains. It is known that this can affect the deformation behaviour, i.e.
the mechanical properties. The low number of neighbouring grains relaxes the
constraint, making the specimen able to deform by a reduced number of activated slip
systems. In addition, the effects from the free surfaces become more important for these
specimens.
Furthermore, it is observed that the thin specimens taken from the profile surface
develop a vigorous ‘orange peel’ surface topography during deformation (Figure 6.6
(a)). However, no orange peel is observed on the full thickness specimen surface (Figure
6.6 (b)). It has been reported that orange peel normally develops due to deformation on
very limited number of slip systems (see e.g. Choi et al. 2004). This confirms that the
deformation behaviour of the surface specimens have been altered due to reduced
constraint conditions. It is therefore reasonable to assume that the surface stress-strain
curve should have shifted towards higher stress levels if a more “correct” number of slip
systems was activated during deformation. In such a case, the predictions (ref. Figure
6.5) and the experimental flow curves could approach each other.
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Figure 6.6 – The surface roughness of AA6063 after deformation to the uniform strain.
(a) Thin specimen (0.3 mm thick) taken from the surface layer showing vigorous ‘orange
peel’. (b) Full thickness specimen without any pronounced surface roughness. Please 
remember that the texture and grain size for both specimens is equal (~55μm) since both
are taken from the same position.
Also, it can be suggested that the initial yield strength of the thin specimens can be
altered due to the reduced number of grains across the thickness. In some special cases,
the specimen cross-section only consists of ~100 grains. Based on this fact, it can be
expected that some coarse grained regions of the cross-section is more favourable
oriented for slip (do not really represent the layer properties), and can therefore start to
deform plastically prior to the “actual” yield stress, i.e. the measured yield strength is
reduced. This is most likely not the case for the thin surface specimens investigated in
this work, since the initial surface yield strength is equal to the full thickness yield 
strength, i.e. see Figure 6.7. Not surprisingly this figure illustrate that the full thickness
data is roughly an average of the sub-layer properties for this test direction. On the other
hand, both the experimental (Figure 6.7) and the calculated (Figure 6.5) differences
between the surface layer (random texture) and the centre layer (strong Cube texture) 
can be questioned when compared to the stress-strain behaviour of full thickness
specimens.
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Figure 6.7 – Comparison of stress-strain behaviour from different positions through the
thickness and bulk properties of AA6063.
Furthermore, simple tension specimens of AA6063 with both strong Cube (extruded
profiles) and random texture (same material, but subsequently cross-rolled and annealed)
have been investigated by Furu and Pedersen (2006) in the W, 10min condition (Figure
6.8). In this case, microstructural investigations revealed just minor differences in the
microstructure (the cross-rolled material possesses somewhat smaller grain sizes). The
idea was here to explore whether a random texture behaved differently from the strongly
textured profile dominated by the Cube texture. Hence, the differences in stress-strain
behaviour should be related to the crystallographic texture. The results showed that the
textured specimen possesses a somewhat larger work-hardening rate (at low strains) and
lower uniform strain than the specimen with random texture. However, it is clear that the
deformation behaviour of the two specimens is comparable in spite of evident
differences in texture (Figure 6.8).
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Figure 6.8 – Comparison of the stress-strain behaviour of a specimen with strong Cube
texture and a specimen with random texture (after Furu and Pedersen 2006).
From the experimental results obtained by Furu and Pedersen (2006), it is reasonable to
assume that the mechanical properties in the centre and surface layer of the AA6063 
profile should be comparable when deformed parallel to ED. However, this assumption
requires that the slip distribution (the number of activated slip systems) and the
microstructure is independent of the through-thickness position. This is not the case 
(Figure 5.6), and some variations should therefore be expected. Based on the enlarged
grain sizes and the reduced constraint from the surroundings close to the profile surface,
it could be expected that the yield stress in the surface layer is somewhat reduced. This
speculation is supported by the experimental results shown in Figure 5.14. However, the
observed lower stress level can hardly be attributed to the real microstructure alone, but
is most likely exaggerated do to the above discussed specimen thickness effect.
6.2.4 Final comments on the Voce-type modelling 
On the other hand, the calculations performed by Fjeldbo et al. (2005) are in fact based
on the assumption (homogeneous slip distribution and microstructure), thus these
calculations should therefore be expected to provide only minor differences between the
different layers. Consequently, the predicted results (Figure 6.5) are in strong contrast to
the results found by Furu and Pedersen (2006) and the present results. This fact directs
towards questioning the validity of the plasticity model used for these calculations, since
neither the yield point nor the work-hardening rate is described satisfactorily.
186
Discussion
6.2.5 Internal stresses
The issue of internal stresses and corresponding strains during deformation is another
important feature which has not been treated in the above discussion. Internal stresses
are known to develop at the grain boundaries due to compatibility requirements (Li and
Bretheau 1989). Further, it is known that micro-textural variations will increase the
amount of internal stresses, since heterogeneities will worsen the compatibility
conditions at the grain boundaries. This means that strong texture gradients could lead to 
large internal stresses in extruded profiles like the present AA6063 alloy. Internal
stresses can assist to accommodate for the interaction between the different layers
through the profile thickness. However, it is very difficult to quantify such stresses on a 
local scale, but it is to some extent possible to obtain qualitative information by
investigating the specimen behaviour during unloading.
Measurements of the internal stress evolution have not been performed in the present
case. However, it is observed that thin specimens taken from the surface layer of both
alloys, exhibit a curved shape after unloading (Figure 6.9). This curvature can of course
be attributed to development of internal stresses, but it can also be linked to variations in
the plastic strain ratio (due to crystallographic texture and the associated slip 
distribution) as will be discussed later. 
Based on the discussions above, it seems evident that the effect of through-thickness
variations on the mechanical properties is a very complicated topic. It is subjected to 
several counteracting phenomena which separately need to be understood in great detail
in order to obtain a full understanding of the overall effect. However, it is clear that the
texture gradient is a key element for such an understanding, but the interpretation of the
texture effects and how they affect the crystal plasticity is not fully known.
Figure 6.9 - Cross-section shape with evident curvature in the width direction of a 
specimen from the surface layer of AA6063 deformed to the uniform strain and
unloaded.
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6.2.6 Plastic strain ratios
As part of the thickness gradient study, the local r-values have been determined from
simple tension investigations using thin specimens sampled from different positions
through the thickness (Table 5.3). However, the accuracy of these measurements is very
limited due to inaccuracy of the transversal strain measurements. This is mostly related 
to the reduced specimen thickness (0.3 mm) since the mounting of the transversal
extensometer is very unstable. Some of these problems could have been overcome by
utilizing the local strain measurement procedure known as the DSCA technique (Vacher
et al. 1999) (Section 2.6.1 provides a description of this technique.). However, such
measurements have not been performed in this work. It is therefore recommended that
these measurements should be used only as an indication of the plastic strain ratio at the
different positions investigated.
As mentioned above, the plastic strain ratio of different positions through the thickness
has also been calculated based on the crystallographic texture (Figure 5.7 and Figure
5.10). Both the Taylor FC and RC methods have been utilised for these calculations 
(Figure 6.10). This figure clearly shows that the plastic strain ratio of AA6063 is almost
unaffected by the calculation method utilised (especial in the centre region), while the r-
values of AA6082 are very method dependent. This is most likely related to the
orientation of the different slip systems with regard to the investigated deformation
directions. It has been shown that the centre region of AA6063 is dominated by the
symmetrical Cube orientation where the Burgers vectors of several of the most
favourable oriented slip systems are parallel. The plastic strain ratio is therefore not so 
dependent upon the number of slip systems activated, since the net Burgers vector is
almost unaffected. AA6082 on the other hand has a more unsymmetrical slip system
distribution and will therefore be more dependent upon the number of slip systems
activated. Consequently, the plastic strain ratio is strongly affected by the Taylor model
utilised.
It seems clear from these calculations that the plastic strain ratio is strongly angular
dependent. A macroscopic (full thickness) consideration shows that AA6063 has large r-
values in the 0° and 90° directions and r-values close to zero when deformed 45° related
to ED. AA6082 on the other hand, has a large r-value when deformed in the 45°
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direction while the 0° and 90° directions have lower and quite similar r-values. The
angular dependency of the plastic strain ratios will certainly give rise to the macroscopic
anisotropy as seen in Chapter 5.2. However, more importantly, the plastic strain ratio
changes dramatically through the thickness. Figure 6.10 also shows the evolution of the
calculated r-values from the centre (S=0.00) towards the surface (S=0.99). The
variations in the actual plastic strain ratio can also affect the deformation behaviour
locally. This means that the differences in mechanical properties observed in the 
different layers of the profiles (Figure 5.14) can partly be explained by variations in
three dimensional plastic flow.
Figure 6.10 – Texture-based calculations of r-values at different positions through the
profile thickness, applying both the FC and RC models. (a) AA6063 and (b) AA6082.
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The through-thickness variations in plastic strain ratio have been investigated in more
detail by comparing texture-based calculations of r-values from three different positions
through the thickness (Figure 6.11). Here, S=0.00 corresponds to the centre position of
both alloys, S=0.80 corresponds to the middle layer of AA6063 and the outer part of the
centre layer of AA6082, while S=0.99 corresponds to the outer surface layer. The centre
and middle parts of AA6063 have a concave r-value shape (r-value as a function of
deformation angle), i.e. these positions possess the highest r-values when deformed
parallel or perpendicular to the ED and lowest when deformed 45° related to ED. 
In fact, this is the typical r-value shape of materials having a recrystallized texture (Cube
texture) like AA6063 (see e.g. Fjeldly 1999). However, the surface layer possesses the
opposite behaviour, i.e. the 45° direction possesses the highest plastic strain ratio. From
the graphs in Figure 6.11, it is evident that the two alloys behave fundamentally different
with regard to the straining direction, i.e. the overall r-value shape of AA6082 is convex.
Also for this alloy, the surface layer possesses more extreme r-values than the centre part
of the profile. The calculated variations between the centre and surface layers observed
for AA6063 and AA6082 are typical for extruded profiles with a recrystallized and 
fibrous microstructure respectively. Søreng (1997) observed from experiments the same
behaviour when studying the local plastic strain ratios of extruded AA7030
(recrystallized) and AA7108 (fibrous) profiles.
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Figure 6.11 – Texture-based calculations of r-values at three different positions through
the profile thickness as fuction of the tensile direction. (a) AA6063 and (b) AA6082.
Furthermore, the r-values calculated with the Taylor RC model corresponds remarkable
well to the experimental values (Table 5.3). It is also clear that the FC method provide a
qualitatively reasonable description of the plastic strain ratio. However, the FC method
strongly exaggerated the r-values for both alloys. Fjeldly (1999) has performed the same
type of calculations for one recrystallized (AA7030) and one fibrous (AA7108) profile
by use of several different plasticity models. This author found that the qualitative results
of all the models were satisfying, but only the less constricted models like the Sachs 
(AA7030) and the Taylor RC (AA7108) were able to provide quantitative reliable
results. This behaviour can be explained by the localised deformation often observed for
this type of alloys (Søreng 1997).
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This means that models activating only a limited number of slip systems are more
accurate than the conventional Taylor FC model. The same explanation could be used
for the coinciding results obtained in this work since also the deformation of AA6063
and AA6082 tend to localise.
The through-thickness variations in plastic strain ratio can therefore be used to explain
the through-specimen-thickness-curvatures observed after simple tension deformation in
different directions (see Figure 5.20 and Appendix D). Since,
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this means that a material obtains a large r-value if wH is relatively large (or tH is
relatively low). Implicitically, the material obtains a low r-value if wH is relatively low
(or tH is relatively large). The transversal strain is directly linked to the initial and final
width of the specimen:
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I.e. the through-thickness final width of the specimen can be used as a direct measure of
the local plastic strain ratio through the thickness. A large r-value will result in a
significant reduction of the width, while the initial and final width of a specimen with a 
low r-value is almost equal. Hence,
0Large Large wr w wH    (30)
0Low Low wr w wH  |  (31)
By using the measured transversal strain as input to the plastic strain ratio determintion,
it seems clear that a material with the largest plastic strain ratio in the centre will develop
a concave cross-sectional shape. The same argumentation indicates that a material with 
the largest r-values at the profile surface will develop a convex shape during
deformation (Figure 6.12).
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Figure 6.12 – Schematic illustration presenting the effect of r-ratio variations through the
thickness of a simple tension specimen. A specimen with low r-values at the surface and 
a large value in the centre will develop a concave shape. The opposite r-value
distribution will result in a convex through-specimen-thickness-curvature.
Comparisons of the calculated r-values from the centre and surface positions with the
through-specimen-thickness-curvatures, confirms that the variations in plastic strain ratio 
can be used as an explanation of the observed curvatures (Table 6.1). The results even
show that the radius of curvature (Figure 5.21) is consistent with the differences in r-
values observed between the centre and the surface layer. However, the behaviour of the
specimens deformed in the 45° direction (AA6082) is different from the other
orientations. The r-value variations in this deformation direction should develop a
concave shape, however a weak convex shape is observed. This latter behaviour can not
be explained based on the results obtained in this work.
Table 6.1 – Texture-based calculations of the plastic strain ratio using the Taylor RC
method, and the corresponding observed tensile cross-sectional shape.
Calculated r-valueAlloy Direction
Centre Surface
Observed
shape
0° 1.5 0.4 Concave
45° 0.1 3.1 Convex
AA6063
90° 3.1 0.8 Concave
0° 0.3 0.4 Straight
45° 2.3 1.9 Convex
AA6082
90° 1.5 1.3 Straight
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6.2.7 Final comments on profile thickness strain 
distribution
Both simple tension experiments with reduced specimen thickness (Figure 5.14) and the
observed end of cross-section shape (Figure 5.20) indicate a very heterogeneous
through-thickness strain distribution for the investigated profiles. This is further
supported by the local strain distribution measurements of AA6063 presented in Chapter
5.7. The calculated strain distribution maps from measurements show that strain
localisation takes place in well-defined straight bands through the profile thickness. The
thickness and density seem to be dependent upon the deformation direction and Chapter
6.3 will treat this topic in more detail.
Even though the origin of the observed strain heterogeneities take place in areas with 
low Taylor factors, the localised deformation seems to grow into bands with a 45° angle
related to the deformation direction. These bands expand through the thickness of the
specimen and are most likely the precursors to macroscopic shear localisation (see
Figure 5.73 and Figure 5.74). When the through-thickness strain distribution is
compared with the Taylor factor maps of the same area (Figure 5.72), it is evident that
there is no correlation between the localised bands and the Taylor factor of the individual
grains. In other words, Taylor factor heterogeneities may act as nucleation points for the
macroscopic strain heterogeneities. This assumption is strongly supported by Duan et al. 
(2005), who were able to predict the formation of shear localisation during simple
tension deformation simulations of an Al-Mg alloy by taking advantage of the
heterogeneities in mechanical properties, i.e. variation in Taylor factors. The variations
are clearly directional dependent, i.e. they are most likely linked to the crystallographic
texture.
To summarise, the observed strain distribution is consistent with both observations of 
variations in plastic strain ratios (r-values), end of cross-section shape and the results
from texture-based calculations. Also the measured through-thickness strain distribution
supports the above findings. Such effects can therefore complicate the understanding of
extruded aluminium profiles with regard to forming behaviour (see Chapter 6.4).
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6.3 Deformation mechanisms and crystal plasticity
The work presented so fare has shown that extruded profiles often posses strong
mechanical anisotropy. It has also been shown that the through-thickness variations often
observed in these profiles may influence the profile shape due to variations in
anisotropy. Through-thickness variations will therefore often make it more difficult to 
predict and control final shapes after a given forming operation. It has previously been
shown (see e.g. Yau and Wagoner 1993, Han et al. 2004 and Winther 2004) that the
actual activation of slip systems is a determining factor for the observed mechanical
anisotropy during deformation. This section will therefore address a discussion
concerned with plasticity in textured materials carrying microstructural and textural
gradients. A close evaluation of the microstructure evolution upon plastic deformation
will be give, before the crystallographic rotations and activation of slip systems will be
discussed in detail.
6.3.1 The nature of slip traces
The experimental results presented in Chapter 5 show that the crystallographic texture
and microstructure evolution has been carefully monitored by performing EBSD
investigations and acquiring SE micrographs at different strains during deformation. SE
micrographs reveal that AA6063 tend to deform in a localised manner, i.e. produces
evident slip traces.
The theoretical in-plane slip trace angle (Etheo) of all crystallographic planes can be
calculated based on the crystallographic orientation of the grain (section 2.5.1). This
information in combination with the observed orientation of the visible slip traces (Eobs)
can then be used to identify the slip planes activated during deformation. The
calculations performed for all investigated grains showed that the difference between
Eobs and Etheo from one of the {111}-planes never exceeded 3°. This fact clearly confirms
that the plastic deformation of aluminium takes place on the closed-packed {111}-
planes.
Microstructure micrographs at different strain states (Figure 5.41-Figure 5.43) reveal that 
the slip trace evolution is strongly dependent upon the deformation direction selected. 
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The same micrographs also show that the slip trace appearance and density varies
significantly from grain to grain within one deformation direction, especially for the
specimens deformed 0° and 90° related to ED. Earlier works, i.e. Delaire et al. (2000),
Zhang and Tong (2004) and Henning and Vehoff (2005) have reported more extensive
development of secondary slip traces during simple tension of polycrystalline materials
than observed in the present work. In other words, they observe that the grains deform
by multiple slip at very low strains (4%) and close to 50% of the grains investigated
developed additional slip traces. To be noticed, most of the grains from the present
material with a strong crystallographic texture have their primary slip systems aligned in 
a similar way, hence the compatibility requirements are probably reduced and there is
less need for activating additional slip systems.
The specimens deformed in the 45° direction possess a much more homogeneous slip
trace distribution compared to the other two directions and all the grains develop slip
traces very early in the deformation process, e.g. most of the grains have developed
visible slip traces already after 3% deformation. The DD IPF in Figure 5.28 (b) indicates
that the majority of the grains have a 101||DD when deformed 45° to ED. Most of the
grains have quite similar initial orientations, i.e. the slip systems possess a similar
resolved shear stresses (Wres) distribution and all the individual grains will therefore
behave similarly. This is also confirmed by the Taylor factor map presented in Figure
5.54. Most of the grains have a 100||DD (Figure 5.28 (a)) when deformed parallel to ED.
The different slip systems within the individual grains will also in this DD possess
similar Wres–values. As a consequence, all grains should therefore start to deform
(produce visible slip traces) simultaneously as already discussed in section 6.1.2. 
However, this is not the case observed, as shown in Figure 5.41. Some grains develop
visible slip traces already after 3% deformation while other grains do not produce visible
slip traces even at the uniform strain (12% deformation). This is most likely do to the
intrinsic nature of aluminium deformed parallel to a <100> direction, i.e. 8 of 12 slip 
systems have equal and very high Schmid values (Figure 5.55). It is reason to believe
that both constraint from the neighbouring grains and only small deviations from the
perfect Cube orientation will alter the slip distribution, hence altering the slip trace 
distribution. However, these considerations will be treated more thorough in the
following sections. Section 6.1.2 also showed that the specimens deformed 90° have a
196
Discussion
“soft” yield point which was attributed to the initiation of slip in the different slip 
systems. This is also confirmed by the slip trace evolution (Figure 5.43) where it is clear
that some grains develop visible slip traces prior to other grains.
Further, it has been shown that grains deformed in the 45° direction (Figure 5.44)
generally develop only one set of slip traces (primary slip traces) below 12%, while the
number of visible slip traces varies significantly when deformed in the two other
directions, especially when deformed perpendicular to the ED (Figure 5.45). However,
grains from the 45° direction also develop additional set of slip traces (secondary slip 
traces) at higher strains (15%). The additional sets of slip traces are always seen close to
grain boundaries or triple junctions (see e.g. Figure 5.46). Local slip traces probably
develop because the already activated slip systems are not able to accommodate the 
deformation enforced by the surroundings (i.e. compatibility requirements). The
enforced constraint will most likely give a shear stress contribution, W+ . This means that
the local resolved shear stress experienced (Wloc), is increased by the amount  such
that it exceeds the critical resolved shear stress W
W+
CRSS for the additional activated slip 
system. This means that an additional slip system is activated when;
loc res CRSSW W W W  ' t  (32)
It has been shown that the slip trace direction is crystallographic dependent, i.e. Eobs is 
determined by the crystallographic orientation. However, detailed slip trace 
investigations showed that some grains possess non-linear slip traces. The divergence
from the linear appearance could in some cases be explained by crystallographic
through-grain orientation gradients. Non-linearity related to orientation gradients is in
general very smooth and do often enhance toward to the grain boundary as shown for a
grain deformed to the uniform strain (Figure 6.13). The smoothly curved slip traces and
the enhanced curvature for this grain which is deformed 45° related ED are consistent
with the orientation gradients observed after deformation to intermediate and high strains
(see Figure 5.39). This has been confirmed by calculating Etheo of the four {111}-planes
at different position along the orientation gradient and comparing these values to the Eobs
at the corresponding positions (Figure 6.14). Based on this information, it is reasonable
to claim that this type of observed curvatures is related to orientation gradients, i.e. the
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observed curvatures originate from crystallographic rotations and not from activation of
additional slip systems since Eobs is identical to one of the Etheo numbers along this line.
Figure 6.13 – Observed slip traces in grain labelled #1 in Figure 5.28 at 27%
deformation. The observed slip traces are curved due to orientation gradients. The black
two-headed arrow indicates the location on the grain surface of the orientation profile 
presented in Figure 5.39 and Figure 6.14.
Figure 6.14 – Evolution of theoretical in plane slip traces angle (Etheo) for the four {111}-
planes based on orientation profile through the grain labelled #1 in Figure 5.31 at 27%
deformation. The observed angle (Eobs) along the orientation profile is also included.
As a result of these significant misorientation gradients, the slip traces would no longer 
be straight lines crossing through the grains but rather they would become curved, e.g.
see Fig. 11. The same figure also presents parameters Eobs and Etheo of the four {111}-
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planes along a line crossing through grain number 2 after 27% deformation. Again, it is 
evident that the observed curvatures were related to crystallographic rotation and not to
activation of additional slip systems since Eobs is identical to one of the Etheo numbers
along this line.
However, also another type of non-linear slip traces is observed. This type is more
discontinuous and the appearance is somewhat wavier. It is also worth noticing that the
slip trace distance is often enhanced for this type of grains. The big grain labelled X in
Figure 5.48 is a perfect example with clearly non-linear slip traces. From the illustration 
of this grain (Figure 6.15), it is clear that slip traces can be divided into different regions
belonging to different crystallographic planes. The different segments are all
crystallographic dependent, but the overall slip-trace-shape is wavy. Irregular slip traces
like this is only observed for orientations with two almost parallel theoretical slip traces, 
i.e. slip systems from two different slip planes have close to identical Schmid values.
Hence, this type of slip traces is often observed for grains with close to a 100||DD. As
indicated, the reason why these grains behave in this remarkable way is most likely
related to the Schmid value distribution. Slip systems from both slip planes have close to
identical Schmid values and the activation of slip systems are determined by external 
constraints, as will be discussed in more details in the following section.
Figure 6.15 – Illustration of the irregular slip traces observed at the specimen surface of
the big grain labelled X in Figure 5.48. The primary slip traces consist of different
sections belonging to plane B and plane C respectively. Hence, the slip traces are not
linear but rather curved. None of the parallel sections within the slip traces belong to
plane A or plane D. The theoretical in-plane angle of slip plane A and D is indicated on 
the right hand side.
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Further, the slip traces of an individual grain can be affected by the deformation
mechanisms taking place at the nearest neighbours as illustrated in Figure 6.16. The
primary slip traces (violet) are produced do to deformation on the slip system/systems
with the highest Schmid value/values. Further, additional slip traces induced by the 
nearest neighbours can be categorised based on their appearance. Some slip traces can 
intersect the grain boundary and continuous through the entire grain in question (green).
This is most common for neighbouring grains having slip planes with close to identical
orientation (see e.g. the specimens of AA6063 deformed 45q related to ED). Further, in
some cases, the induced slip traces are not able to continue through the entire grain but 
are terminated close to the grain boundary (blue). This means that the slip systems on the
slip plane corresponding to the primary slip traces on the neighbouring grain have low 
Schmid values. Hence, the terminated slip traces observed are generated only in order to 
fulfil the compatibility requirements over the grain boundary. The red slip traces also 
intersect the grain boundary, but do hardly continue into the centre grain. However,
some of these slip traces are also observed close to the grain boundary between the
centre and top grain, and are most likely activated to fulfil the compatibility close to the
triple junction.
Figure 6.16 – Schematic illustration showing the effect of primary slip traces observed in
neighbouring grains. The violet traces illustrate the primary slip traces of the centre
grain. The green slip traces are the primary slip traces of the top grain, but similarly
oriented traces are continuing in the center grain (light green). The primary slip traces of 
the bottom right grain also intersect the grain boundary, but these slip traces are not able
to continue through the centre grain. The red slip traces observed in the top right grain 
also intersect the grain boundary, but do hardly continue into the centre grain.
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6.3.2 Crystallographic rotations during deformation
It is beyond doubt that most grains tend to rotate during deformation. As already
explained in section 2.2.3, crystallographic rotation is not a direct consequence of plastic
deformation but rather an affect of the constraint enforced by the surroundings. The most
important elements concerning the rotation path are therefore closely linked to the
activation of slip systems in the grain itself. However, the activation of slip systems in
the neighbouring grains, the grain size and shape can also affect the rotation paths.
Further, it has been shown (see e.g. Figure 5.35) that both the amount of rotation and the
rotation paths are strongly dependent upon the initial orientation. Crystallographic
rotation of both single- and poly-crystals has been studied in great detail in the past, and
it has been shown that the rotation paths are usually quite well described by the Taylor
(1938) model (see e.g. Bunge and Fuchs 1969, Han et al. 2003 and Winther et al. 2004).
The Taylor model states that grains rotate toward aligning either a [100] or [111] parallel
to the DD.
In order to comprehend the rotations taking place, it is important to realise why grains
having these directions parallel to the DD tend to be stable, while grains not having this
configuration often contend to align these axis to the DD. From the discussion above, it
is reasonable to assume that the stable behaviour of these orientations is related to the
Schmid value distribution. The experimental results have clearly shown that eight of the
twelve slip systems (two from each slip plane) have identical Schmid values when the 
grain has a [100] parallel to the DD (Figure 5.55). Moreover, when a grain has a [111]
parallel to the DD, six slip systems from three different slip planes have identical
Schmid values. In other words, the Schmid value distribution for both these orientations
is very special.
Further, it is known that when a slip system is activated in grains with one of these
orientations, the accompanying rotation give rise to an increase in Schmid value for the
slip systems on the other planes, while the Schmid value of the activated slip system
itself is reduced. As a consequence, the Schmid value distribution is slightly altered. The
slip system originally activated is no longer the most potential, and often another slip
system will be activated instead. This will in turn slightly alter the Schmid value
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distribution, and a third or the originally activated slip system will become the most
potential. These repeating alterations in Schmid values will only lead to a very small
fluctuation in crystallographic orientation and the orientation appears to be stable.
Also grains with a [101] parallel to the DD have this special Schmid value distribution
with four slip systems having identical Schmid values and the remaining having Schmid
values equal to zero (Figure 5.55). However, still this orientation behaves quite
differently. The rotation accompanying activation of one of these highly potential
systems leads to a Schmid value increase, i.e. the initially activated slip systems will
tend to remain active. In other words, the grain will continue to rotate in the same
direction as shown in Figure 5.57.
To summarise, it is clear that some grains are stable because the activation of slip
systems results in a small alteration of Schmid value distribution while other orientations
are unstable because activation of slip systems leads to Schmid value strengthening of
the same systems.
In general, the results presented in this investigation clearly confirm the statements
above, i.e. the majority of the grains rotate in accordance with the predictions made by
Taylor (see e.g. Figure 5.29 and Figure 5.35). However, it is also observed that grains
initially having close to identical crystallographic orientations rotate in opposite
directions. The three grains in Figure 6.17 illustrate such rotation behaviour for a sample
with random crystallographic texture deformed perpendicular to the ED. The
crystallographic rotations predicted by the Taylor model are a direct result of the
embedded rules for activation of slip systems. This means that deviation from the
predicted rotation behaviour indicates a deficiency in the prediction of slip activation.
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Figure 6.17 – Example of grains with close to identical crystallographic orientation prior
to deformation rotating in different directions during deformation.
Also the amount of rotation is determined by the selection of activated slip systems.
Since the only input for Taylor model calculations is the initial texture, the predicted
amount of rotation is determined by the grains crystallographic orientation alone.
However, the results presented in section 5.5.3 show that the rotations taking place are to
a large extent dependent upon the orientation of the surroundings. Grains in a material
with strong crystallographic texture (Figure 5.36) tend to rotate more than grains in a
material without crystallographic texture (Figure 5.37). Again, this is most likely related
to activation of slip systems. The constraint enforced by the surroundings is dependent
on the compatibility between the deformation (activation of slip system) taking place in
the grain itself and the nearest neighbours. A strong crystallographic texture means that a
considerable fraction of the neighbouring grains have a comparable crystallographic
orientation. This means that the constraint enforced by the surroundings is expected to be
large for a material with strong crystallographic texture compared to a material without
texture. As a consequence, the constraint enforced by the surroundings should be
reduced for materials without texture. In other words, a material with random texture
needs to activate more slip systems than a material with strong texture.
Further, the mathematics from basic crystal plasticity shows that the amount of rotation
taking place will be reduced with an increased number of slip systems activated. The
correlation between number of slip systems activated and the rotation taking place is
very well illustrated in a number of works (see e.g. Margulies et al. 2001, Poulsen 2003
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and Winther et al. 2004). Figure 6.18 presents the rotations taking place during 
deformation by use of Sachs (one active slip system) and Taylor FC (five active slip 
systems) type models. The results clearly show that the rotations predicted by the Sachs
model exceed the predicted amount of rotation taking place when more slip systems are 
activated. The differences observed by varying the number of activated systems are
comparable to the observed differences between a material without and with strong 
crystallographic texture. Hence, these observations support texture dependent rotations,
i.e. materials with strong texture will rotate more than materials without texture due to a
reduced number of slip systems activated. 
Figure 6.18 – Predictions of the rotations of the tensile direction by different plasticity
models are shown as black lines together with the experimental data. The small
stereographic triangle shows in which areas acceptable agreement between experimental
and predictions are found. (a) Sachs model and (b)Taylor FC model (after Winther et al.
2004).
Another important phenomenon with regard to crystallographic rotation is the effect of
grain size. It is almost impossible to isolate the grain size effect since at the same time
also other parameters will affect the rotation behaviour. An example of such a parameter
is the influence from the surroundings, i.e. crystallographic orientation of the nearest
neighbours. The present investigations of the grain size effect were performed on
material with random crystallographic texture in order to minimise the influence from
the surroundings. Figure 6.19 presents the measured rotations taking place during 
deformation to the uniform strain for a given orientation parallel to DD as a function of
the initial grain size. The grain labelled IV in this figure deviates from the linear
relationship between the amount of rotation and grain size. Grain IV has due to a
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different crystallographic direction parallel to ND a low Taylor factor compared to the
other grains. This could be used to explain the reduced amount of rotation. If the shown
results are representative for rotations taking place, one can assume that an increased
grain size leads to reduced crystallographic rotation upon deformation. The one reason
for such behaviour could be that large grains are not as affected by the surroundings as a
smaller grain would be.
Figure 6.19 – Detected rotation from the initial orientation at the uniform strain as a
function of grain size for four different grains (see Figure 5.34) with identical orientation
parallel to the DD prior to deformation. The initial orientation prior to deformation is 
included in the DD IPF. The grain labelled IV has a different crystallographic direction
parallel to ND compared to the other grains. Notice the linear relationship between
misorientation and grain size as indicated by the dotted line.
Plastic deformation may also lead to a completely different type of crystallographic
rotation. This type of rotations is observed within individual grains. Grains often
produce internal orientation gradients during deformation which in turn leads to the
smoothly curved slip traces discussed in the previous section. The orientation gradients
develop more or less continuously during deformation and become more distinct close to
the grain boundary (Figure 5.39). In some cases, the gradients develop in a more
discontinuous manner, i.e. the grains consist of several regions of slightly different
orientation. The measurements shown in Figure 5.40 are an example of such behaviour.
Even though the grain possesses an evident through grain orientation gradient, the grain
interior can be divided into three separate regions with close to constant orientation
(Figure 6.20).
205
Discussion
Figure 6.20 – Orientation gradient through the grain labelled #2 in Figure 5.34. The
dotted lines indicate the different regions of comparable orientation. Also the slip planes
activated within these regions based on the slip traces observed are indicated in Figure 
5.51.
Figure 5.51 presents the slip trace evolution for the same grain as where the orientation 
gradient was investigated (orientation gradient parallel to DD). By comparing Figure 
6.20 and Figure 5.51, it becomes clear that the shape of the orientation gradient is
corresponding to the different slip trace-regions. Hence, it is reasonable to assume that 
there is a direct relation between slip traces, i.e. activation of slip systems, and the
observed orientation gradients.
Orientation gradients seem to develop due to compatibility requirements. It has been
shown that deformation within individual grains is primarily determined by the
crystallographic orientation. However, since the material in question is a polycrystal, the
deformation is also affected by the neighbours. The grain boundaries are therefore of
great importance when it comes to compatibility. This can also be investigated by
evaluating the slip traces intersecting the grain boundaries, since the ease of such
intersections is related to the compatibility (see section 6.3.1 for more details).
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During plastic deformation of aluminium, the effect of grain boundaries have been
thoroughly discussed in the past (see e.g. Raabe et al. 2001). It is commonly agreed that
grains split up into subgrains etc., during deformation. Formation of subgrains may be
the most energy efficient way to satisfy the strain compatibility requirements. The
observed orientation gradients are in other words the first step in producing a
substructure.
Moreover, from the figures presenting the observed orientation gradients, it could be
argued that grains with orientation gradients in average activate more slip systems than
other grains. Based on the discussion above, this could explain way the experimental
results show that grains with orientation gradients tend to rotate less than 
homogeneously oriented grains.
6.3.3 Selection of slip systems
Several decades ago, it was discovered that slip is the most important deformation
mechanism for room temperature deformation of aluminium (see e.g. Verhoeven 1975
and Honeycombe 1984). Activation of a slip system means that slip takes place on that
particular system, i.e. accumulation of dislocation and dislocation movement.
Introduction and movement of dislocations lead to an increase of energy for the system.
Hence, the most favourable oriented slip systems are therefore the first to be activated 
during deformation. The early works on single crystals by Garstone et al. (1956), Diehl
(1956) and McKinnom (quoted in Clarebrough and Hardreaves 1959) all showed the
close relationship between activation of slip systems and initial crystallographic
orientation (Schmid value). The same authors have also treated the effect of
crystallographic orientation on the local work-hardening.
As stated above, the Schmid value is among other factors often used to evaluate the
potential for activation of the various slip systems. Further, the previous sections have
shown that also grain size, morphology etc., can affect the activation of slip systems.
However, the Schmid value, i.e. the crystallographic texture is by fare the most
important in order to determine the activated slip systems.
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In general, the number of slip systems activated can not be determined by the Schmid
value distribution alone. Ideally, a combination of Schmid values, slip traces, 
crystallographic rotations and if possible, local strain measurements should be utilised to
obtain a reliable description of the amount of slip on the individual slip systems.
However, in practise, the Schmid value distribution and the orientation of the observed
slip traces are sufficient for determining the number of slip systems activated.
As was shown in section 2.2.2, the Schmid value distribution is determined by the given
combination of crystallographic orientation and enforced deformation mode. Some
orientations have 1-2 slip systems with high to very high Schmid values, while for other
orientations almost all the slip systems have high Schmid values. Further, also
combinations of orientation and deformation mode where all the slip systems have
medium to low Schmid values exist. In other words, the Schmid value distribution
throughout the microstructure varies substantial from grain-to-grain. From this relatively
simple consideration, it is reasonable to assume that the number of activated slip systems
will vary substantially through the microstructure. The observed slip trace evolution can 
be used to support this assumption. Frequently, only one set of slip traces is observed, 
something, which indicates that only slip systems on the corresponding slip plane are
activated. In the case of congruent slip traces, slip systems from both slip planes can be
activated. To illustrate how the Schmid values and the slip traces of the individual grains 
can be utilised to determine the number of systems activated, two different grains are 
discussed in more detail.
The first grain that will be treated is the grain labelled #1 in Figure 5.31. This grain is
taken from a specimen deformed 45° direction and has a very unstable crystallographic
orientation, i.e. a 101||DD. As already mentioned in section 6.3.2, this orientation gives
rise to a special Schmid value distribution with four slip systems from two different slip
planes (plane A and B) having very high Schmid values (Figure 5.57). Figure 6.13
presents the slip traces from this grain at 27% deformation and Figure 6.14 presents both 
the theoretical and observed in-plane slip trace angles form the same grain. From these 
figures it is clear that the grain possesses only one set of slip traces even though it could
be argued that these traces originate from slip on both slip plane A and B. However,
when the potential planes for producing this slip traces are compared with the Schmid
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value distribution, it becomes evident that the slip traces must have been produced by
slip on plane B. In other words, there is no slip activity on plane A during deformation to
the uniform strain. Further, this confirms that if any slip should have taken place on slip 
plane A, this must have been early in the deformation process. The reason for this
statement is that during deformation, the Schmid values of these systems are reduced to
the same values as the slip systems on plane C (see Figure 5.57) hence the probability
for slip on plane A and C are equivalent. As a consequence, it is reasonable to assume
that this grain only activates two slip systems (B4 and B5) and that these systems tend to
stay active until the material reaches the uniform strain. 
Also the grain labelled #2 in Figure 5.34 illustrate very well how the use of slip traces
together with the Schmid value evolution can be used to determine the number of slip
systems activated in a material with random texture. Figure 5.51 and Figure 5.59 from
section 5.6.2 present the slip trace evolution and the Schmid value distribution evolution
of this grain. The Schmid value distribution gives the most favourable oriented slip
systems, while slip traces combined with information about the crystallographic
orientation provide information about the slip planes actually activated (Figure 6.20).
Section 5.6.2 clearly shows that this grain only activate one slip system (A6) at low
strains. Moreover, while some regions activate other slip systems at higher strains, A6
seems to remain as the only activated slip system in the centre region (the region labelled
A in Figure 6.20). It has also been shown that at higher strains, this grain locally
develops additional slip traces. This locally activated slip planes correspond with the slip
systems of high to intermediate Schmid values, hence it is reasonable to assume that
these slip systems are activated in these regions. Based on this, the two neighbouring
regions with additional slip traces (the regions labelled A+C and A+B in Figure 6.20)
most likely activate two (A6 and C1) and three (A6, B5 and B2) slip systems
respectively. Again this confirms that the combinations of Schmid values and slip traces
can be used to determine the number of slip systems activated. It also shows that the slip 
activity is very heterogeneous even within one individual grain.
The surface topography is another important indicator for activation of slip systems. It
has been shown that the material condition with strong crystallographic texture tends to
rotate more than the material condition without any texture (section 5.5.3). I the previous
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section, it was argued that the reduced rotation observed in the material without texture
is caused by the increased number of activated slip systems compared to the textured
material. The surface-topography investigations clearly support this statement. The
material will develop a more vigorous surface-topography when a reduced number of 
slip systems are activated (Choi et al. 2004). Few activated slip systems means that the
limited number of slip systems has to carry all the enforced deformation. In other words,
the relative movement (displacement) between activated slip planes is large compared to 
a material with many slip systems activated. Deformation on few slip systems will
therefore clearly lead to a more vigorous surface-topography. This is also observed for
the material investigated in this work as shown by the SE-micrographs in Figure 5.43
and Figure 5.49. The increased surface-topography observed for the material without
crystallographic texture is also indicated by the IPF-maps presented in Figure 5.32 and
Figure 5.34. The topography blocks the electron beam from reaching the “valleys” at the
surface and the crystallographic orientation of that point can not be determined. As a
consequence, a non-indexed point will become black on the IPF-map. The amount of
non-indexed points is very large for the material without texture (Figure 5.34) compared
to the material with texture (Figure 5.32). As discussed in section 6.2.2, this argument
was also used to support the observed variations in slip activity through the material
thickness.
From the discussion above, it seems clear that the number of slip systems activated
varies substantially from grain-to-grain, and variations even within one individual grain
are often observed. It is also indicated that the number of slip systems activated is less 
than predicted by the classical and widely used Taylor model. This will be treated more
thoroughly in the next section (“Activation of slip systems – experimental observations
vs. texture-based calculations”).
However, another important observation regarding activation of slip systems should first
be treated. The Taylor factor gives an indication on how easy a material can be 
deformed. From a slip system point of view, it is reasonable to assume that a grain with a
low Taylor factor needs to activate fewer slip systems than a grain which is harder to
deform (high Taylor factor). In spite of this, the above observations can be summarised
by stating that the number of activated slip traces seems to be more dependent upon the
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spread in Taylor factor than the value of the Taylor factor itself. It is also important to
remember that the calculation method selected will affect the Taylor value more then the
spread in the results.
Also there is some controversy regarding the results obtained from in-situ EBSD
measurements. As presented in section 2.7.5, the EBSD technique has some considerable
limitations since it only obtain information from the surface region of the specimen. It
can therefore easily be claimed that the technique is insufficient since the acquired
results are not representative for bulk deformation of the material. Hence, the results
only provide a description of the surface behaviour, i.e. this work is only a study of near
surface plasticity. 
As already mentioned, the “Metal Structures in Four Dimensions”-group at Risø
National Laboratory in Denmark is one of the groups which really has studied bulk
rotations of individual grains by use of 3D X-ray diffraction (3DXRD). The rotation
paths observed in several works performed at Risø is consistent with the rotation paths
observed in this works (see e.g. Margulies et al. 2001 and Poulsen 2003). This indicate
that the EBSD technique is actually able to capture the bulk behaviour during
deformation, and it should therefore be reasonable to assume that the obtained
observations can be used to determine the number of slip systems activated.
If a grain, for both conservatism and simplicity, is assumed to have a cubic shape and
one cube plane is parallel to the surface, 5/6 of the grain surface will be surrounded by
other grains. Hence, the enforced constraint should be comparable to the constraint
experienced by a bulk grain. Hence, also from this point of view, in-situ deformation in
combination with EBSD investigations should be able to capture the true grain rotations
during deformation.
6.3.4 Activation of slip systems – experimental
observations vs. texture-based calculations
Crystal plasticity models attempt to describe the plastic deformation by utilising
mathematical formulations. As already described in Chapter 2, both the mathematical
formulations and the boundary conditions utilised vary from one plasticity model to 
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another. From a crystal plasticity point of view, the variations among these models are
related to how they engage and determine the number of slip systems activated for the
individual grains. So called 1-point approach models like the Taylor model (Taylor
1938) are the simplest and roughest of the plasticity models. The Taylor model simply
state that each crystal of a polycrystalline aggregate (i.e. grain) deforms such that the
outer deformation state is fulfilled (see section 2.2.5 for more detailed information
concerning the model). These models engage a given number of slip systems in order to
accommodate the enforced macroscopic deformation and this number is independent of
crystallographic orientation. Further, these models also state that the same number of slip
systems remains active throughout the whole deformation process. The number of slip
systems activated is based on the constraint, and the Taylor full constraint (FC) assumes
activation of 5 different slip systems. Based on the grain shape and/or the stress
continuity consideration, some shear requirements may be relaxed, i.e. not prescribed.
This leads to the relaxed constraint (RC) Taylor models (Honneff and Mecking 1978).
The Taylor RC lath and pancake models relax one and two shear components
respectively, i.e. the number of activated slip systems become 4 and 3 respectively (Van
Houtte et al. 2005). The original Sachs model (1928) states, as opposed to the Taylor
model, that a polycrystal is an aggregate of independently deforming single crystals
which only activates one slip system for each individual grain (section 2.2.4). Hence, the
Sachs model is the other extremity when it comes to 1-point approach models.
Further, it is well established that the slip systems most easily activated are the ones
having the highest Schmid values. The results presented in section 5.6.2 show that the 
grain-to-grain Schmid value distribution varies significantly. Hence, some orientations
have a homogeneous Schmid value distribution while other orientations engage a limited
number of slip systems with Schmid values that diverge considerably compared to the
remaining slip systems. As already thoroughly discussed in the previous section, it 
seems reasonable to assume that the number of activated slip systems can vary quite
substantially for the various grains in a given microstructure. Therefore, it is important
that the applied plasticity model captures these local variations.
Established algorithms for simulating plastic deformation of metals are normally
calibrated and compared to tensile test curves. However, this global mechanical
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behaviour is just an average over all heterogeneities included in the sample. So, although
simulations may agree well with the specimen behaviour as a whole, the mathematical
models are not able to describe the material behaviour locally (Kalidindi et al. 2003,
Henning and Vehoff 2005). Section 6.3.5 discusses the effect and nature of these local
strain heterogeneities in more detail.
Based on this, the calculated number of activated slip systems by static plasticity models
at the best, is an average of the actual number of slip systems activated. For most
applications, this type of models gives a sufficient description. Taylor type models are
therefore frequently used to predict texture evolution during deformation (se e.g.
Aukrust et al. 1997). However, this type of models is inadequate when used to predict
anisotropy in mechanical properties as shown in Chapter 6.2. Previously, Fjeldly (1999)
has evaluated the capabilities of several different plasticity models by predicting the 
angular dependence of mechanical properties (yield stress, flow stress and r-value) for
two different Al-Zn-Mg-alloys. The results are consistent with the findings in this work,
and clearly show that static plasticity models are not able to predict the observed
mechanical anisotropy behaviours sufficiently.
During the last couple of decades, several new and more flexible N-point approach
models like the LAMEL/ALAMEL models developed by Van Houtte and co-workers
(2005) and the GIA model developed by Crumbach and colleagues (Crumbach et al.
2001) have been introduced. These models take grain-to-grain interactions into account,
i.e. the number of slip systems activated is also dependent on the orientation of the
surrounding grains. In this approach, plastic deformation can be described more
accurately and prediction of mechanical anisotropy becomes more realistic. The 
overview made by Li and Van Houtte (2002a) clearly shows that the LAMEL method is
clearly superior to the above classical models. The experimental observations made in
this work support the findings made by Li and Van Houtte.
Further, Li and Van Houtte (2002a) also showed that LAMEL is more accurate than the
Crystal Plasticity Finite Element Method (CPFEM). However, also the finite element
technique is able to satisfactorily capture the overall mechanical anisotropy. Even though
the CPFEM is practically impossible to use for industrial forming simulations (enormous
calculation time), the interest for this type of modelling has been rapidly growing with
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the growth of the computing capasity of the average workstation. The work by Delaire et
al. (2000) use the CPFEM in combination with deformation field and crystallographic
orientation measurements in order to better understand the history of slip in each grain
and help establish which slip systems are activated at a local level. The comparisons
between orientations, measurements and simulations have shown good overall
agreement to observed strain and local orientations quantities. The kinetics of plastic
deformation was also accurately described, with no discrepancy between methods for the
determination of locally active slip systems.
This type of complex calculations has been outside the scope of this work. However, a 
very simplified method for determining the number of slip systems activated gives
similar results, hence supporting the findings reported by Delaire et al. (2000). In the
present work all potential slip systems with a Schmid factor satisfying the condition:
 (33)0.75 max critm m mt  
seem to activate. Here, the Schmid factor of the slip system most likely to be active is 
mmax and mcrit is the appurtenant critical Schmid factor. Most of the grains in the present
material having a strong crystallographic texture (deformed 45° to ED), had an initial
orientation where 3-4 slip systems could satisfy the above criteria. However, up to as
much as a strain of 12%, the number of slip systems satisfying this criterion was only 
two (as shown in Figure 6.21). These two slip systems were frequently co-planar but in 
some cases the slip systems belonged to different slip planes.
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Figure 6.21 – Calculated Schmid factor of all slip systems based on crystallographic
orientation of a typical grain investigated in this work. The assumed critical Schmid
factor is indicated with a horizontal line. (a) initial orientation (undeformed) and (b) 12%
deformation.
At 27% deformation only 1-2 slip systems were satisfying the above criteria, and the
grains with a high probability for activating two slip systems were the grains having
multiple slip traces, hence not co-planar slip systems. By combining information from 
slip traces, crystallographic orientation and local strain measurements, this type of
relation was found for all directions investigated.
6.3.5 Strain heterogeneities
Strain heterogeneities are almost inevitable during plastic deformation. It is generally
accepted that formability of semi-products is closely related to the microstructure
inherited from the upstream processing. Textural components, grain-size and
morphology as well as the second phase particles are typically inhomogeneously
distributed in the microstructure. For that reason, the strain is never completely
homogeneous throughout the structure and the materials tend to develop some sort of
strain localisation. The different types of strain heterogeneities/localisations can be
divided into different categories based on their origin and length scale.
It is beyond doubt that the local strain distribution by itself is a very complex matter. If a 
material develops visible strain heterogeneities or not during deformation is strongly
dependent upon the length scale in which the strains are evaluated. Materials which seem
to possess a very homogeneous strain distribution on a given length-scale can easily
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possess vigorous strain heterogeneities on a finer length-scale. Aluminium is a typical
example of such a material.
The most well known strain heterogeneity at the macroscopic length scale is the strain
localisation taking place during necking initiated at the uniform strain, ref. the Considere
criterion (Considere 1885). This criterion states that the onset of necking and the end of
uniform elongation (homogeneous deformation on a macroscopic length scale) occurs
when the true work hardening rate exactly equals the true strain (Wagoner and Chenot
1996):
d
d
V V
H
  (34)
At this point, the deformation is localised into the necking area while the remaining part
of the material is strain relaxed and almost no more deformation takes place. Hence,
beyond this point the material develops evident severe strain heterogeneities as shown by
the micrograph presented in Figure 5.65.
Further, the Piobert-Lüders (PL) and the Portevin-Le Châtelier (PLC) effects are other
strain heterogeneities which are evident at the macroscopic scale in lloys with Mg in 
solid solution. The PL phenomenon is a strain softening type instability and is 
characterised by the presence of a plateau of almost constant stress after the onset of
yielding (Baird 1963). The PLC effect is a strain rate softening type instability and 
manifests itself as serrations in the stress-strain curve during the work-hardening stage of
deformation (Thomas 1966). Both these effects are frequently observed on the
macroscopic stress-strain curve of aluminium alloys containing magnesium. The alloys
investigated in this work, which are from the Al-Mg-Si system, possesses therefore this
type of strain heterogeneities as shown in Figure 5.12 and Figure 5.13.
In a parallel work associated to this PhD-thesis, the PLC effect has been investigated by
use of the DSCA-technique. The results from these investigations will be reported
elsewhere. Experimental results from earlier work (e.g. Søreng 1997) have shown that
the PLC-effect has a negative impact on the forming behaviour. This is most likely
related to the altered strain distribution as suggested by Søreng (1997). Locally, the
material has to activate additional slip systems when the moving deformation band
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passes. Additional slip systems activated will lead to increased dislocation interactions
which clearly have a negative impact on the forming behaviour (Kocks 1970). This is
another example where the experimental results clearly confirm the correlation between
the number of slip systems activated, strain heterogeneities and the forming behaviour.
As shown in Figure 5.18 and Figure 5.19, heat-treatment leads to significant alterations
in the amount of PLC activity, and the PLC-effect is not visible for the specimens
deformed in the SEM (AA6063, T1 condition). This is confirmed by the stress vs. strain
curves obtained from the in-situ experiments (Figure 5.23). Hence, AA6063 has in
condition T1 a homogeneous strain distribution on the macroscopic scale. However,
when this material condition is investigated more carefully in the SEM, it becomes clear 
that the material has a quite heterogeneous strain distribution on a finer length-scale
(microscopic).
The slip traces observed on the specimen surface (section 5.6.1) are by themselves strain 
heterogeneities. This type of local strain heterogeneities develops on a much finer
length-scale than what can be observed with the naked eye. On this length-scale, some
regions do not deform at all, while other regions develop very significant strains. Hence,
also stain localisation on a microscopic scale is an intrinsic property for this type of 
alloys. Previously it has been reported that this type of strain heterogeneities might be
suppressed by artificial age-hardening to peak- and over-aged conditions (Poole et al. 
2005). However, the present observations for AA6063 clearly contradict this since slip
traces evidently develops in condition T1. 
Within the microstructure, the amount of slip traces, appearance and consistency with
neighbouring grains varies significantly from grain to grain. It is also worth noticing that
these slip trace characteristic is strongly dependent on the deformation direction. As 
shown in section 5.6.1, these features varies significantly trough the microstructure for
specimens deformed perpendicular to ED. Hence, some grains possess fine slip traces, 
while other grains possess thick discontinuous and wavy slip traces. The specimen
deformed 45° to ED possesses very fine and homogeneous slip traces through the whole 
microstructure. These evident variations in slip traces, i.e. local strain heterogeneities, 
are directly linked to the crystallographic texture, which again is related to slip
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activation. It is therefore clear that also the amount of strain heterogeneities on this finer
length-scale is texture dependent.
When slip traces are studied in even more detail, micrographs illustrate that deformation
by slip clearly is a discontinuous deformation process (Figure 5.68). Hence, by using
ordinary definitions of strain very locally, the strain can be almost infinity in one region,
while the neighbouring regions are more or less undeformed. As already indicated in
section 5.7.1, this fact makes it impossible to treat the material as a continuum at this
length-scale. The very significant strains will make the material collapse locally (i.e. the
material reaches the ultimate strain in these regions), which again will lead macroscopic
failure. In other words, the forming behaviour of a material is to a large extent
determined by the local strain distribution taking place on all length-scales. To illustrate
this even further, the in-situ deformation experiments will be discussed to explain the
effect of texture and activation of slip systems on the local strain distribution taking
place during deformation.
6.3.6 Hard vs. soft orientations 
As mentioned above, it is a common understanding that microstructural heterogeneities
like crystallographic texture, grain size and shape, and second phase particles lead to 
strain heterogeneities. During the last century, several studies have been performed on 
how the local strain distribution is controlled by microstructural heterogeneities. Raabe
et al. (2003) studied an Al-Mg-Si sheet (AA6022) and found that the existence of soft
and hard inclusions gave rise to strong strain heterogeneities at the specimen surface.
This observation is comparable to the observation made by Wittridge and Knutsen
(1999), which found that strain localisation was produced when colonies of the strong R-
texture components were embedded within the soft matrix with Cube texture. This
observation confirmed the fact that grain-scale roughening first produces microscopic
strain localization in the incipient stages of plastic straining and eventually macroscopic
through-thickness strain localisation. In agreement with earlier work along these lines,
the authors concluded that ridging phenomena could be attributed to texture in
homogeneity.
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The present study has shown that alloy AA6063 also develops similar type of strain
localisation due to texture heterogeneities. The soft grains, having several slip systems
with high to very high Schmid values can easily activate many slip systems (see section
6.3.3 for more details) and are therefore easy to deform. The hard grains have a more
unfavourable Schmid value distribution and would therefore like to avoid activating any
slip systems. As a consequence, the number of slip systems activated varies significantly
from grain to grain, which again affect the strain distribution during deformation. This is
very well illustrated in Figure 5.63, which presents the measured major stain distribution
deformed to a global strain of 27%. Here, the grain boundaries determined by EBSD are
overlaid, and it becomes clear that the strain heterogeneities are related to variations in
crystallographic orientation. The IPF-map of the same area (Figure 5.61) confirms that
there exist a close correlation between the crystallographic orientation and the local
strain distribution. In other words, microstructures consisting of both “hard” and “soft”
grains will develop local strain heterogeneities during deformation, i.e. some grains are 
deformed significantly more than others. The soft grains have to compensate for the lack
of deformation taking place in the hard grains. This again means that the enforced global
deformation mainly is picked up by grains having soft crystallographic orientations, i.e.
the strain is localised to soft regions. Soft grains can therefore be deformed to strains 
approximately three times as high as the global strain and more than four times as high
as neighbouring hard grains as shown in Figure 5.63. The consequences of such
variations have also been investigated by Duan et al. (2005) and were discussed above in
Chapter 6.2. 
The fact that all grains have some slip systems more favourable oriented for slip has
been known since the earliest days of crystal plasticity. All the classical plasticity models
are even based on this assumption (Sachs, Taylor). An example of a Taylor factor map
of the microstructure (Figure 5.62) illustrates quite evidently how the crystallographic
texture determines deformation easiness. The grains having a high Taylor factor
correspond to the least deformed grains at the macroscopic uniform strain. Further, the
maps presented in Figure 5.54 clearly illustrate how the Taylor factor of a given material
is determined by the applied deformation direction (a-c), as well as the texture
heterogeneity. Consequently, the material with random texture (d) has large variations in
the Taylor factors compared to the material with strong texture (a-c).
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Further, it appears that a clear correlation between the number of slip traces observed
and the local strain distribution exists. In general, grains developing low strain, i.e. high
Taylor factor, rarely develop strong slip traces. Further, it is observed that the grains 
exhibiting high strain often develop a limited number but very vigorous slip traces.
However, it is also observed that such grains develop multiple slip traces, especially
close to the grain boundaries. This can be explained by the Schmid value distribution.
Hence, heavily deformed grains has some slip systems which are extremely well 
oriented for slip and can therefore accommodate large strains on a limited number of slip 
systems. However, at very high strains, other slip systems have to be activated in order
to fulfil the compatibility requirements. On the other hand, there are examples of grains
deformed to very high strains, where no evident slip traces are observed. This could
mean that the strain either is evenly distributed among a high number of slip systems
(homogeneous deformation), which is in strong contrast to the discussions regarding
activation of slip systems, or, strain is distributed on a limited number of slip systems 
which not produces visible slip traces. Neither of these solutions seems very likely, so it 
is difficult to fully explain the relationship between the number of slip traces observed
and the amount of strain heterogeneities. From the discussion above, the amount of
deformation taking place in individual grains is to a large extent determined by their
crystallographic orientation. However, it has also been shown that other factors could
introduce strain heterogeneities.
6.3.7 Effects of nearest neighbours
As already mentioned several times, the number of slip systems activated is strongly
dependent on the global texture. For the individual grains, also another given difference
comes into effect. Almost all grains in a material with very strong crystallographic
texture have close to similar orientation. Hence, individual grains have several
neighbouring grains with comparable orientation and they will therefore activate the 
same number of slip systems during deformation. For the same reason, they will deform
in a similar manner, hence internal compatibility is also improved. Contrary, in a 
material with random texture, all the surrounding grains will have dissimilar
orientations. The compatibility requirements are more demanding and the grain has to
activate a higher number of slip systems. This is very well illustrated comparing the 
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maps presenting the number of slip traces activated by the individual grains during
deformation (Figure 5.44, Figure 5.45 and Figure 5.50). These figures show that
AA6063 has to activate a higher number of slip traces when the crystallographic texture
is more or less removed. As a consequence, this material will have a more heterogeneous
strain distribution when the crystallographic texture has been removed by cross-rolling.
This is also well illustrated by comparing the two figures presenting the local strain
distribution of the material with strong texture deformed parallel and 45° to ED (Figure
5.73 and Figure 5.74). The specimen deformed parallel to ED, which also has the most
uniform Taylor factor distribution, has a much more homogeneous strain distribution
than the specimen deformed 45° to ED.
The effect of nearest neighbours can also indirectly affect the strain distribution. In many
ways, it could be reasonable to compare the macroscopic uniform strain of a material
with a chain. The chain is not stronger than its weakest segment and neither a material
can be deformed further than until the microstructure reaches the uniform strain locally.
In other words, a material with vigorous strain localisation will reach the macroscopic
uniform strain earlier than a material with homogeneous strain distribution. When this
statement is transferred to the investigated material, it becomes evident that the observed
strain heterogeneities will have a negative impact on the macroscopic uniform strain.
The amount of strain localisation is dependent on the deformation direction. Hence, it
could be claimed that these variations explain the variations in uniform strain when
deformed 0°, 45° and 90° to ED. These variations might be insufficient to explain the
variations observed in macroscopic mechanical properties alone, but the angular
dependency of the local strain heterogeneities are undoubtly consistent with variations in 
mechanical properties. 
In other words, not only the crystallographic texture determines the strain distribution
taking place in the material. This is explicitly illustrated when the through-thickness
variations in crystallographic texture for AA6063 prior to cross-rolling is compared to
the local strain measurements of the same area. Figure 5.72 shows that there are large
variations in Taylor factors through the profile thickness, due to the evident texture
gradient discussed in Chapter 6.2. From a Taylor factor point of view, the 0° and 90°
specimens would develop heavy strain localisation at the specimen surface, while the
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surface of the 45° specimens would hardly deform at all. In contrast, the local strain 
distribution clearly show that this is not the case, even though the first traces of strain
localisation take place in areas of low Taylor factor. The material has to overcome the 
compatibility requirements, underlining the fact that the material is dependent on the 
nearest neighbours in order to overcome the enforced global deformation.
6.4 Impact and relevance to shape of extrusions 
The through-thickness variations developed during extrusion will certainly affect all
subsequent forming processes. It has been shown above in Chapter 6.2 that the
deformation behaviour of the different layers varies significantly. Further, it has been
assumed that the observed gradients are symmetrical about the profile centre plane
(S=0.00), which is expected for simple extrusions like the flat geometries investigated in 
this work. However, due to the complicated texture evolution during extrusion, such
simple symmetrical texture variations are not expected for more complicated geometries.
When more complicated profiles are investigated, they often possess unsymmetrical
gradients, hence predictions of the forming behaviourbecome very challenging.
Imagine a fairly simple V-shaped extruded profile (Figure 6.22). During extrusion of
such profile geometries, the die design will normally enforce a flow pattern where
texture differences are developing between the inside and outside surface layer. Based
on the results and discussions presented above, it seems clear that the mechanical
properties will differ through the wall thickness. This will, of course, alter the
deformation behaviour of the different layers which again can appear like minor
alterations of the profile geometry.
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Figure 6.22 – V-shaped extruded profile (complicated geometry). Profiles with
symmetrical texture will maintain their geometry after axial deformation (top), while the 
geometry will be altered if the gradient is unsymmetrical (bottom).
Extruded profiles are normally subjected to a stretching procedure immediately after
extrusion in order to remove curvatures introduced for example from uneven cooling or
material flow through the die. In this operation, the profiles are given an axial elongation
of typically 0.5-1.5%. This deformation is in some cases observed to be sufficient in
order to adjust the geometrical shape. However, very frequently the shape after
stratching is becoming outside the geometry tolerances, i.e. the angle D0 (Figure 6.22)
can be shifted during stretching. If a profile with a symmetrical texture gradient is 
stretched, the deformation is expected to take place symmetrical around the centre plane
(S=0.00). Each layer will deform differently but the profile will maintain its geometrical
shape since the outer and inner side of the profile deforms equally and by that neutralise
potential bending of the profile walls. However, if a profile with an unsymmetrical
gradient is deformed by tension, the inner and outer side will deform differently (Figure
6.23). The differences in deformation behaviour, independent of the cause (internal
stresses, gradients, plastic strain ratios etc.), could introduce some alterations of the
profile shape (DzD0). If, for the sake of simplicity, the variation in plastic strain ratio is 
the only cause of variations through the thickness, the differences in r-values could
introduce larger transversal strains (Figure 6.23). These strains can alter the profile shape
which again makes it more difficult to reach the target shape after forming. It is therefore
very important both to understand the effect from and to control the development of
through-thickness variations in order to improve the forming behaviour.
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Figure 6.23 – Illustration of the leg from a V-shaped extruded profile with evident
through-thickness variations before stretching (left). In the shown case, the transversal
strains at the inside of the profile are assumed larger than the outside strains due to
differences in plastic strain ratio. This leads to strain gradients which manifest as a 
curvature (shape change) of the profile after stretching.
6.5 In-situ deformation in the SEM – status and 
challenges
The discussion presented above clearly shows that in-situ deformation in the SEM is a 
powerful tool that allows a new type of experimental investigations and thereby provides
insight to important metallurgical phenomena. Still, the technique is not fully developed
and is confronted with several challenges that have to be overcome. This chapter will be
used to discuss the status and challenges for this promising technique.
6.5.1 In-situ deformation unit
For the last decade, there has been an enormous evolution when it comes to in-situ 
deformation capabilities in the SEM. At the initiation of this work, only a modest
number of works related to this topic was published. The group at the CNRS – PMTM
laboratory in Paris was one of the exceptions, and had already published several
impressing works utilising simple-tension deformation (Chiron et al. 1996, Delaire et al. 
2000) (see section 2.7.5 for more details). At the beginning of this decade, the interest
boosted and several groups around the world started to utilise this technique. As a
consequence, the number of publications has increased vigorously. Most of these
publications are related to simple-tension deformation.
The Norwegian University of Science and Technology (NTNU) has collaborated closely
with the CNRS – PMTM laboratory for several years. In 2001, this collaboration was
extended also include in-situ investigations in the SEM. Consequently, NTNU acquired
the deformation unit developed by Rémi Chiron and his group at CNRS – PMTM. This
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deformation unit is very compact, alowing it to be mounted to most SEMs available
today. In addition, this deformation unit is not only capable of deforming the sample by
simple-tension, but also other deformation modes like compression and bending are
available. Furthermore, these different modes of deformation can be combined with a
heating unit, allowing deformation at elevated temperatures. The capabilities are 
extensive when this deformation unit is combined with EBSD measurements (and/or
local strain measurements).
When designing experimental equipment like the one described here, it is always a
compromise between different functionalities, i.e. EBSD performance and deformation
mode capabilities. These functionalities are very well balanced for the deformation unit
applied in this work. Hence, the machine developed by Rémi Chiron and co-workers is 
really state-of-the-art when it comes to in-situ deformation in the SEM (see section 4.3.3
for more details concerning this deformation unit).
6.5.2 Challenges (related to in-situ deformation in the 
SEM)
As already mentioned above, there are still some challenges that have to be overcome
even though in-situ deformation in the SEM is a powerful tool. There are some 
important limitations for the EBSD technique.
When the specimen is deformed with a strain rate of 1.1x10-4 s-1 and the time necessary
to perform a detailed scan of the microstructure is ~45 minutes, the specimen will be
given a deformation equal to 30% during on scan. Consequently, the deformation has to
be interrupted in order to perform these investigations. Hence, this type of investigations
is not fully in-situ but rather “semi-in-situ”. The pattern acquisition speed of the EBSD 
technique has been improved significantly since the introduction of the technique. At
that time, it was almost impossible to acquire 1fps, while modern EBSD systems easily
acquire up to 43fps (see section 4.3.1). In the near future, it is reasonable to assume a
pattern acquisition speed of 300-500fps will be available (Schwarzer 2007). With this
acquisition speed, it will be possible to perform fully in-situ EBSD investigations.
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The strict surface requirements for EBSD investigations are another important limitation
for the EBSD technique. As pointed out in section 4.1.2, the specimen surface has to be
electro-polished in order to obtain the required pattern quality. Further, it is well known
that the specimen surface contaminate due to the electron beam, and this reduces the 
pattern quality. In addition, the specimens often develop surface topography that makes
it difficult to perform high-quality EBSD investigations at high strains (see e.g. Figure
5.49). To avoid these problems, it would have been desirable to repolish the specimen
surface during deformation. The new dual-beam microscopes (combined Focused Ion 
Beam (FIB) – Scanning Electron Microscope (SEM)) allow this type of repolishing.
However, since both these techniques are fairly novel, there are still not reported any 
works where FIB is used to repolish the specimen during in-situ deformation
investigations.
Further, repolishing will also remove the slip traces at the specimen surface. Hence, it
could be argued that information about the slip planes activated is lost. On the other
hand, it will become possible to study when the different slip traces are produced. As an
example, some grains develop additional slip traces at high strains, indicating that other
slip systems are activated at this strain range. By repolishing the surface, it would be 
possible to answer whether the initial slip systems stay active, or if these systems
become inactive at higher strains. In other words, this type of supplement provides new
possibilities for in-situ deformation investigations. However, the repolishing must be
used with consideration since it alters the investigated surface.
6.5.3 Focused Ion Beam (FIB) 
As already mentioned above, FIB has been introduced as a new and very interesting
technique for performing microstructural investigations. The technique has evolved
substantially since it first was introduced more than thirty years ago (Bischoff and 
Teichert 1997, Tseng 2004). For the last couple of years, FIB has for different reasons
been substantially applied together with EBSD.
FIB can for example be used to prepare the surface of a material for EBSD 
investigations (Matteson et al. 2002). Repolsihing can as discussed above be necessary
during in-situ deformation investigations. Further, there are also applications where the
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material of interest has to be prepared in vacuum, since an oxide layer can develop at the
specimen surface and obscure the backscattered signal. For example, when exposed to 
atmosphere, nano-scale metallic interconnects, used in microelectronic devices, can
oxidize rapidly, making them very difficult to analyze by EBSD (Farrer et al. 2002).
More relevant for this thesis is the use of dual-beam microscopes for 3D microstructural
investigations, especially when FIB is used together with EBSD. Combining the
successive removal by FIB with sequential EBSD maps and high-resolution imageing by
the electron beam, reveal detailed information through the specimen thickness. The
different sections can then be used to generate a full 3D sample reconstruction. The 
technique is in other words perfect for obtaining information about the microstructure
that can be used as input for computer simulations of various forming operations.
Further, FIB-EBSD can also be used to obtain detailed information about orientation
gradients developing e.g. close to grain boundaries and primary particles.
Another important feature is that the spatial resolution of combined FIB and EBSD 
investigations conveniently fits in between the electron tomography (few Angstroms)
and the 3DXRD (several microns) techniques, and is suitable for looking at
microstructures with feature sizes of tens of nanometres to tens of microns (Mulders and
Day 2005, Zaefferer et al. 2005). Dual-beam investigations have already been used to
obtain a better understanding of 3D orientation gradients (see e.g. Konrad et al. 2006).
Due to the destructive nature of FIB-sectioning, this type of experiments never can be
combined with in-situ investigations. Still, combined FIB-EBSD experiments clearly
supplement the EBSD in-situ experiments. Hence, if performed correctly, the results
from both methods provide a better understanding of 3D plasticity. Due to the
limitations with these methods, in-situ 3D plasticity investigations still have to be
performed by the 3DXRD or similar techniques as pointed out in section 2.7.5. Even
though 3DXRD is superior to the in-situ deformation technique in the SEM when it 
comes to 3D plasticity, the discussion above has shown the enormous potential for this
technique. It is reasonable to assume that in the future, in-situ deformation in SEM will
help scientist understand the basics of the mechanisms operating during deformation.
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7 Conclusion 
The present work has been concerned with experimental investigations of extruded
sheets from two commercial Al-Mg-Si alloys with different microstructure. The main
objective has been to obtain a better understanding of the deformation mechanisms
operating during plastic forming of extruded aluminium profiles. This has been obtained
by discussing the experimental results, which are organised in two separate parts based
on the techniques applied and the mechanisms investigated. The main conclusions based
on these examinations, can be summarised as follows:
x The mechanical anisotropy observed between the 0q and 90q direction of AA6063 is 
related to the ED-rotated Cube texture. The Schmid value distribution for the
dominant texture components is not symmetrically distributed. Hence, the activation
of slip systems varies significantly.
x Crystallographic texture is the main reason for mechanical anisotropy. However,
also artificial and to some extent natural age-hardening affect mechanical anisotropy 
due to the introduction of non-shearable particles that reduces the texture effect.
Hence, both AA6063 and AA6082 possess more isotropic mechanical properties
after artificial ageing.
x Extruded profiles with microstructural and textural through-thickness variations will
posses evident variations in through-thickness mechanical properties and can
develop significant anisotropic cross-sectional shape variations when subjected to
uniaxial tensile deformation. The prediction of the forming behaviour becomes more
complicated by the introduction of such a variation.
x Grains having a [100] or a [111] parallel to the deformation direction (DD) are
stable during simple tension deformation while other crystallographic orientations
tend to obtain such a configuration. Further, the accumulated lattice rotation for
individual grains is reduced when the grain size is large.
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x Combined slip trace and Schmid value distribution analysis can be used to
determine the number of slip systems activated.
x Comparison of experimental results and texture based calculations show that the
plastic strain ratio for the present Al-Mg-Si profiles is better described by the Taylor
RC than the FC method. The static plasticity models (e.g. Sachs, Taylor models) are
not able to provide sufficiently accurate predictions of the mechanical anisotropy.
The accuracy of texture based calculations can be improved by applying more
advanced and dynamic models like the GIA and LAMEL models.
x The number of slip systems activated (typically 1-2 slip systems) is very
heterogeneous and is normally less than the number predicted by the classical
Taylor model. Generally, it has been shown that materials without texture need to
activate a higher number of slip systems than a material carrying a strong 
crystallographic texture.
x Strain heterogeneities lead to reduced macroscopic uniform strain. Different types of
heterogeneities are observed at all length-scales, and all types of strain
heterogeneities should be evaluated in order to determine the macroscopic forming
behaviour of a material.
x Microstructures consisting of both “hard” and “soft” grains develop local strain
heterogeneities during deformation. Consequently, the enforced global deformation
is mainly picked up by grains having soft crystallographic orientations, i.e. the strain
is localised to soft regions.
x In-situ deformation in the SEM combined with EBSD is a powerful tool for 
investigating plasticity of materials. The technique has some important limitations,
but still, the results obtained with this technique are comparable to the observations
obtained with the more advanced 3DXRD technique.
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Appendix A – Heating unit 
The main purpose of the heating unit is to allow simple tension experiments at elevated
temperatures. It was developed at the CNRS – PMTM laboratory at University Paris 13,
France and is simply a small furnace that is clamped underneath the in-situ specimen
(Figure A.1). The heat generated by the furnace is directly transferred to the specimen.
However, the heating unit has been modified such that the same unit can be used to
perform dedicated heating experiments (Figure A.2). The furnace is designed for heating 
up to 600qC but the actual limit could be lower due to limitations from the surrounding.
Over heating the system can destroy some of the fragile components in a SEM.
However, this problem can be overcome by attaching a cooling unit to the substage.
Such a cooling unit has been developed for the Hitachi S4300-SE (Figure A.3).
Figure A.1 – Small furnace clamped to the specimen. The specimen can easily be 
mounted in the deformation stage.
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Figure A.2 – Furnace mounted to a dedicated substage for heating experiments. The 
cooling unit is coupled to a cold finger by a ductile copper cable (see. Figure A.3).
Figure A.3 – Cooling unit mounted to the chamber of Hitachi S4300-SE. The cold finger
transfer the heat generated in the microscope to the cooling medium (liquid nitrogen
(Nl)) through a ductile copper cable.
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Figure A.4 – Measured ODF representing the initial global texture. Positions of
important texture components are given by their notation letters. (a) AA6063 (b)
AA6082
241
Appendix C – Through-thickness variations
Appendix C – Through-thickness variations 
242
Appendix C – Through-thickness variations
Figure A.5 – Calculated pole figures based on orientation data at different positions
through the profile thickness of AA6063.
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Figure A.6 – Calculated pole figures based on orientation data at different positions
through the profile thickness of AA6082.
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Figure A.7 – True stress-strain curves at different material conditions for AA6063. (a) 0° 
(b) 45° (c) 90° related to ED.
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Figure A.8 – True stress-strain curves at different material conditions for AA6082. (a) 0° 
(b) 45° (c) 90° related to ED.
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Figure A.9 – Micrographs of the through-specimen-thickness-curvature in AA6063 after
simple tension to the uniform strain 0°, 45° and 90° related to ED. All temper conditions
investigated are presented.
Figure A.10 – Micrographs of the through-specimen-thickness-curvature in AA6082
after simple tension to the uniform strain 0°, 45° and 90° related to ED. Material
conditions W, 10min, T4, 24h and T6 are presented.
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Figure A.9 – Micrographs of the through-specimen-thickness-curvature in AA6063 after
simple tension to the uniform strain 0°, 45° and 90° related to ED. All temper conditions
investigated are presented.
Figure A.10 – Micrographs of the through-specimen-thickness-curvature in AA6082
after simple tension to the uniform strain 0°, 45° and 90° related to ED. Material
conditions W, 10min, T4, 24h and T6 are presented.
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Figure A.8 – True stress-strain curves at different material conditions for AA6082. (a) 0° 
(b) 45° (c) 90° related to ED.
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Figure A.7 – True stress-strain curves at different material conditions for AA6063. (a) 0° 
(b) 45° (c) 90° related to ED.
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Figure A.6 – Calculated pole figures based on orientation data at different positions
through the profile thickness of AA6082.
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Figure A.5 – Calculated pole figures based on orientation data at different positions
through the profile thickness of AA6063.
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Figure A.4 – Measured ODF representing the initial global texture. Positions of
important texture components are given by their notation letters. (a) AA6063 (b)
AA6082
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Figure A.2 – Furnace mounted to a dedicated substage for heating experiments. The 
cooling unit is coupled to a cold finger by a ductile copper cable (see. Figure A.3).
Figure A.3 – Cooling unit mounted to the chamber of Hitachi S4300-SE. The cold finger
transfer the heat generated in the microscope to the cooling medium (liquid nitrogen
(Nl)) through a ductile copper cable.
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The main purpose of the heating unit is to allow simple tension experiments at elevated
temperatures. It was developed at the CNRS – PMTM laboratory at University Paris 13,
France and is simply a small furnace that is clamped underneath the in-situ specimen
(Figure A.1). The heat generated by the furnace is directly transferred to the specimen.
However, the heating unit has been modified such that the same unit can be used to
perform dedicated heating experiments (Figure A.2). The furnace is designed for heating 
up to 600qC but the actual limit could be lower due to limitations from the surrounding.
Over heating the system can destroy some of the fragile components in a SEM.
However, this problem can be overcome by attaching a cooling unit to the substage.
Such a cooling unit has been developed for the Hitachi S4300-SE (Figure A.3).
Figure A.1 – Small furnace clamped to the specimen. The specimen can easily be 
mounted in the deformation stage.
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x Combined slip trace and Schmid value distribution analysis can be used to
determine the number of slip systems activated.
x Comparison of experimental results and texture based calculations show that the
plastic strain ratio for the present Al-Mg-Si profiles is better described by the Taylor
RC than the FC method. The static plasticity models (e.g. Sachs, Taylor models) are
not able to provide sufficiently accurate predictions of the mechanical anisotropy.
The accuracy of texture based calculations can be improved by applying more
advanced and dynamic models like the GIA and LAMEL models.
x The number of slip systems activated (typically 1-2 slip systems) is very
heterogeneous and is normally less than the number predicted by the classical
Taylor model. Generally, it has been shown that materials without texture need to
activate a higher number of slip systems than a material carrying a strong 
crystallographic texture.
x Strain heterogeneities lead to reduced macroscopic uniform strain. Different types of
heterogeneities are observed at all length-scales, and all types of strain
heterogeneities should be evaluated in order to determine the macroscopic forming
behaviour of a material.
x Microstructures consisting of both “hard” and “soft” grains develop local strain
heterogeneities during deformation. Consequently, the enforced global deformation
is mainly picked up by grains having soft crystallographic orientations, i.e. the strain
is localised to soft regions.
x In-situ deformation in the SEM combined with EBSD is a powerful tool for 
investigating plasticity of materials. The technique has some important limitations,
but still, the results obtained with this technique are comparable to the observations
obtained with the more advanced 3DXRD technique.
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7 Conclusion 
The present work has been concerned with experimental investigations of extruded
sheets from two commercial Al-Mg-Si alloys with different microstructure. The main
objective has been to obtain a better understanding of the deformation mechanisms
operating during plastic forming of extruded aluminium profiles. This has been obtained
by discussing the experimental results, which are organised in two separate parts based
on the techniques applied and the mechanisms investigated. The main conclusions based
on these examinations, can be summarised as follows:
x The mechanical anisotropy observed between the 0q and 90q direction of AA6063 is 
related to the ED-rotated Cube texture. The Schmid value distribution for the
dominant texture components is not symmetrically distributed. Hence, the activation
of slip systems varies significantly.
x Crystallographic texture is the main reason for mechanical anisotropy. However,
also artificial and to some extent natural age-hardening affect mechanical anisotropy 
due to the introduction of non-shearable particles that reduces the texture effect.
Hence, both AA6063 and AA6082 possess more isotropic mechanical properties
after artificial ageing.
x Extruded profiles with microstructural and textural through-thickness variations will
posses evident variations in through-thickness mechanical properties and can
develop significant anisotropic cross-sectional shape variations when subjected to
uniaxial tensile deformation. The prediction of the forming behaviour becomes more
complicated by the introduction of such a variation.
x Grains having a [100] or a [111] parallel to the deformation direction (DD) are
stable during simple tension deformation while other crystallographic orientations
tend to obtain such a configuration. Further, the accumulated lattice rotation for
individual grains is reduced when the grain size is large.
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material of interest has to be prepared in vacuum, since an oxide layer can develop at the
specimen surface and obscure the backscattered signal. For example, when exposed to 
atmosphere, nano-scale metallic interconnects, used in microelectronic devices, can
oxidize rapidly, making them very difficult to analyze by EBSD (Farrer et al. 2002).
More relevant for this thesis is the use of dual-beam microscopes for 3D microstructural
investigations, especially when FIB is used together with EBSD. Combining the
successive removal by FIB with sequential EBSD maps and high-resolution imageing by
the electron beam, reveal detailed information through the specimen thickness. The
different sections can then be used to generate a full 3D sample reconstruction. The 
technique is in other words perfect for obtaining information about the microstructure
that can be used as input for computer simulations of various forming operations.
Further, FIB-EBSD can also be used to obtain detailed information about orientation
gradients developing e.g. close to grain boundaries and primary particles.
Another important feature is that the spatial resolution of combined FIB and EBSD 
investigations conveniently fits in between the electron tomography (few Angstroms)
and the 3DXRD (several microns) techniques, and is suitable for looking at
microstructures with feature sizes of tens of nanometres to tens of microns (Mulders and
Day 2005, Zaefferer et al. 2005). Dual-beam investigations have already been used to
obtain a better understanding of 3D orientation gradients (see e.g. Konrad et al. 2006).
Due to the destructive nature of FIB-sectioning, this type of experiments never can be
combined with in-situ investigations. Still, combined FIB-EBSD experiments clearly
supplement the EBSD in-situ experiments. Hence, if performed correctly, the results
from both methods provide a better understanding of 3D plasticity. Due to the
limitations with these methods, in-situ 3D plasticity investigations still have to be
performed by the 3DXRD or similar techniques as pointed out in section 2.7.5. Even
though 3DXRD is superior to the in-situ deformation technique in the SEM when it 
comes to 3D plasticity, the discussion above has shown the enormous potential for this
technique. It is reasonable to assume that in the future, in-situ deformation in SEM will
help scientist understand the basics of the mechanisms operating during deformation.
227
Discussion
The strict surface requirements for EBSD investigations are another important limitation
for the EBSD technique. As pointed out in section 4.1.2, the specimen surface has to be
electro-polished in order to obtain the required pattern quality. Further, it is well known
that the specimen surface contaminate due to the electron beam, and this reduces the 
pattern quality. In addition, the specimens often develop surface topography that makes
it difficult to perform high-quality EBSD investigations at high strains (see e.g. Figure
5.49). To avoid these problems, it would have been desirable to repolish the specimen
surface during deformation. The new dual-beam microscopes (combined Focused Ion 
Beam (FIB) – Scanning Electron Microscope (SEM)) allow this type of repolishing.
However, since both these techniques are fairly novel, there are still not reported any 
works where FIB is used to repolish the specimen during in-situ deformation
investigations.
Further, repolishing will also remove the slip traces at the specimen surface. Hence, it
could be argued that information about the slip planes activated is lost. On the other
hand, it will become possible to study when the different slip traces are produced. As an
example, some grains develop additional slip traces at high strains, indicating that other
slip systems are activated at this strain range. By repolishing the surface, it would be 
possible to answer whether the initial slip systems stay active, or if these systems
become inactive at higher strains. In other words, this type of supplement provides new
possibilities for in-situ deformation investigations. However, the repolishing must be
used with consideration since it alters the investigated surface.
6.5.3 Focused Ion Beam (FIB) 
As already mentioned above, FIB has been introduced as a new and very interesting
technique for performing microstructural investigations. The technique has evolved
substantially since it first was introduced more than thirty years ago (Bischoff and 
Teichert 1997, Tseng 2004). For the last couple of years, FIB has for different reasons
been substantially applied together with EBSD.
FIB can for example be used to prepare the surface of a material for EBSD 
investigations (Matteson et al. 2002). Repolsihing can as discussed above be necessary
during in-situ deformation investigations. Further, there are also applications where the
226
Discussion
deformation unit is very compact, alowing it to be mounted to most SEMs available
today. In addition, this deformation unit is not only capable of deforming the sample by
simple-tension, but also other deformation modes like compression and bending are
available. Furthermore, these different modes of deformation can be combined with a
heating unit, allowing deformation at elevated temperatures. The capabilities are 
extensive when this deformation unit is combined with EBSD measurements (and/or
local strain measurements).
When designing experimental equipment like the one described here, it is always a
compromise between different functionalities, i.e. EBSD performance and deformation
mode capabilities. These functionalities are very well balanced for the deformation unit
applied in this work. Hence, the machine developed by Rémi Chiron and co-workers is 
really state-of-the-art when it comes to in-situ deformation in the SEM (see section 4.3.3
for more details concerning this deformation unit).
6.5.2 Challenges (related to in-situ deformation in the 
SEM)
As already mentioned above, there are still some challenges that have to be overcome
even though in-situ deformation in the SEM is a powerful tool. There are some 
important limitations for the EBSD technique.
When the specimen is deformed with a strain rate of 1.1x10-4 s-1 and the time necessary
to perform a detailed scan of the microstructure is ~45 minutes, the specimen will be
given a deformation equal to 30% during on scan. Consequently, the deformation has to
be interrupted in order to perform these investigations. Hence, this type of investigations
is not fully in-situ but rather “semi-in-situ”. The pattern acquisition speed of the EBSD 
technique has been improved significantly since the introduction of the technique. At
that time, it was almost impossible to acquire 1fps, while modern EBSD systems easily
acquire up to 43fps (see section 4.3.1). In the near future, it is reasonable to assume a
pattern acquisition speed of 300-500fps will be available (Schwarzer 2007). With this
acquisition speed, it will be possible to perform fully in-situ EBSD investigations.
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Figure 6.23 – Illustration of the leg from a V-shaped extruded profile with evident
through-thickness variations before stretching (left). In the shown case, the transversal
strains at the inside of the profile are assumed larger than the outside strains due to
differences in plastic strain ratio. This leads to strain gradients which manifest as a 
curvature (shape change) of the profile after stretching.
6.5 In-situ deformation in the SEM – status and 
challenges
The discussion presented above clearly shows that in-situ deformation in the SEM is a 
powerful tool that allows a new type of experimental investigations and thereby provides
insight to important metallurgical phenomena. Still, the technique is not fully developed
and is confronted with several challenges that have to be overcome. This chapter will be
used to discuss the status and challenges for this promising technique.
6.5.1 In-situ deformation unit
For the last decade, there has been an enormous evolution when it comes to in-situ 
deformation capabilities in the SEM. At the initiation of this work, only a modest
number of works related to this topic was published. The group at the CNRS – PMTM
laboratory in Paris was one of the exceptions, and had already published several
impressing works utilising simple-tension deformation (Chiron et al. 1996, Delaire et al. 
2000) (see section 2.7.5 for more details). At the beginning of this decade, the interest
boosted and several groups around the world started to utilise this technique. As a
consequence, the number of publications has increased vigorously. Most of these
publications are related to simple-tension deformation.
The Norwegian University of Science and Technology (NTNU) has collaborated closely
with the CNRS – PMTM laboratory for several years. In 2001, this collaboration was
extended also include in-situ investigations in the SEM. Consequently, NTNU acquired
the deformation unit developed by Rémi Chiron and his group at CNRS – PMTM. This
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Figure 6.22 – V-shaped extruded profile (complicated geometry). Profiles with
symmetrical texture will maintain their geometry after axial deformation (top), while the 
geometry will be altered if the gradient is unsymmetrical (bottom).
Extruded profiles are normally subjected to a stretching procedure immediately after
extrusion in order to remove curvatures introduced for example from uneven cooling or
material flow through the die. In this operation, the profiles are given an axial elongation
of typically 0.5-1.5%. This deformation is in some cases observed to be sufficient in
order to adjust the geometrical shape. However, very frequently the shape after
stratching is becoming outside the geometry tolerances, i.e. the angle D0 (Figure 6.22)
can be shifted during stretching. If a profile with a symmetrical texture gradient is 
stretched, the deformation is expected to take place symmetrical around the centre plane
(S=0.00). Each layer will deform differently but the profile will maintain its geometrical
shape since the outer and inner side of the profile deforms equally and by that neutralise
potential bending of the profile walls. However, if a profile with an unsymmetrical
gradient is deformed by tension, the inner and outer side will deform differently (Figure
6.23). The differences in deformation behaviour, independent of the cause (internal
stresses, gradients, plastic strain ratios etc.), could introduce some alterations of the
profile shape (DzD0). If, for the sake of simplicity, the variation in plastic strain ratio is 
the only cause of variations through the thickness, the differences in r-values could
introduce larger transversal strains (Figure 6.23). These strains can alter the profile shape
which again makes it more difficult to reach the target shape after forming. It is therefore
very important both to understand the effect from and to control the development of
through-thickness variations in order to improve the forming behaviour.
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surface of the 45° specimens would hardly deform at all. In contrast, the local strain 
distribution clearly show that this is not the case, even though the first traces of strain
localisation take place in areas of low Taylor factor. The material has to overcome the 
compatibility requirements, underlining the fact that the material is dependent on the 
nearest neighbours in order to overcome the enforced global deformation.
6.4 Impact and relevance to shape of extrusions 
The through-thickness variations developed during extrusion will certainly affect all
subsequent forming processes. It has been shown above in Chapter 6.2 that the
deformation behaviour of the different layers varies significantly. Further, it has been
assumed that the observed gradients are symmetrical about the profile centre plane
(S=0.00), which is expected for simple extrusions like the flat geometries investigated in 
this work. However, due to the complicated texture evolution during extrusion, such
simple symmetrical texture variations are not expected for more complicated geometries.
When more complicated profiles are investigated, they often possess unsymmetrical
gradients, hence predictions of the forming behaviourbecome very challenging.
Imagine a fairly simple V-shaped extruded profile (Figure 6.22). During extrusion of
such profile geometries, the die design will normally enforce a flow pattern where
texture differences are developing between the inside and outside surface layer. Based
on the results and discussions presented above, it seems clear that the mechanical
properties will differ through the wall thickness. This will, of course, alter the
deformation behaviour of the different layers which again can appear like minor
alterations of the profile geometry.
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maps presenting the number of slip traces activated by the individual grains during
deformation (Figure 5.44, Figure 5.45 and Figure 5.50). These figures show that
AA6063 has to activate a higher number of slip traces when the crystallographic texture
is more or less removed. As a consequence, this material will have a more heterogeneous
strain distribution when the crystallographic texture has been removed by cross-rolling.
This is also well illustrated by comparing the two figures presenting the local strain
distribution of the material with strong texture deformed parallel and 45° to ED (Figure
5.73 and Figure 5.74). The specimen deformed parallel to ED, which also has the most
uniform Taylor factor distribution, has a much more homogeneous strain distribution
than the specimen deformed 45° to ED.
The effect of nearest neighbours can also indirectly affect the strain distribution. In many
ways, it could be reasonable to compare the macroscopic uniform strain of a material
with a chain. The chain is not stronger than its weakest segment and neither a material
can be deformed further than until the microstructure reaches the uniform strain locally.
In other words, a material with vigorous strain localisation will reach the macroscopic
uniform strain earlier than a material with homogeneous strain distribution. When this
statement is transferred to the investigated material, it becomes evident that the observed
strain heterogeneities will have a negative impact on the macroscopic uniform strain.
The amount of strain localisation is dependent on the deformation direction. Hence, it
could be claimed that these variations explain the variations in uniform strain when
deformed 0°, 45° and 90° to ED. These variations might be insufficient to explain the
variations observed in macroscopic mechanical properties alone, but the angular
dependency of the local strain heterogeneities are undoubtly consistent with variations in 
mechanical properties. 
In other words, not only the crystallographic texture determines the strain distribution
taking place in the material. This is explicitly illustrated when the through-thickness
variations in crystallographic texture for AA6063 prior to cross-rolling is compared to
the local strain measurements of the same area. Figure 5.72 shows that there are large
variations in Taylor factors through the profile thickness, due to the evident texture
gradient discussed in Chapter 6.2. From a Taylor factor point of view, the 0° and 90°
specimens would develop heavy strain localisation at the specimen surface, while the
221
Discussion
Further, it appears that a clear correlation between the number of slip traces observed
and the local strain distribution exists. In general, grains developing low strain, i.e. high
Taylor factor, rarely develop strong slip traces. Further, it is observed that the grains 
exhibiting high strain often develop a limited number but very vigorous slip traces.
However, it is also observed that such grains develop multiple slip traces, especially
close to the grain boundaries. This can be explained by the Schmid value distribution.
Hence, heavily deformed grains has some slip systems which are extremely well 
oriented for slip and can therefore accommodate large strains on a limited number of slip 
systems. However, at very high strains, other slip systems have to be activated in order
to fulfil the compatibility requirements. On the other hand, there are examples of grains
deformed to very high strains, where no evident slip traces are observed. This could
mean that the strain either is evenly distributed among a high number of slip systems
(homogeneous deformation), which is in strong contrast to the discussions regarding
activation of slip systems, or, strain is distributed on a limited number of slip systems 
which not produces visible slip traces. Neither of these solutions seems very likely, so it 
is difficult to fully explain the relationship between the number of slip traces observed
and the amount of strain heterogeneities. From the discussion above, the amount of
deformation taking place in individual grains is to a large extent determined by their
crystallographic orientation. However, it has also been shown that other factors could
introduce strain heterogeneities.
6.3.7 Effects of nearest neighbours
As already mentioned several times, the number of slip systems activated is strongly
dependent on the global texture. For the individual grains, also another given difference
comes into effect. Almost all grains in a material with very strong crystallographic
texture have close to similar orientation. Hence, individual grains have several
neighbouring grains with comparable orientation and they will therefore activate the 
same number of slip systems during deformation. For the same reason, they will deform
in a similar manner, hence internal compatibility is also improved. Contrary, in a 
material with random texture, all the surrounding grains will have dissimilar
orientations. The compatibility requirements are more demanding and the grain has to
activate a higher number of slip systems. This is very well illustrated comparing the 
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The present study has shown that alloy AA6063 also develops similar type of strain
localisation due to texture heterogeneities. The soft grains, having several slip systems
with high to very high Schmid values can easily activate many slip systems (see section
6.3.3 for more details) and are therefore easy to deform. The hard grains have a more
unfavourable Schmid value distribution and would therefore like to avoid activating any
slip systems. As a consequence, the number of slip systems activated varies significantly
from grain to grain, which again affect the strain distribution during deformation. This is
very well illustrated in Figure 5.63, which presents the measured major stain distribution
deformed to a global strain of 27%. Here, the grain boundaries determined by EBSD are
overlaid, and it becomes clear that the strain heterogeneities are related to variations in
crystallographic orientation. The IPF-map of the same area (Figure 5.61) confirms that
there exist a close correlation between the crystallographic orientation and the local
strain distribution. In other words, microstructures consisting of both “hard” and “soft”
grains will develop local strain heterogeneities during deformation, i.e. some grains are 
deformed significantly more than others. The soft grains have to compensate for the lack
of deformation taking place in the hard grains. This again means that the enforced global
deformation mainly is picked up by grains having soft crystallographic orientations, i.e.
the strain is localised to soft regions. Soft grains can therefore be deformed to strains 
approximately three times as high as the global strain and more than four times as high
as neighbouring hard grains as shown in Figure 5.63. The consequences of such
variations have also been investigated by Duan et al. (2005) and were discussed above in
Chapter 6.2. 
The fact that all grains have some slip systems more favourable oriented for slip has
been known since the earliest days of crystal plasticity. All the classical plasticity models
are even based on this assumption (Sachs, Taylor). An example of a Taylor factor map
of the microstructure (Figure 5.62) illustrates quite evidently how the crystallographic
texture determines deformation easiness. The grains having a high Taylor factor
correspond to the least deformed grains at the macroscopic uniform strain. Further, the
maps presented in Figure 5.54 clearly illustrate how the Taylor factor of a given material
is determined by the applied deformation direction (a-c), as well as the texture
heterogeneity. Consequently, the material with random texture (d) has large variations in
the Taylor factors compared to the material with strong texture (a-c).
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activation. It is therefore clear that also the amount of strain heterogeneities on this finer
length-scale is texture dependent.
When slip traces are studied in even more detail, micrographs illustrate that deformation
by slip clearly is a discontinuous deformation process (Figure 5.68). Hence, by using
ordinary definitions of strain very locally, the strain can be almost infinity in one region,
while the neighbouring regions are more or less undeformed. As already indicated in
section 5.7.1, this fact makes it impossible to treat the material as a continuum at this
length-scale. The very significant strains will make the material collapse locally (i.e. the
material reaches the ultimate strain in these regions), which again will lead macroscopic
failure. In other words, the forming behaviour of a material is to a large extent
determined by the local strain distribution taking place on all length-scales. To illustrate
this even further, the in-situ deformation experiments will be discussed to explain the
effect of texture and activation of slip systems on the local strain distribution taking
place during deformation.
6.3.6 Hard vs. soft orientations 
As mentioned above, it is a common understanding that microstructural heterogeneities
like crystallographic texture, grain size and shape, and second phase particles lead to 
strain heterogeneities. During the last century, several studies have been performed on 
how the local strain distribution is controlled by microstructural heterogeneities. Raabe
et al. (2003) studied an Al-Mg-Si sheet (AA6022) and found that the existence of soft
and hard inclusions gave rise to strong strain heterogeneities at the specimen surface.
This observation is comparable to the observation made by Wittridge and Knutsen
(1999), which found that strain localisation was produced when colonies of the strong R-
texture components were embedded within the soft matrix with Cube texture. This
observation confirmed the fact that grain-scale roughening first produces microscopic
strain localization in the incipient stages of plastic straining and eventually macroscopic
through-thickness strain localisation. In agreement with earlier work along these lines,
the authors concluded that ridging phenomena could be attributed to texture in
homogeneity.
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passes. Additional slip systems activated will lead to increased dislocation interactions
which clearly have a negative impact on the forming behaviour (Kocks 1970). This is
another example where the experimental results clearly confirm the correlation between
the number of slip systems activated, strain heterogeneities and the forming behaviour.
As shown in Figure 5.18 and Figure 5.19, heat-treatment leads to significant alterations
in the amount of PLC activity, and the PLC-effect is not visible for the specimens
deformed in the SEM (AA6063, T1 condition). This is confirmed by the stress vs. strain
curves obtained from the in-situ experiments (Figure 5.23). Hence, AA6063 has in
condition T1 a homogeneous strain distribution on the macroscopic scale. However,
when this material condition is investigated more carefully in the SEM, it becomes clear 
that the material has a quite heterogeneous strain distribution on a finer length-scale
(microscopic).
The slip traces observed on the specimen surface (section 5.6.1) are by themselves strain 
heterogeneities. This type of local strain heterogeneities develops on a much finer
length-scale than what can be observed with the naked eye. On this length-scale, some
regions do not deform at all, while other regions develop very significant strains. Hence,
also stain localisation on a microscopic scale is an intrinsic property for this type of 
alloys. Previously it has been reported that this type of strain heterogeneities might be
suppressed by artificial age-hardening to peak- and over-aged conditions (Poole et al. 
2005). However, the present observations for AA6063 clearly contradict this since slip
traces evidently develops in condition T1. 
Within the microstructure, the amount of slip traces, appearance and consistency with
neighbouring grains varies significantly from grain to grain. It is also worth noticing that
these slip trace characteristic is strongly dependent on the deformation direction. As 
shown in section 5.6.1, these features varies significantly trough the microstructure for
specimens deformed perpendicular to ED. Hence, some grains possess fine slip traces, 
while other grains possess thick discontinuous and wavy slip traces. The specimen
deformed 45° to ED possesses very fine and homogeneous slip traces through the whole 
microstructure. These evident variations in slip traces, i.e. local strain heterogeneities, 
are directly linked to the crystallographic texture, which again is related to slip
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possess vigorous strain heterogeneities on a finer length-scale. Aluminium is a typical
example of such a material.
The most well known strain heterogeneity at the macroscopic length scale is the strain
localisation taking place during necking initiated at the uniform strain, ref. the Considere
criterion (Considere 1885). This criterion states that the onset of necking and the end of
uniform elongation (homogeneous deformation on a macroscopic length scale) occurs
when the true work hardening rate exactly equals the true strain (Wagoner and Chenot
1996):
d
d
V V
H
  (34)
At this point, the deformation is localised into the necking area while the remaining part
of the material is strain relaxed and almost no more deformation takes place. Hence,
beyond this point the material develops evident severe strain heterogeneities as shown by
the micrograph presented in Figure 5.65.
Further, the Piobert-Lüders (PL) and the Portevin-Le Châtelier (PLC) effects are other
strain heterogeneities which are evident at the macroscopic scale in lloys with Mg in 
solid solution. The PL phenomenon is a strain softening type instability and is 
characterised by the presence of a plateau of almost constant stress after the onset of
yielding (Baird 1963). The PLC effect is a strain rate softening type instability and 
manifests itself as serrations in the stress-strain curve during the work-hardening stage of
deformation (Thomas 1966). Both these effects are frequently observed on the
macroscopic stress-strain curve of aluminium alloys containing magnesium. The alloys
investigated in this work, which are from the Al-Mg-Si system, possesses therefore this
type of strain heterogeneities as shown in Figure 5.12 and Figure 5.13.
In a parallel work associated to this PhD-thesis, the PLC effect has been investigated by
use of the DSCA-technique. The results from these investigations will be reported
elsewhere. Experimental results from earlier work (e.g. Søreng 1997) have shown that
the PLC-effect has a negative impact on the forming behaviour. This is most likely
related to the altered strain distribution as suggested by Søreng (1997). Locally, the
material has to activate additional slip systems when the moving deformation band
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Figure 6.21 – Calculated Schmid factor of all slip systems based on crystallographic
orientation of a typical grain investigated in this work. The assumed critical Schmid
factor is indicated with a horizontal line. (a) initial orientation (undeformed) and (b) 12%
deformation.
At 27% deformation only 1-2 slip systems were satisfying the above criteria, and the
grains with a high probability for activating two slip systems were the grains having
multiple slip traces, hence not co-planar slip systems. By combining information from 
slip traces, crystallographic orientation and local strain measurements, this type of
relation was found for all directions investigated.
6.3.5 Strain heterogeneities
Strain heterogeneities are almost inevitable during plastic deformation. It is generally
accepted that formability of semi-products is closely related to the microstructure
inherited from the upstream processing. Textural components, grain-size and
morphology as well as the second phase particles are typically inhomogeneously
distributed in the microstructure. For that reason, the strain is never completely
homogeneous throughout the structure and the materials tend to develop some sort of
strain localisation. The different types of strain heterogeneities/localisations can be
divided into different categories based on their origin and length scale.
It is beyond doubt that the local strain distribution by itself is a very complex matter. If a 
material develops visible strain heterogeneities or not during deformation is strongly
dependent upon the length scale in which the strains are evaluated. Materials which seem
to possess a very homogeneous strain distribution on a given length-scale can easily
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the growth of the computing capasity of the average workstation. The work by Delaire et
al. (2000) use the CPFEM in combination with deformation field and crystallographic
orientation measurements in order to better understand the history of slip in each grain
and help establish which slip systems are activated at a local level. The comparisons
between orientations, measurements and simulations have shown good overall
agreement to observed strain and local orientations quantities. The kinetics of plastic
deformation was also accurately described, with no discrepancy between methods for the
determination of locally active slip systems.
This type of complex calculations has been outside the scope of this work. However, a 
very simplified method for determining the number of slip systems activated gives
similar results, hence supporting the findings reported by Delaire et al. (2000). In the
present work all potential slip systems with a Schmid factor satisfying the condition:
 (33)0.75 max critm m mt  
seem to activate. Here, the Schmid factor of the slip system most likely to be active is 
mmax and mcrit is the appurtenant critical Schmid factor. Most of the grains in the present
material having a strong crystallographic texture (deformed 45° to ED), had an initial
orientation where 3-4 slip systems could satisfy the above criteria. However, up to as
much as a strain of 12%, the number of slip systems satisfying this criterion was only 
two (as shown in Figure 6.21). These two slip systems were frequently co-planar but in 
some cases the slip systems belonged to different slip planes.
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behaviour is just an average over all heterogeneities included in the sample. So, although
simulations may agree well with the specimen behaviour as a whole, the mathematical
models are not able to describe the material behaviour locally (Kalidindi et al. 2003,
Henning and Vehoff 2005). Section 6.3.5 discusses the effect and nature of these local
strain heterogeneities in more detail.
Based on this, the calculated number of activated slip systems by static plasticity models
at the best, is an average of the actual number of slip systems activated. For most
applications, this type of models gives a sufficient description. Taylor type models are
therefore frequently used to predict texture evolution during deformation (se e.g.
Aukrust et al. 1997). However, this type of models is inadequate when used to predict
anisotropy in mechanical properties as shown in Chapter 6.2. Previously, Fjeldly (1999)
has evaluated the capabilities of several different plasticity models by predicting the 
angular dependence of mechanical properties (yield stress, flow stress and r-value) for
two different Al-Zn-Mg-alloys. The results are consistent with the findings in this work,
and clearly show that static plasticity models are not able to predict the observed
mechanical anisotropy behaviours sufficiently.
During the last couple of decades, several new and more flexible N-point approach
models like the LAMEL/ALAMEL models developed by Van Houtte and co-workers
(2005) and the GIA model developed by Crumbach and colleagues (Crumbach et al.
2001) have been introduced. These models take grain-to-grain interactions into account,
i.e. the number of slip systems activated is also dependent on the orientation of the
surrounding grains. In this approach, plastic deformation can be described more
accurately and prediction of mechanical anisotropy becomes more realistic. The 
overview made by Li and Van Houtte (2002a) clearly shows that the LAMEL method is
clearly superior to the above classical models. The experimental observations made in
this work support the findings made by Li and Van Houtte.
Further, Li and Van Houtte (2002a) also showed that LAMEL is more accurate than the
Crystal Plasticity Finite Element Method (CPFEM). However, also the finite element
technique is able to satisfactorily capture the overall mechanical anisotropy. Even though
the CPFEM is practically impossible to use for industrial forming simulations (enormous
calculation time), the interest for this type of modelling has been rapidly growing with
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another. From a crystal plasticity point of view, the variations among these models are
related to how they engage and determine the number of slip systems activated for the
individual grains. So called 1-point approach models like the Taylor model (Taylor
1938) are the simplest and roughest of the plasticity models. The Taylor model simply
state that each crystal of a polycrystalline aggregate (i.e. grain) deforms such that the
outer deformation state is fulfilled (see section 2.2.5 for more detailed information
concerning the model). These models engage a given number of slip systems in order to
accommodate the enforced macroscopic deformation and this number is independent of
crystallographic orientation. Further, these models also state that the same number of slip
systems remains active throughout the whole deformation process. The number of slip
systems activated is based on the constraint, and the Taylor full constraint (FC) assumes
activation of 5 different slip systems. Based on the grain shape and/or the stress
continuity consideration, some shear requirements may be relaxed, i.e. not prescribed.
This leads to the relaxed constraint (RC) Taylor models (Honneff and Mecking 1978).
The Taylor RC lath and pancake models relax one and two shear components
respectively, i.e. the number of activated slip systems become 4 and 3 respectively (Van
Houtte et al. 2005). The original Sachs model (1928) states, as opposed to the Taylor
model, that a polycrystal is an aggregate of independently deforming single crystals
which only activates one slip system for each individual grain (section 2.2.4). Hence, the
Sachs model is the other extremity when it comes to 1-point approach models.
Further, it is well established that the slip systems most easily activated are the ones
having the highest Schmid values. The results presented in section 5.6.2 show that the 
grain-to-grain Schmid value distribution varies significantly. Hence, some orientations
have a homogeneous Schmid value distribution while other orientations engage a limited
number of slip systems with Schmid values that diverge considerably compared to the
remaining slip systems. As already thoroughly discussed in the previous section, it 
seems reasonable to assume that the number of activated slip systems can vary quite
substantially for the various grains in a given microstructure. Therefore, it is important
that the applied plasticity model captures these local variations.
Established algorithms for simulating plastic deformation of metals are normally
calibrated and compared to tensile test curves. However, this global mechanical
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spread in Taylor factor than the value of the Taylor factor itself. It is also important to
remember that the calculation method selected will affect the Taylor value more then the
spread in the results.
Also there is some controversy regarding the results obtained from in-situ EBSD
measurements. As presented in section 2.7.5, the EBSD technique has some considerable
limitations since it only obtain information from the surface region of the specimen. It
can therefore easily be claimed that the technique is insufficient since the acquired
results are not representative for bulk deformation of the material. Hence, the results
only provide a description of the surface behaviour, i.e. this work is only a study of near
surface plasticity. 
As already mentioned, the “Metal Structures in Four Dimensions”-group at Risø
National Laboratory in Denmark is one of the groups which really has studied bulk
rotations of individual grains by use of 3D X-ray diffraction (3DXRD). The rotation
paths observed in several works performed at Risø is consistent with the rotation paths
observed in this works (see e.g. Margulies et al. 2001 and Poulsen 2003). This indicate
that the EBSD technique is actually able to capture the bulk behaviour during
deformation, and it should therefore be reasonable to assume that the obtained
observations can be used to determine the number of slip systems activated.
If a grain, for both conservatism and simplicity, is assumed to have a cubic shape and
one cube plane is parallel to the surface, 5/6 of the grain surface will be surrounded by
other grains. Hence, the enforced constraint should be comparable to the constraint
experienced by a bulk grain. Hence, also from this point of view, in-situ deformation in
combination with EBSD investigations should be able to capture the true grain rotations
during deformation.
6.3.4 Activation of slip systems – experimental
observations vs. texture-based calculations
Crystal plasticity models attempt to describe the plastic deformation by utilising
mathematical formulations. As already described in Chapter 2, both the mathematical
formulations and the boundary conditions utilised vary from one plasticity model to 
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section, it was argued that the reduced rotation observed in the material without texture
is caused by the increased number of activated slip systems compared to the textured
material. The surface-topography investigations clearly support this statement. The
material will develop a more vigorous surface-topography when a reduced number of 
slip systems are activated (Choi et al. 2004). Few activated slip systems means that the
limited number of slip systems has to carry all the enforced deformation. In other words,
the relative movement (displacement) between activated slip planes is large compared to 
a material with many slip systems activated. Deformation on few slip systems will
therefore clearly lead to a more vigorous surface-topography. This is also observed for
the material investigated in this work as shown by the SE-micrographs in Figure 5.43
and Figure 5.49. The increased surface-topography observed for the material without
crystallographic texture is also indicated by the IPF-maps presented in Figure 5.32 and
Figure 5.34. The topography blocks the electron beam from reaching the “valleys” at the
surface and the crystallographic orientation of that point can not be determined. As a
consequence, a non-indexed point will become black on the IPF-map. The amount of
non-indexed points is very large for the material without texture (Figure 5.34) compared
to the material with texture (Figure 5.32). As discussed in section 6.2.2, this argument
was also used to support the observed variations in slip activity through the material
thickness.
From the discussion above, it seems clear that the number of slip systems activated
varies substantially from grain-to-grain, and variations even within one individual grain
are often observed. It is also indicated that the number of slip systems activated is less 
than predicted by the classical and widely used Taylor model. This will be treated more
thoroughly in the next section (“Activation of slip systems – experimental observations
vs. texture-based calculations”).
However, another important observation regarding activation of slip systems should first
be treated. The Taylor factor gives an indication on how easy a material can be 
deformed. From a slip system point of view, it is reasonable to assume that a grain with a
low Taylor factor needs to activate fewer slip systems than a grain which is harder to
deform (high Taylor factor). In spite of this, the above observations can be summarised
by stating that the number of activated slip traces seems to be more dependent upon the
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value distribution, it becomes evident that the slip traces must have been produced by
slip on plane B. In other words, there is no slip activity on plane A during deformation to
the uniform strain. Further, this confirms that if any slip should have taken place on slip 
plane A, this must have been early in the deformation process. The reason for this
statement is that during deformation, the Schmid values of these systems are reduced to
the same values as the slip systems on plane C (see Figure 5.57) hence the probability
for slip on plane A and C are equivalent. As a consequence, it is reasonable to assume
that this grain only activates two slip systems (B4 and B5) and that these systems tend to
stay active until the material reaches the uniform strain. 
Also the grain labelled #2 in Figure 5.34 illustrate very well how the use of slip traces
together with the Schmid value evolution can be used to determine the number of slip
systems activated in a material with random texture. Figure 5.51 and Figure 5.59 from
section 5.6.2 present the slip trace evolution and the Schmid value distribution evolution
of this grain. The Schmid value distribution gives the most favourable oriented slip
systems, while slip traces combined with information about the crystallographic
orientation provide information about the slip planes actually activated (Figure 6.20).
Section 5.6.2 clearly shows that this grain only activate one slip system (A6) at low
strains. Moreover, while some regions activate other slip systems at higher strains, A6
seems to remain as the only activated slip system in the centre region (the region labelled
A in Figure 6.20). It has also been shown that at higher strains, this grain locally
develops additional slip traces. This locally activated slip planes correspond with the slip
systems of high to intermediate Schmid values, hence it is reasonable to assume that
these slip systems are activated in these regions. Based on this, the two neighbouring
regions with additional slip traces (the regions labelled A+C and A+B in Figure 6.20)
most likely activate two (A6 and C1) and three (A6, B5 and B2) slip systems
respectively. Again this confirms that the combinations of Schmid values and slip traces
can be used to determine the number of slip systems activated. It also shows that the slip 
activity is very heterogeneous even within one individual grain.
The surface topography is another important indicator for activation of slip systems. It
has been shown that the material condition with strong crystallographic texture tends to
rotate more than the material condition without any texture (section 5.5.3). I the previous
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In general, the number of slip systems activated can not be determined by the Schmid
value distribution alone. Ideally, a combination of Schmid values, slip traces, 
crystallographic rotations and if possible, local strain measurements should be utilised to
obtain a reliable description of the amount of slip on the individual slip systems.
However, in practise, the Schmid value distribution and the orientation of the observed
slip traces are sufficient for determining the number of slip systems activated.
As was shown in section 2.2.2, the Schmid value distribution is determined by the given
combination of crystallographic orientation and enforced deformation mode. Some
orientations have 1-2 slip systems with high to very high Schmid values, while for other
orientations almost all the slip systems have high Schmid values. Further, also
combinations of orientation and deformation mode where all the slip systems have
medium to low Schmid values exist. In other words, the Schmid value distribution
throughout the microstructure varies substantial from grain-to-grain. From this relatively
simple consideration, it is reasonable to assume that the number of activated slip systems
will vary substantially through the microstructure. The observed slip trace evolution can 
be used to support this assumption. Frequently, only one set of slip traces is observed, 
something, which indicates that only slip systems on the corresponding slip plane are
activated. In the case of congruent slip traces, slip systems from both slip planes can be
activated. To illustrate how the Schmid values and the slip traces of the individual grains 
can be utilised to determine the number of systems activated, two different grains are 
discussed in more detail.
The first grain that will be treated is the grain labelled #1 in Figure 5.31. This grain is
taken from a specimen deformed 45° direction and has a very unstable crystallographic
orientation, i.e. a 101||DD. As already mentioned in section 6.3.2, this orientation gives
rise to a special Schmid value distribution with four slip systems from two different slip
planes (plane A and B) having very high Schmid values (Figure 5.57). Figure 6.13
presents the slip traces from this grain at 27% deformation and Figure 6.14 presents both 
the theoretical and observed in-plane slip trace angles form the same grain. From these 
figures it is clear that the grain possesses only one set of slip traces even though it could
be argued that these traces originate from slip on both slip plane A and B. However,
when the potential planes for producing this slip traces are compared with the Schmid
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During plastic deformation of aluminium, the effect of grain boundaries have been
thoroughly discussed in the past (see e.g. Raabe et al. 2001). It is commonly agreed that
grains split up into subgrains etc., during deformation. Formation of subgrains may be
the most energy efficient way to satisfy the strain compatibility requirements. The
observed orientation gradients are in other words the first step in producing a
substructure.
Moreover, from the figures presenting the observed orientation gradients, it could be
argued that grains with orientation gradients in average activate more slip systems than
other grains. Based on the discussion above, this could explain way the experimental
results show that grains with orientation gradients tend to rotate less than 
homogeneously oriented grains.
6.3.3 Selection of slip systems
Several decades ago, it was discovered that slip is the most important deformation
mechanism for room temperature deformation of aluminium (see e.g. Verhoeven 1975
and Honeycombe 1984). Activation of a slip system means that slip takes place on that
particular system, i.e. accumulation of dislocation and dislocation movement.
Introduction and movement of dislocations lead to an increase of energy for the system.
Hence, the most favourable oriented slip systems are therefore the first to be activated 
during deformation. The early works on single crystals by Garstone et al. (1956), Diehl
(1956) and McKinnom (quoted in Clarebrough and Hardreaves 1959) all showed the
close relationship between activation of slip systems and initial crystallographic
orientation (Schmid value). The same authors have also treated the effect of
crystallographic orientation on the local work-hardening.
As stated above, the Schmid value is among other factors often used to evaluate the
potential for activation of the various slip systems. Further, the previous sections have
shown that also grain size, morphology etc., can affect the activation of slip systems.
However, the Schmid value, i.e. the crystallographic texture is by fare the most
important in order to determine the activated slip systems.
207
Discussion
Figure 6.20 – Orientation gradient through the grain labelled #2 in Figure 5.34. The
dotted lines indicate the different regions of comparable orientation. Also the slip planes
activated within these regions based on the slip traces observed are indicated in Figure 
5.51.
Figure 5.51 presents the slip trace evolution for the same grain as where the orientation 
gradient was investigated (orientation gradient parallel to DD). By comparing Figure 
6.20 and Figure 5.51, it becomes clear that the shape of the orientation gradient is
corresponding to the different slip trace-regions. Hence, it is reasonable to assume that 
there is a direct relation between slip traces, i.e. activation of slip systems, and the
observed orientation gradients.
Orientation gradients seem to develop due to compatibility requirements. It has been
shown that deformation within individual grains is primarily determined by the
crystallographic orientation. However, since the material in question is a polycrystal, the
deformation is also affected by the neighbours. The grain boundaries are therefore of
great importance when it comes to compatibility. This can also be investigated by
evaluating the slip traces intersecting the grain boundaries, since the ease of such
intersections is related to the compatibility (see section 6.3.1 for more details).
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different crystallographic direction parallel to ND a low Taylor factor compared to the
other grains. This could be used to explain the reduced amount of rotation. If the shown
results are representative for rotations taking place, one can assume that an increased
grain size leads to reduced crystallographic rotation upon deformation. The one reason
for such behaviour could be that large grains are not as affected by the surroundings as a
smaller grain would be.
Figure 6.19 – Detected rotation from the initial orientation at the uniform strain as a
function of grain size for four different grains (see Figure 5.34) with identical orientation
parallel to the DD prior to deformation. The initial orientation prior to deformation is 
included in the DD IPF. The grain labelled IV has a different crystallographic direction
parallel to ND compared to the other grains. Notice the linear relationship between
misorientation and grain size as indicated by the dotted line.
Plastic deformation may also lead to a completely different type of crystallographic
rotation. This type of rotations is observed within individual grains. Grains often
produce internal orientation gradients during deformation which in turn leads to the
smoothly curved slip traces discussed in the previous section. The orientation gradients
develop more or less continuously during deformation and become more distinct close to
the grain boundary (Figure 5.39). In some cases, the gradients develop in a more
discontinuous manner, i.e. the grains consist of several regions of slightly different
orientation. The measurements shown in Figure 5.40 are an example of such behaviour.
Even though the grain possesses an evident through grain orientation gradient, the grain
interior can be divided into three separate regions with close to constant orientation
(Figure 6.20).
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and Winther et al. 2004). Figure 6.18 presents the rotations taking place during 
deformation by use of Sachs (one active slip system) and Taylor FC (five active slip 
systems) type models. The results clearly show that the rotations predicted by the Sachs
model exceed the predicted amount of rotation taking place when more slip systems are 
activated. The differences observed by varying the number of activated systems are
comparable to the observed differences between a material without and with strong 
crystallographic texture. Hence, these observations support texture dependent rotations,
i.e. materials with strong texture will rotate more than materials without texture due to a
reduced number of slip systems activated. 
Figure 6.18 – Predictions of the rotations of the tensile direction by different plasticity
models are shown as black lines together with the experimental data. The small
stereographic triangle shows in which areas acceptable agreement between experimental
and predictions are found. (a) Sachs model and (b)Taylor FC model (after Winther et al.
2004).
Another important phenomenon with regard to crystallographic rotation is the effect of
grain size. It is almost impossible to isolate the grain size effect since at the same time
also other parameters will affect the rotation behaviour. An example of such a parameter
is the influence from the surroundings, i.e. crystallographic orientation of the nearest
neighbours. The present investigations of the grain size effect were performed on
material with random crystallographic texture in order to minimise the influence from
the surroundings. Figure 6.19 presents the measured rotations taking place during 
deformation to the uniform strain for a given orientation parallel to DD as a function of
the initial grain size. The grain labelled IV in this figure deviates from the linear
relationship between the amount of rotation and grain size. Grain IV has due to a
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Figure 6.17 – Example of grains with close to identical crystallographic orientation prior
to deformation rotating in different directions during deformation.
Also the amount of rotation is determined by the selection of activated slip systems.
Since the only input for Taylor model calculations is the initial texture, the predicted
amount of rotation is determined by the grains crystallographic orientation alone.
However, the results presented in section 5.5.3 show that the rotations taking place are to
a large extent dependent upon the orientation of the surroundings. Grains in a material
with strong crystallographic texture (Figure 5.36) tend to rotate more than grains in a
material without crystallographic texture (Figure 5.37). Again, this is most likely related
to activation of slip systems. The constraint enforced by the surroundings is dependent
on the compatibility between the deformation (activation of slip system) taking place in
the grain itself and the nearest neighbours. A strong crystallographic texture means that a
considerable fraction of the neighbouring grains have a comparable crystallographic
orientation. This means that the constraint enforced by the surroundings is expected to be
large for a material with strong crystallographic texture compared to a material without
texture. As a consequence, the constraint enforced by the surroundings should be
reduced for materials without texture. In other words, a material with random texture
needs to activate more slip systems than a material with strong texture.
Further, the mathematics from basic crystal plasticity shows that the amount of rotation
taking place will be reduced with an increased number of slip systems activated. The
correlation between number of slip systems activated and the rotation taking place is
very well illustrated in a number of works (see e.g. Margulies et al. 2001, Poulsen 2003
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distribution, and a third or the originally activated slip system will become the most
potential. These repeating alterations in Schmid values will only lead to a very small
fluctuation in crystallographic orientation and the orientation appears to be stable.
Also grains with a [101] parallel to the DD have this special Schmid value distribution
with four slip systems having identical Schmid values and the remaining having Schmid
values equal to zero (Figure 5.55). However, still this orientation behaves quite
differently. The rotation accompanying activation of one of these highly potential
systems leads to a Schmid value increase, i.e. the initially activated slip systems will
tend to remain active. In other words, the grain will continue to rotate in the same
direction as shown in Figure 5.57.
To summarise, it is clear that some grains are stable because the activation of slip
systems results in a small alteration of Schmid value distribution while other orientations
are unstable because activation of slip systems leads to Schmid value strengthening of
the same systems.
In general, the results presented in this investigation clearly confirm the statements
above, i.e. the majority of the grains rotate in accordance with the predictions made by
Taylor (see e.g. Figure 5.29 and Figure 5.35). However, it is also observed that grains
initially having close to identical crystallographic orientations rotate in opposite
directions. The three grains in Figure 6.17 illustrate such rotation behaviour for a sample
with random crystallographic texture deformed perpendicular to the ED. The
crystallographic rotations predicted by the Taylor model are a direct result of the
embedded rules for activation of slip systems. This means that deviation from the
predicted rotation behaviour indicates a deficiency in the prediction of slip activation.
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6.3.2 Crystallographic rotations during deformation
It is beyond doubt that most grains tend to rotate during deformation. As already
explained in section 2.2.3, crystallographic rotation is not a direct consequence of plastic
deformation but rather an affect of the constraint enforced by the surroundings. The most
important elements concerning the rotation path are therefore closely linked to the
activation of slip systems in the grain itself. However, the activation of slip systems in
the neighbouring grains, the grain size and shape can also affect the rotation paths.
Further, it has been shown (see e.g. Figure 5.35) that both the amount of rotation and the
rotation paths are strongly dependent upon the initial orientation. Crystallographic
rotation of both single- and poly-crystals has been studied in great detail in the past, and
it has been shown that the rotation paths are usually quite well described by the Taylor
(1938) model (see e.g. Bunge and Fuchs 1969, Han et al. 2003 and Winther et al. 2004).
The Taylor model states that grains rotate toward aligning either a [100] or [111] parallel
to the DD.
In order to comprehend the rotations taking place, it is important to realise why grains
having these directions parallel to the DD tend to be stable, while grains not having this
configuration often contend to align these axis to the DD. From the discussion above, it
is reasonable to assume that the stable behaviour of these orientations is related to the
Schmid value distribution. The experimental results have clearly shown that eight of the
twelve slip systems (two from each slip plane) have identical Schmid values when the 
grain has a [100] parallel to the DD (Figure 5.55). Moreover, when a grain has a [111]
parallel to the DD, six slip systems from three different slip planes have identical
Schmid values. In other words, the Schmid value distribution for both these orientations
is very special.
Further, it is known that when a slip system is activated in grains with one of these
orientations, the accompanying rotation give rise to an increase in Schmid value for the
slip systems on the other planes, while the Schmid value of the activated slip system
itself is reduced. As a consequence, the Schmid value distribution is slightly altered. The
slip system originally activated is no longer the most potential, and often another slip
system will be activated instead. This will in turn slightly alter the Schmid value
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Further, the slip traces of an individual grain can be affected by the deformation
mechanisms taking place at the nearest neighbours as illustrated in Figure 6.16. The
primary slip traces (violet) are produced do to deformation on the slip system/systems
with the highest Schmid value/values. Further, additional slip traces induced by the 
nearest neighbours can be categorised based on their appearance. Some slip traces can 
intersect the grain boundary and continuous through the entire grain in question (green).
This is most common for neighbouring grains having slip planes with close to identical
orientation (see e.g. the specimens of AA6063 deformed 45q related to ED). Further, in
some cases, the induced slip traces are not able to continue through the entire grain but 
are terminated close to the grain boundary (blue). This means that the slip systems on the
slip plane corresponding to the primary slip traces on the neighbouring grain have low 
Schmid values. Hence, the terminated slip traces observed are generated only in order to 
fulfil the compatibility requirements over the grain boundary. The red slip traces also 
intersect the grain boundary, but do hardly continue into the centre grain. However,
some of these slip traces are also observed close to the grain boundary between the
centre and top grain, and are most likely activated to fulfil the compatibility close to the
triple junction.
Figure 6.16 – Schematic illustration showing the effect of primary slip traces observed in
neighbouring grains. The violet traces illustrate the primary slip traces of the centre
grain. The green slip traces are the primary slip traces of the top grain, but similarly
oriented traces are continuing in the center grain (light green). The primary slip traces of 
the bottom right grain also intersect the grain boundary, but these slip traces are not able
to continue through the centre grain. The red slip traces observed in the top right grain 
also intersect the grain boundary, but do hardly continue into the centre grain.
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planes along a line crossing through grain number 2 after 27% deformation. Again, it is 
evident that the observed curvatures were related to crystallographic rotation and not to
activation of additional slip systems since Eobs is identical to one of the Etheo numbers
along this line.
However, also another type of non-linear slip traces is observed. This type is more
discontinuous and the appearance is somewhat wavier. It is also worth noticing that the
slip trace distance is often enhanced for this type of grains. The big grain labelled X in
Figure 5.48 is a perfect example with clearly non-linear slip traces. From the illustration 
of this grain (Figure 6.15), it is clear that slip traces can be divided into different regions
belonging to different crystallographic planes. The different segments are all
crystallographic dependent, but the overall slip-trace-shape is wavy. Irregular slip traces
like this is only observed for orientations with two almost parallel theoretical slip traces, 
i.e. slip systems from two different slip planes have close to identical Schmid values.
Hence, this type of slip traces is often observed for grains with close to a 100||DD. As
indicated, the reason why these grains behave in this remarkable way is most likely
related to the Schmid value distribution. Slip systems from both slip planes have close to
identical Schmid values and the activation of slip systems are determined by external 
constraints, as will be discussed in more details in the following section.
Figure 6.15 – Illustration of the irregular slip traces observed at the specimen surface of
the big grain labelled X in Figure 5.48. The primary slip traces consist of different
sections belonging to plane B and plane C respectively. Hence, the slip traces are not
linear but rather curved. None of the parallel sections within the slip traces belong to
plane A or plane D. The theoretical in-plane angle of slip plane A and D is indicated on 
the right hand side.
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observed curvatures originate from crystallographic rotations and not from activation of
additional slip systems since Eobs is identical to one of the Etheo numbers along this line.
Figure 6.13 – Observed slip traces in grain labelled #1 in Figure 5.28 at 27%
deformation. The observed slip traces are curved due to orientation gradients. The black
two-headed arrow indicates the location on the grain surface of the orientation profile 
presented in Figure 5.39 and Figure 6.14.
Figure 6.14 – Evolution of theoretical in plane slip traces angle (Etheo) for the four {111}-
planes based on orientation profile through the grain labelled #1 in Figure 5.31 at 27%
deformation. The observed angle (Eobs) along the orientation profile is also included.
As a result of these significant misorientation gradients, the slip traces would no longer 
be straight lines crossing through the grains but rather they would become curved, e.g.
see Fig. 11. The same figure also presents parameters Eobs and Etheo of the four {111}-
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“soft” yield point which was attributed to the initiation of slip in the different slip 
systems. This is also confirmed by the slip trace evolution (Figure 5.43) where it is clear
that some grains develop visible slip traces prior to other grains.
Further, it has been shown that grains deformed in the 45° direction (Figure 5.44)
generally develop only one set of slip traces (primary slip traces) below 12%, while the
number of visible slip traces varies significantly when deformed in the two other
directions, especially when deformed perpendicular to the ED (Figure 5.45). However,
grains from the 45° direction also develop additional set of slip traces (secondary slip 
traces) at higher strains (15%). The additional sets of slip traces are always seen close to
grain boundaries or triple junctions (see e.g. Figure 5.46). Local slip traces probably
develop because the already activated slip systems are not able to accommodate the 
deformation enforced by the surroundings (i.e. compatibility requirements). The
enforced constraint will most likely give a shear stress contribution, W+ . This means that
the local resolved shear stress experienced (Wloc), is increased by the amount  such
that it exceeds the critical resolved shear stress W
W+
CRSS for the additional activated slip 
system. This means that an additional slip system is activated when;
loc res CRSSW W W W  ' t  (32)
It has been shown that the slip trace direction is crystallographic dependent, i.e. Eobs is 
determined by the crystallographic orientation. However, detailed slip trace 
investigations showed that some grains possess non-linear slip traces. The divergence
from the linear appearance could in some cases be explained by crystallographic
through-grain orientation gradients. Non-linearity related to orientation gradients is in
general very smooth and do often enhance toward to the grain boundary as shown for a
grain deformed to the uniform strain (Figure 6.13). The smoothly curved slip traces and
the enhanced curvature for this grain which is deformed 45° related ED are consistent
with the orientation gradients observed after deformation to intermediate and high strains
(see Figure 5.39). This has been confirmed by calculating Etheo of the four {111}-planes
at different position along the orientation gradient and comparing these values to the Eobs
at the corresponding positions (Figure 6.14). Based on this information, it is reasonable
to claim that this type of observed curvatures is related to orientation gradients, i.e. the
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The same micrographs also show that the slip trace appearance and density varies
significantly from grain to grain within one deformation direction, especially for the
specimens deformed 0° and 90° related to ED. Earlier works, i.e. Delaire et al. (2000),
Zhang and Tong (2004) and Henning and Vehoff (2005) have reported more extensive
development of secondary slip traces during simple tension of polycrystalline materials
than observed in the present work. In other words, they observe that the grains deform
by multiple slip at very low strains (4%) and close to 50% of the grains investigated
developed additional slip traces. To be noticed, most of the grains from the present
material with a strong crystallographic texture have their primary slip systems aligned in 
a similar way, hence the compatibility requirements are probably reduced and there is
less need for activating additional slip systems.
The specimens deformed in the 45° direction possess a much more homogeneous slip
trace distribution compared to the other two directions and all the grains develop slip
traces very early in the deformation process, e.g. most of the grains have developed
visible slip traces already after 3% deformation. The DD IPF in Figure 5.28 (b) indicates
that the majority of the grains have a 101||DD when deformed 45° to ED. Most of the
grains have quite similar initial orientations, i.e. the slip systems possess a similar
resolved shear stresses (Wres) distribution and all the individual grains will therefore
behave similarly. This is also confirmed by the Taylor factor map presented in Figure
5.54. Most of the grains have a 100||DD (Figure 5.28 (a)) when deformed parallel to ED.
The different slip systems within the individual grains will also in this DD possess
similar Wres–values. As a consequence, all grains should therefore start to deform
(produce visible slip traces) simultaneously as already discussed in section 6.1.2. 
However, this is not the case observed, as shown in Figure 5.41. Some grains develop
visible slip traces already after 3% deformation while other grains do not produce visible
slip traces even at the uniform strain (12% deformation). This is most likely do to the
intrinsic nature of aluminium deformed parallel to a <100> direction, i.e. 8 of 12 slip 
systems have equal and very high Schmid values (Figure 5.55). It is reason to believe
that both constraint from the neighbouring grains and only small deviations from the
perfect Cube orientation will alter the slip distribution, hence altering the slip trace 
distribution. However, these considerations will be treated more thorough in the
following sections. Section 6.1.2 also showed that the specimens deformed 90° have a
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6.3 Deformation mechanisms and crystal plasticity
The work presented so fare has shown that extruded profiles often posses strong
mechanical anisotropy. It has also been shown that the through-thickness variations often
observed in these profiles may influence the profile shape due to variations in
anisotropy. Through-thickness variations will therefore often make it more difficult to 
predict and control final shapes after a given forming operation. It has previously been
shown (see e.g. Yau and Wagoner 1993, Han et al. 2004 and Winther 2004) that the
actual activation of slip systems is a determining factor for the observed mechanical
anisotropy during deformation. This section will therefore address a discussion
concerned with plasticity in textured materials carrying microstructural and textural
gradients. A close evaluation of the microstructure evolution upon plastic deformation
will be give, before the crystallographic rotations and activation of slip systems will be
discussed in detail.
6.3.1 The nature of slip traces
The experimental results presented in Chapter 5 show that the crystallographic texture
and microstructure evolution has been carefully monitored by performing EBSD
investigations and acquiring SE micrographs at different strains during deformation. SE
micrographs reveal that AA6063 tend to deform in a localised manner, i.e. produces
evident slip traces.
The theoretical in-plane slip trace angle (Etheo) of all crystallographic planes can be
calculated based on the crystallographic orientation of the grain (section 2.5.1). This
information in combination with the observed orientation of the visible slip traces (Eobs)
can then be used to identify the slip planes activated during deformation. The
calculations performed for all investigated grains showed that the difference between
Eobs and Etheo from one of the {111}-planes never exceeded 3°. This fact clearly confirms
that the plastic deformation of aluminium takes place on the closed-packed {111}-
planes.
Microstructure micrographs at different strain states (Figure 5.41-Figure 5.43) reveal that 
the slip trace evolution is strongly dependent upon the deformation direction selected. 
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6.2.7 Final comments on profile thickness strain 
distribution
Both simple tension experiments with reduced specimen thickness (Figure 5.14) and the
observed end of cross-section shape (Figure 5.20) indicate a very heterogeneous
through-thickness strain distribution for the investigated profiles. This is further
supported by the local strain distribution measurements of AA6063 presented in Chapter
5.7. The calculated strain distribution maps from measurements show that strain
localisation takes place in well-defined straight bands through the profile thickness. The
thickness and density seem to be dependent upon the deformation direction and Chapter
6.3 will treat this topic in more detail.
Even though the origin of the observed strain heterogeneities take place in areas with 
low Taylor factors, the localised deformation seems to grow into bands with a 45° angle
related to the deformation direction. These bands expand through the thickness of the
specimen and are most likely the precursors to macroscopic shear localisation (see
Figure 5.73 and Figure 5.74). When the through-thickness strain distribution is
compared with the Taylor factor maps of the same area (Figure 5.72), it is evident that
there is no correlation between the localised bands and the Taylor factor of the individual
grains. In other words, Taylor factor heterogeneities may act as nucleation points for the
macroscopic strain heterogeneities. This assumption is strongly supported by Duan et al. 
(2005), who were able to predict the formation of shear localisation during simple
tension deformation simulations of an Al-Mg alloy by taking advantage of the
heterogeneities in mechanical properties, i.e. variation in Taylor factors. The variations
are clearly directional dependent, i.e. they are most likely linked to the crystallographic
texture.
To summarise, the observed strain distribution is consistent with both observations of 
variations in plastic strain ratios (r-values), end of cross-section shape and the results
from texture-based calculations. Also the measured through-thickness strain distribution
supports the above findings. Such effects can therefore complicate the understanding of
extruded aluminium profiles with regard to forming behaviour (see Chapter 6.4).
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Figure 6.12 – Schematic illustration presenting the effect of r-ratio variations through the
thickness of a simple tension specimen. A specimen with low r-values at the surface and 
a large value in the centre will develop a concave shape. The opposite r-value
distribution will result in a convex through-specimen-thickness-curvature.
Comparisons of the calculated r-values from the centre and surface positions with the
through-specimen-thickness-curvatures, confirms that the variations in plastic strain ratio 
can be used as an explanation of the observed curvatures (Table 6.1). The results even
show that the radius of curvature (Figure 5.21) is consistent with the differences in r-
values observed between the centre and the surface layer. However, the behaviour of the
specimens deformed in the 45° direction (AA6082) is different from the other
orientations. The r-value variations in this deformation direction should develop a
concave shape, however a weak convex shape is observed. This latter behaviour can not
be explained based on the results obtained in this work.
Table 6.1 – Texture-based calculations of the plastic strain ratio using the Taylor RC
method, and the corresponding observed tensile cross-sectional shape.
Calculated r-valueAlloy Direction
Centre Surface
Observed
shape
0° 1.5 0.4 Concave
45° 0.1 3.1 Convex
AA6063
90° 3.1 0.8 Concave
0° 0.3 0.4 Straight
45° 2.3 1.9 Convex
AA6082
90° 1.5 1.3 Straight
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This means that models activating only a limited number of slip systems are more
accurate than the conventional Taylor FC model. The same explanation could be used
for the coinciding results obtained in this work since also the deformation of AA6063
and AA6082 tend to localise.
The through-thickness variations in plastic strain ratio can therefore be used to explain
the through-specimen-thickness-curvatures observed after simple tension deformation in
different directions (see Figure 5.20 and Appendix D). Since,
w
t
r
H
H
  (28)
this means that a material obtains a large r-value if wH is relatively large (or tH is
relatively low). Implicitically, the material obtains a low r-value if wH is relatively low
(or tH is relatively large). The transversal strain is directly linked to the initial and final
width of the specimen:
0
lnw
w
w
H   (29)
I.e. the through-thickness final width of the specimen can be used as a direct measure of
the local plastic strain ratio through the thickness. A large r-value will result in a
significant reduction of the width, while the initial and final width of a specimen with a 
low r-value is almost equal. Hence,
0Large Large wr w wH    (30)
0Low Low wr w wH  |  (31)
By using the measured transversal strain as input to the plastic strain ratio determintion,
it seems clear that a material with the largest plastic strain ratio in the centre will develop
a concave cross-sectional shape. The same argumentation indicates that a material with 
the largest r-values at the profile surface will develop a convex shape during
deformation (Figure 6.12).
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Figure 6.11 – Texture-based calculations of r-values at three different positions through
the profile thickness as fuction of the tensile direction. (a) AA6063 and (b) AA6082.
Furthermore, the r-values calculated with the Taylor RC model corresponds remarkable
well to the experimental values (Table 5.3). It is also clear that the FC method provide a
qualitatively reasonable description of the plastic strain ratio. However, the FC method
strongly exaggerated the r-values for both alloys. Fjeldly (1999) has performed the same
type of calculations for one recrystallized (AA7030) and one fibrous (AA7108) profile
by use of several different plasticity models. This author found that the qualitative results
of all the models were satisfying, but only the less constricted models like the Sachs 
(AA7030) and the Taylor RC (AA7108) were able to provide quantitative reliable
results. This behaviour can be explained by the localised deformation often observed for
this type of alloys (Søreng 1997).
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The through-thickness variations in plastic strain ratio have been investigated in more
detail by comparing texture-based calculations of r-values from three different positions
through the thickness (Figure 6.11). Here, S=0.00 corresponds to the centre position of
both alloys, S=0.80 corresponds to the middle layer of AA6063 and the outer part of the
centre layer of AA6082, while S=0.99 corresponds to the outer surface layer. The centre
and middle parts of AA6063 have a concave r-value shape (r-value as a function of
deformation angle), i.e. these positions possess the highest r-values when deformed
parallel or perpendicular to the ED and lowest when deformed 45° related to ED. 
In fact, this is the typical r-value shape of materials having a recrystallized texture (Cube
texture) like AA6063 (see e.g. Fjeldly 1999). However, the surface layer possesses the
opposite behaviour, i.e. the 45° direction possesses the highest plastic strain ratio. From
the graphs in Figure 6.11, it is evident that the two alloys behave fundamentally different
with regard to the straining direction, i.e. the overall r-value shape of AA6082 is convex.
Also for this alloy, the surface layer possesses more extreme r-values than the centre part
of the profile. The calculated variations between the centre and surface layers observed
for AA6063 and AA6082 are typical for extruded profiles with a recrystallized and 
fibrous microstructure respectively. Søreng (1997) observed from experiments the same
behaviour when studying the local plastic strain ratios of extruded AA7030
(recrystallized) and AA7108 (fibrous) profiles.
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direction while the 0° and 90° directions have lower and quite similar r-values. The
angular dependency of the plastic strain ratios will certainly give rise to the macroscopic
anisotropy as seen in Chapter 5.2. However, more importantly, the plastic strain ratio
changes dramatically through the thickness. Figure 6.10 also shows the evolution of the
calculated r-values from the centre (S=0.00) towards the surface (S=0.99). The
variations in the actual plastic strain ratio can also affect the deformation behaviour
locally. This means that the differences in mechanical properties observed in the 
different layers of the profiles (Figure 5.14) can partly be explained by variations in
three dimensional plastic flow.
Figure 6.10 – Texture-based calculations of r-values at different positions through the
profile thickness, applying both the FC and RC models. (a) AA6063 and (b) AA6082.
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6.2.6 Plastic strain ratios
As part of the thickness gradient study, the local r-values have been determined from
simple tension investigations using thin specimens sampled from different positions
through the thickness (Table 5.3). However, the accuracy of these measurements is very
limited due to inaccuracy of the transversal strain measurements. This is mostly related 
to the reduced specimen thickness (0.3 mm) since the mounting of the transversal
extensometer is very unstable. Some of these problems could have been overcome by
utilizing the local strain measurement procedure known as the DSCA technique (Vacher
et al. 1999) (Section 2.6.1 provides a description of this technique.). However, such
measurements have not been performed in this work. It is therefore recommended that
these measurements should be used only as an indication of the plastic strain ratio at the
different positions investigated.
As mentioned above, the plastic strain ratio of different positions through the thickness
has also been calculated based on the crystallographic texture (Figure 5.7 and Figure
5.10). Both the Taylor FC and RC methods have been utilised for these calculations 
(Figure 6.10). This figure clearly shows that the plastic strain ratio of AA6063 is almost
unaffected by the calculation method utilised (especial in the centre region), while the r-
values of AA6082 are very method dependent. This is most likely related to the
orientation of the different slip systems with regard to the investigated deformation
directions. It has been shown that the centre region of AA6063 is dominated by the
symmetrical Cube orientation where the Burgers vectors of several of the most
favourable oriented slip systems are parallel. The plastic strain ratio is therefore not so 
dependent upon the number of slip systems activated, since the net Burgers vector is
almost unaffected. AA6082 on the other hand has a more unsymmetrical slip system
distribution and will therefore be more dependent upon the number of slip systems
activated. Consequently, the plastic strain ratio is strongly affected by the Taylor model
utilised.
It seems clear from these calculations that the plastic strain ratio is strongly angular
dependent. A macroscopic (full thickness) consideration shows that AA6063 has large r-
values in the 0° and 90° directions and r-values close to zero when deformed 45° related
to ED. AA6082 on the other hand, has a large r-value when deformed in the 45°
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6.2.5 Internal stresses
The issue of internal stresses and corresponding strains during deformation is another
important feature which has not been treated in the above discussion. Internal stresses
are known to develop at the grain boundaries due to compatibility requirements (Li and
Bretheau 1989). Further, it is known that micro-textural variations will increase the
amount of internal stresses, since heterogeneities will worsen the compatibility
conditions at the grain boundaries. This means that strong texture gradients could lead to 
large internal stresses in extruded profiles like the present AA6063 alloy. Internal
stresses can assist to accommodate for the interaction between the different layers
through the profile thickness. However, it is very difficult to quantify such stresses on a 
local scale, but it is to some extent possible to obtain qualitative information by
investigating the specimen behaviour during unloading.
Measurements of the internal stress evolution have not been performed in the present
case. However, it is observed that thin specimens taken from the surface layer of both
alloys, exhibit a curved shape after unloading (Figure 6.9). This curvature can of course
be attributed to development of internal stresses, but it can also be linked to variations in
the plastic strain ratio (due to crystallographic texture and the associated slip 
distribution) as will be discussed later. 
Based on the discussions above, it seems evident that the effect of through-thickness
variations on the mechanical properties is a very complicated topic. It is subjected to 
several counteracting phenomena which separately need to be understood in great detail
in order to obtain a full understanding of the overall effect. However, it is clear that the
texture gradient is a key element for such an understanding, but the interpretation of the
texture effects and how they affect the crystal plasticity is not fully known.
Figure 6.9 - Cross-section shape with evident curvature in the width direction of a 
specimen from the surface layer of AA6063 deformed to the uniform strain and
unloaded.
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Figure 6.8 – Comparison of the stress-strain behaviour of a specimen with strong Cube
texture and a specimen with random texture (after Furu and Pedersen 2006).
From the experimental results obtained by Furu and Pedersen (2006), it is reasonable to
assume that the mechanical properties in the centre and surface layer of the AA6063 
profile should be comparable when deformed parallel to ED. However, this assumption
requires that the slip distribution (the number of activated slip systems) and the
microstructure is independent of the through-thickness position. This is not the case 
(Figure 5.6), and some variations should therefore be expected. Based on the enlarged
grain sizes and the reduced constraint from the surroundings close to the profile surface,
it could be expected that the yield stress in the surface layer is somewhat reduced. This
speculation is supported by the experimental results shown in Figure 5.14. However, the
observed lower stress level can hardly be attributed to the real microstructure alone, but
is most likely exaggerated do to the above discussed specimen thickness effect.
6.2.4 Final comments on the Voce-type modelling 
On the other hand, the calculations performed by Fjeldbo et al. (2005) are in fact based
on the assumption (homogeneous slip distribution and microstructure), thus these
calculations should therefore be expected to provide only minor differences between the
different layers. Consequently, the predicted results (Figure 6.5) are in strong contrast to
the results found by Furu and Pedersen (2006) and the present results. This fact directs
towards questioning the validity of the plasticity model used for these calculations, since
neither the yield point nor the work-hardening rate is described satisfactorily.
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Figure 6.7 – Comparison of stress-strain behaviour from different positions through the
thickness and bulk properties of AA6063.
Furthermore, simple tension specimens of AA6063 with both strong Cube (extruded
profiles) and random texture (same material, but subsequently cross-rolled and annealed)
have been investigated by Furu and Pedersen (2006) in the W, 10min condition (Figure
6.8). In this case, microstructural investigations revealed just minor differences in the
microstructure (the cross-rolled material possesses somewhat smaller grain sizes). The
idea was here to explore whether a random texture behaved differently from the strongly
textured profile dominated by the Cube texture. Hence, the differences in stress-strain
behaviour should be related to the crystallographic texture. The results showed that the
textured specimen possesses a somewhat larger work-hardening rate (at low strains) and
lower uniform strain than the specimen with random texture. However, it is clear that the
deformation behaviour of the two specimens is comparable in spite of evident
differences in texture (Figure 6.8).
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Figure 6.6 – The surface roughness of AA6063 after deformation to the uniform strain.
(a) Thin specimen (0.3 mm thick) taken from the surface layer showing vigorous ‘orange
peel’. (b) Full thickness specimen without any pronounced surface roughness. Please 
remember that the texture and grain size for both specimens is equal (~55μm) since both
are taken from the same position.
Also, it can be suggested that the initial yield strength of the thin specimens can be
altered due to the reduced number of grains across the thickness. In some special cases,
the specimen cross-section only consists of ~100 grains. Based on this fact, it can be
expected that some coarse grained regions of the cross-section is more favourable
oriented for slip (do not really represent the layer properties), and can therefore start to
deform plastically prior to the “actual” yield stress, i.e. the measured yield strength is
reduced. This is most likely not the case for the thin surface specimens investigated in
this work, since the initial surface yield strength is equal to the full thickness yield 
strength, i.e. see Figure 6.7. Not surprisingly this figure illustrate that the full thickness
data is roughly an average of the sub-layer properties for this test direction. On the other
hand, both the experimental (Figure 6.7) and the calculated (Figure 6.5) differences
between the surface layer (random texture) and the centre layer (strong Cube texture) 
can be questioned when compared to the stress-strain behaviour of full thickness
specimens.
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6.2.3 Experimental effects
It is important to remember that also the experimental results hold some significant
limitations. The thickness of the used specimens (0.3 mm) in combination with the
actual grain sizes in the normal direction (Table 5.2), especially close to the specimen
surface (60-200 μm), means that the specimens from the latter position consist of a very
limited number of grains. It is known that this can affect the deformation behaviour, i.e.
the mechanical properties. The low number of neighbouring grains relaxes the
constraint, making the specimen able to deform by a reduced number of activated slip
systems. In addition, the effects from the free surfaces become more important for these
specimens.
Furthermore, it is observed that the thin specimens taken from the profile surface
develop a vigorous ‘orange peel’ surface topography during deformation (Figure 6.6
(a)). However, no orange peel is observed on the full thickness specimen surface (Figure
6.6 (b)). It has been reported that orange peel normally develops due to deformation on
very limited number of slip systems (see e.g. Choi et al. 2004). This confirms that the
deformation behaviour of the surface specimens have been altered due to reduced
constraint conditions. It is therefore reasonable to assume that the surface stress-strain
curve should have shifted towards higher stress levels if a more “correct” number of slip
systems was activated during deformation. In such a case, the predictions (ref. Figure
6.5) and the experimental flow curves could approach each other.
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Further, it could be claimed that the observed differences between calculations and
experiments are basically linked to the errors in the yield stress calculations. Hence, the
shape of the stress-strain curves should be predicted satisfactorily by use of the Taylor 
factors as input to the Voce type model. However, none of the experimental curves can
be predicted correctly by the calculated M-factors. Altough, there is an adequate fit for 
the specimens taken from the centre region, and the texture of this region is equivalent to
the global texture (which has been used for calibration of the fitting parameters).
Therefore, it is only in this central layer that the calculated curves fit the experimental
observations. On can, of course, claim that the observed differences can be related to an
intrinsic error in the Voce type model, but it is more reasonable to assume that the
disparities are related to the utilised Taylor factors.
Another important shortage with these calculations is not to include the Taylor factor
evolution during deformation. One can expect that the M-factor in the centre region is
almost unaffected since specimens with this type of texture tend to be stable during
deformation in the strain-range typically associated with simple tension (see Figure
5.24). However, the surface region of the specimen (random texture) is not stable and is
therefore expected to rotate toward more stabile orientations (indicated by change of
colour in the IPF maps in Figure 5.34), thus altering the Taylor factors.
Moreover, also the plasticity model utilised will affect the calculated results (M-factor),
thus also the stress-strain curve. The alterations introduced by selecting another plasticity
model are normally negligible, and it is therefore not reasonable to assume that the
accuracy can have been improved by switching from the FC to the RC, or vica versa.
However, if one can assume that the constraint from the neighbouring grains alters
through the thickness, it can be expected that the number of activated slip systems can 
vary among the different layers. This means that the different layers is best described
with various plasticity models, e.g. the surface layers is described by a Sachs type model
(1-2 slip systems) while the centre region is best described by a Taylor FC type model (5
slip systems). Such variations will introduce predictions approaching the observed
behaviour of the material.
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Figure 6.5 – Calculated variations of stress-strain curves parallel to the ED at different
positions through the thickness of AA6063 (after Fjeldbo et al. 2005).
As expected, these texture-based calculations show that the mechanical properties of the
different layers vary significantly. The calculations for the 0° orientation show that both
the initial yield strength and the work-hardening rate is high for the surface layer 
(S=0.99) compared to the centre region (S=0.00 – S=0.70). However, these calculations
by Fjeldbo et al. (2005) are in contradiction to the experimental results obtained from
simple tension experiments performed in this work. Specimens taken from the different
positions through the profile thickness have been tested (Figure 5.14) and the behaviour
is completely opposite of the texture-based calculations. This means that in this direction
(0°) the highest yield strength and work-hardening rate were found in the centre region
(centre and middle positions) while the surface position (S=0.99) possessed both lower
strength and less work-hardening.
As shown in Chapter 5, the AA6063 profile possesses an evident through-thickness
microstructural gradient (Figure 5.6). It is expected that such variations will affect both
the yield stress and the overall work-hardening rate (shape of the stress-strain curve),
layer by layer. This is especially true close to the specimen surface, were the differences
in grain sizes are extremely large (Table 5.1). Microstructural heterogeneities can be
taken into account by varying the initial shear strain ( 0W ) through the profile thickness
(  0 SW ). Such variations are not included in the mentioned calculations, something
which certainly reduces the validity.
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6.2.2 Evaluation of the Voce-type model 
Furthermore, the observed through-thickness variations will affect the mechanical
properties of the different layers through the thickness. Also the Taylor factor
calculations indicate that the mechanical properties should vary significantly through the
profile thickness. Fjeldbo et al. (2005) have calculated the mechanical properties of the
different layers of AA6063 (0° direction), based on the orientation data acquired in this
work (M-factors). In the latter work, the critical resolved shear stress (W ) has been
expressed as a function of the resolved shear strain ( J ) by an extended Voce expression
(Voce 1948):
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From the last expression, it is clear that the initial yield stress is scaled against 0MW ,
where 0W is strongly dependent upon the microstructure. Further, also the curve shape is
a product of both the fitting parameters and the calculated Taylor factor. This means that
the calculated stress strain behaviour (Figure 6.5) will be independent of microstructural
variations between the individual layers, but is fully based on variations in
crystallographic texture. Consequently, the relative ranking between the different layers
through the thickness is fully determined by the differences in texture (M-factor).
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Figure 6.4 – Texture-based calculations of Taylor factors at different positions through
the profile thickness. (a) AA6063 and (b) AA6082.
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method. The only difference between the two calculation procedures is the relaxation of
two shear directions ( 13H and 23H ) for the RC-method (pancake shaped grains). Hence,
the number of activated slip systems is five and three slip systems for the FC and RC
method respectively. By comparing the results from these two methods one can evaluate
whether the Taylor factor gradient can be directly linked to the activation of slip systems
during deformation.
As mentioned above, the anisotropy differences in the M-factor between the FC and the
RC calculations are more pronounced for AA6082 than for AA6063. The Taylor factor
calculations of AA6082 made by the FC method are generally twice as high as the RC
calculations. This indicates that AA6082 is more dependent upon the number of slip
systems physically activated. Further, the calculations indicate that the resistance
towards deformation increases more for AA6082 than for AA6063 if the material needs
to activate five instead of three slip systems in order to deform. As expected, the FC
calculations will always give a higher Taylor factor than the RC calculation and this is 
simply related to the activation of slip systems. The RC method takes use of the three
slip systems most favourable oriented for slip, while the FC method has to add two
additional slip systems which are more unfavourable oriented. Thus, the FC method will 
therefore always give a higher M-factor. However, a more detailed discussion on the
number of slip systems activated during deformation and how this correlates to the
different calculation methods will be discussed further in Chapter 6.3.
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6.2 Observations and Taylor analyses regarding 
through-thickness variations 
The results presented in Chapter 5 clearly showed that the investigated profiles possess
evident through-thickness variations. There are different approches to obtain an
understaning of and the causes for these effects. The through-thickness variations can be
engaged either by Tyler-type calculations or experimental investigations. This chapter
will bu used to discuss through-thickness variations as well as limitations with both
methods of engaging this problem.
6.2.1 Taylor analyses
As already shown, the profiles investigated in this work possess strong texture and grain
morphology gradients (see section 5.1.3). It is therefore reasonable to assume that
Taylor-type calculations based on orientation data taken from the different position
through the thickness will give rise to variations in mechanical properties. Therefore,
initial crystallographic orientations have been used as input to Taylor method
calculations of materials properties through the Taylor factor (M-factor). Also, the
plastic strain ratio, or r-value, can be calculated based on the crystallographic orientation
data. Taylor method calculations are performed at all the positions through the profile
thickness (S=0.00 to S=0.99) with deformation tensors corresponding to simple tension
at 0°, 45° and 90° related to ED. The Taylor full constraint (FC) and the relaxed
constraint (RC) methods are used to predict properties for recrystallized (AA6063) and
fibrous (AA6082) microstructures respectively. However, the evaluations are based on 
both methods in order to fully evaluate the texture-based calculations (e.g. see Figure
6.4).
The calculations based on the RC method show that the M-factor of AA6063 increases
toward the surface when deformed in the 0° and 90° directions and decreases when
deformed in the 45° (Figure 6.4). It is worth noticing that the RC method calculations of
AA6082 give rise to the opposite behaviour as to AA6063, i.e. the Taylor factor
decreases toward the surface when deformed 0° and 90° related to ED and increases
when deformed in the 45° direction (see Figure 6.4). However, the Taylor factor
increases toward the surface in all deformation directions when calculated by the FC
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Further, Figure 6.3 presents the V H curves for AA6063 in material condition T1 at the
onset of plastic flow. These curves show that the specimens deformed parallel to the ED
and to some extent 45° to, ED have much sharper elastic to plastic transition than the 90°
specimens. This is most likely related to the activation of slip systems in the individual
grains. The spread in Schmid values for the 90° specimens means that the individual
grains will reach the critical resolved shear stress ( scW ) after various amounts of
deformation, hence the material has a “soft” yield point. All the grains in the 0° 
specimen on the other hand, have a close to identical Schmid value distribution and will 
therefore reach the critical resolved shear stress at approximately the same strain, hence
the 0° direction possesses a sharp elastic-plastic transition. To be mentioned, the 
crystallographic texture of AA6082 on the other hand, indicates that all the investigated
directions have the same spread in Schmid values. This results in a similar transition for
all directions.
Figure 6.3 – Stress vs. strain behaviour at the onset of plastic flow for AA6063 (left) and
AA6082 (right). Please note that this is segment of the whole true stress vs. strain curve.
The observed differences between the 0° and 90° specimens on one side and the 45°
specimens on the other side are therefore related to differences in the Taylor factor, i.e.
crystallographic texture variations. Hence, the anisotropy in yield strength and plastic
deformation properties of AA6063 can be related both to variations in crystallographic
texture and variations in crystallographic texture distribution (texture spread).
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and perpendicular to the ED respectively. As a consequence, the activation of slip 
systems will differ substantial during deformation in these two deformation directions,
and both work hardening and the stress vs. strain contribution from these grains will be
strongly directional dependent.
The same argumentation can be used for the CG orientation. However, the differences
are not expected to be as large as for the Goss orientation since the CG orientation is
more stable in the 90° direction. When studying the different texture components during
deformation, it is also conspicuous that the Cube orientation is extremely unstable during
deformation 45° related to ED. The Cube orientation has a [110] parallel to the DD when
deformed in this direction hence it is reasonable to expect a large reduction in the area
fraction of Cube oriented grains during deformation in the 45° direction. It is also worth
noticing that the texture evolution during tensile deformation is consistent with the grain
rotation path and amount of rotation results presented in Chapter 5.5. From the above
discussion, seems reasonable to believe that the observed texture evolution upon tensile
straining could be used to support a texture dependent mechanical anisotropy.
However, it could be claimed that the above discussion does not take the interaction
between the neighbouring grains into account. The accumulation and movement of
dislocations in the vicinity og the grain boundaries are normally dependent on the
orientation of the neighbouring grains and will therefore substantially affect the work 
hardening contribution of the different texture components. The slip-trace investigations
presented in section 5.6.1 show that there is an evident directional dependency on how
slip traces intersect the grain boundaries (see e.g. Figure 5.46 and Figure 5.47). The
micrographs indicate that the slip traces intersect the grain boundaries quite easy when 
deformed 45° to ED, while intersections seems to be more difficult when deformed
parallel or perpendicular to ED. However, the latter statement is difficult to proof.
Deformed specimens should therefore been investigated in a transmission electron 
microscope (TEM) in order to determine any slip activation differences between the 0°
and 90° directions. Anyway, if a statistical significant variation with regard to the
crystallographic orientations of the neighbouring grains exists, this is governed by the
texture. Hence, also this issue supports a texture determined mechanical anisotropy.
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performed on single crystals may also be valid for deformation of polycrystals. As
mentioned above, nearly all the grains have a [100] parallel to the DD when deformed
parallel to the ED, while other crystallographic directions are present when deformed
perpendicular to the ED. Hence, it is reasonable to assume that the specimens deformed
parallel to ED have more pronounced work hardening at low strains. This is consistent
with the observed stress vs. strain relationship in the solutionised and natural aged
condition for AA6063 as shown in Figure 5.12, i.e. the 0° specimens have a high work
hardening rate compared to the two other directions.
The area fraction evolution of the different texture components is also interesting with
regard to the observed anisotropy. The texture evolution presented in Figure 5.27 shows
that the stability of the different ideal texture components depends on the DD selected. It
is important to remember that both the Cube, CG and Goss orientations all have a [100]
parallel to the ED (ED rotated Cube orientations). Hence, since the crystallographic
orientation parallel to the DD is of main importance with regard to grain rotation during
deformation (see Chapter 5.5) these orientations will behave similarly when deformed
parallel to the ED. The highly symmetrical Cube orientation is stable both parallel and 
perpendicular to the ED during deformation to low and intermediate strains. The
intensity of the Cube orientation is however slightly reduced at high strains (>15%)
when deformed in the 90° direction. This means, at least at low and intermediate strains,
that the cube oriented grains are expected to give the same work hardening and stress vs.
strain relationship contribution when deformed 0° and 90° related to ED. However, for
this assumption to be valid, the orientation of the neighbouring grains should not affect
the slip behaviour of individual grains. This assumption is therefore not completely
valid, but it should at least give a good indication of the work hardening contribution
from Cube oriented grains.
The Goss grains on the other hand have a more unsymmetrical crystallographic
orientation with regard to the 0° and 90° deformation directions. Hence, the stability of
this orientation is more dependent of the selected DD. Figure 5.27 shows that the Goss
orientation is stable during deformation parallel to the ED while very unstable during
deformation perpendicular to the ED. Grains with a Goss orientation have as already
mentioned several times, a [100] and a [110] parallel to the DD when deformed parallel 
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In the past several investigations have been performed on materials having a strong Cube
texture and it was suggested that the mechanical anisotropy mainly is controlled by the 
crystallographic texture (e.g. Li and Bate 1991, Lopes et al. 2003 and Wu et al. 2004).
Common for all these investigations is the large 0°/90°symmetry of the texture. Hence,
these materials possess close to equal properties 0° and 90° to the ED. However, the
Cube component of the recrystallized AA6063 alloy investigated in this work, is 
somewhat rotated around the ED. Therefore possesses this material a much more
asymmetrical distributed but equally strong Cube texture. Hence, the ED rotated Cube
gives rise to differences between the 0° and 90° as shown by the inverse pole figure
(IPF) maps presented in Figure 5.28. Almost all the grains (Cube, CG and Goss oriented
grains) have a [100] direction parallel to the DD when deformed parallel to ED. When
deformed perpendicular to ED, the same grains have non-equal crystallographic
directions parallel to the DD. Grains with a CG or Goss orientation have a [012] or a
[110] parallel to the DD respectively. This may indicate that the Schmid values of the 
individual slip systems are strongly altered compared with deformation parallel to ED 
(Figure 5.55). The spread in crystallographic orientations parallel to the TD means that
the probability for slip differs significantly among the individual grains. This is 
supported by the Taylor factor histogram and maps, given in Figure 5.53 and Figure 5.54
respectively, showing large variations between neighbouring grains in all directions
compared to the 0° direction. It has been shown (section 5.6.1) that the orientation
spread observed in the 90° specimens leads to a heterogeneous activation of slip 
systems. Further, it is reasonable to assume that this will affect the macroscopic stress-
strain behaviour of the material and could therefore contribute to explain the observed 
anisotropic stress-strain curves.
Moreover, it has also been reported that the crystallographic orientation parallel to the 
DD is of great importance for the work hardening, especially at low strains 
(Honeycombe 1984). Diehl (1956) performed detailed investigations of the work
hardening rate at low strains for copper single crystals with a wide range of crystal 
orientations. He found that crystallites with a [110] parallel to the DD have a lower strain
hardening rate then crystallites oriented near the line attaching the [100] and the [111]
corners of the inverse pole figure. This behaviour has also been confirmed for aluminium
(see e.g. Lucke and Lange 1952, Noggle and Koehler 1957). These observations
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calculations reveals a shear stress level ~20-70% above the experimental values (W-
condition).
Further, if the anisotropy is assumed to be caused by crystallographic texture, these
calculations reveal that the material tend to deform with fewer activated slip systems 
than assumed in the classical Taylor full constraint (FC) method. This will be further
discussed in Chapter 6.3.
Figure 6.1 – Evolution in Taylor factor during straining of AA6063 0°, 45° and 90°
related to ED. Calculations are performed with both full constraint (blue) and the relaxed
constraint (red) Taylor model. Please, note that deformation is given in nominal strain.
Figure 6.2 – Calculated shear stress vs. shear strain curves for the investigated directions
of AA6063. The calculations are based on the Taylor factor evolution during
deformation (Figure 6.1). The Taylor factor calculations are performed with both the full
constraint (left) and the relaxed constraint (right) Taylor model.
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and 90° related to ED. However, Ryen based his Taylor factor calculation only on
texture measurements prior and after simple tension deformation. Further, he assumed a 
linear Taylor factor evolution during deformation:
   0M M aH H    (25)
where  0M is the Taylor factor prior to deformation and a is the slope of the linear
Taylor factor evolution. These results showed large variations between the different
deformation directions even at the onset of plastic flow, where no work hardening or
texture changes have occurred.
The investigations initiated by Ryen (2003) have been continued in the present work in 
order to fully understand the mechanical anisotropy observed in the two Al-Mg-Si
profiles. New Taylor factor calculations were performed using the same software
(MTM-FHM software system (Taylor model), see section 2.4.2 for more details). In
addition, in-situ deformation experiments in the SEM provided more detailed
descriptions of the texture evolution upon tensile deformation.
It has been shown (Figure 6.1) that the calculated Taylor factor evolution with increasing
strains actually follows close to a linear relationship. Hence, the above linear assumption
made by Ryen (2003) should provide a nearly satisfying description of the
crystallographic texture evolution. The corresponding W J curves based on the texture
measurements and Taylor factor calculations performed in this work are presented in
Figure 6.2. These curves diverge from the experimental non-artificial aged curves 
(Figure 5.12), since the stress level of directions 45° and 90° have exchanged their
relative positions at the highest strain-level. Another discrepancy is that the experimental
curves for the 45° and 90° cross each other for the W- and T4-conditions, but the
calculated curves in Figure 6.2 do not capture this evolution. However, the calculations
are correctly predicting that the 0°-orientation has the highest stress level. Moreover,
calculations made by the Taylor relaxed constraint (RC) method seems to provide more
coincident results than the full constraint (FC) method since the former indicates less
difference in stress levels comparing the different directions. In general, the Taylor based
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6.1.2 Texture vs. Mechanical observations (mainly
AA6063)
Simple tension investigations performed 0°, 45° and 90° related to ED confirms that
both AA6063 and AA6082 possess strong mechanical anisotropy in the solutionised
condition (see Figure 5.12 and Figure 5.13). AA6063 has an equiaxed microstructure
and a strong Cube texture somewhat rotated around the extrusion direction (ED) as
shown in Figure 5.4. As a first approximation, one can assume that a material carrying a
strong Cube texture has close to isotropic mechanical properties parallel and
perpendicular to the ED due to the highly symmetrical Cube orientation (see e.g. Li and
Bate 1991 and Lopes et al. 2003). However, the observations in Figure 5.12 indicate that
this is not the case for the recrystallized profile investigated in this work. This alloy
exhibits significant mechanical anisotropy, i.e. especially when observing the non-
artificial aged conditions.
In general, the shear stress (W ) vs. shear strain ( J ) curves for materials where the
anisotropy is governed by the crystallographic texture is directional independent. This
means that materials with texture controlled anisotropy have coincident W J curves in
all deformation directions. The shear stress and shear strain can in basic be calculated
based on the axial stresses and strains together with the corresponding Taylor factor (M).
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   and  MJ H H   (24)
where  M H is the Taylor factor at a given strain (H ). The Taylor factor is calculated
from the crystallographic texture applying crystal plasticity models. This means that it is 
necessary to acquire the texture evolution during deformation in order determine the
Taylor factor evolution. It has been shown in previous works that changes in initial
texture due to age-hardening of AA6063 are minimal (Li and Van Houtte 2002b, Ryen
2003, Bjerkaas et al. 2005). Taking these observations, the initial Taylor factor seems
not dependent on the actual material condition.
Ryen (2003) tried to explain the origin of the observed mechanical anisotropy of 
AA6063 and AA6082 by comparing the shear stress and shear strain relationship 0°, 45°
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Further, the activated slip systems in the present AA6063 with a strong crystallographic
texture will remain or even become more potential when they first have been activated.
Hence, the mechanical anisotropy will hardly be affected by the introduction of
shearable precipitates. However, when Al-Mg-Si-alloys are artificial aged to the peak
aged (T6) and over aged (T7) conditions, the microstructure will consist of a
combination of shearable and non-shearable precipitates. Very truly, the introduction of
non-shearable particles clearly distributes the deformation and the mechanical properties
become more isotropic as shown in Figure 5.15 and Figure 5.16.
Further, it has been pointed out in Chapter 2 that the introduction of particle free zones
(PFZ) after ageing to the T7 condition could alter the mechanical anisotropy observed in
age-hardenable aluminium alloys (Poole et al. 2005). The PFZ regions might carry a
large portion of the strain, which again could make the anisotropy more grain shape
dependent. This will not affect AA6063 (equiaxed grains) while the AA6082 could be
influenced by these effect due to a fibrous microstructure. If the figures presenting the
effect of ageing on the mechanical properties (Figure 5.15 and Figure 5.16) are studied
in great detail, it could be argued that AA6063 has more isotropic mechanical properties
than AA6082. However, the particle free zones (PFZ) in Al-Mg-Si-alloys are normally
very narrow and therefore this effect could most likely be neglected for the alloys
investigated in the present work.
Another associated observation regarding the age-hardening – aniotropy interaction is
the tensile sample end of cross-section shape (Figure 5.20). This figure shows a strong
cross-section curvature in the solutionised condition. This curvature is most likely
related to the through-thickness texture variations that will be discussed in the following
section. When the specimens are artificially aged, this texture effect is suppressed, and
the end of cross-section curvature disappears. Based on the discussion above, it is
reasonable to assume that the cross-section curvature disappears because the slip
distribution is to a larger extent determined by the introduced precipitates and the
influence from crystallographic texture becomes less important. This means, that the slip
distribution has become more homogeneous through the cross-section of the profiles.
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accordance to the present observations. Figure 5.11 also shows that the area fraction of
Brass increases a good deal toward the surface of the fibrous microstructure.
Previously, it has been shown that recrystallized grains with Goss orientation originate
from heavily deformed Brass-grains exposed to high temperatures (Bowen 1990). It has
also been shown by Hjelen (1990) that recrystallized grains with Goss orientation tend to
grow into areas with a high fraction of Brass oriented grains. These previously reported
results are therefore consistent with the large increase of Goss oriented grains in the
middle layer of AA6063.
It is suggested that the strong through-thickness gradients observed in the recrystallized
profile can be explained by the heterogeneous deformation in the extrusion die. A more
detailed discussion on how Taylor analysis can be used to explain thickness gradient
anisotropy will be given below (Chapter 6.2). Furthermore, nature of these gradients and 
the possible effect of these on formability of extruded profiles will be discussed in more
detail in Chapter 6.4.
Age-hardening effects
Natural- and artificial-ageing and ageing mechanisms, in it self, has not been
investigated in this work. The focus of this work has rather been to study the effect of
age-hardening on the mechanical anisotropy observed in the present two Al-Mg-Si-
alloys. The present findings support the theory suggesting that the deformation is 
heterogeneous and occurs in bands of dislocations on <111> planes in the case of
shearable precipitates, while for non-shearable precipitates, a relatively homogeneous
distribution of slip is observed (see section 2.7.4 for details). Section 5.2.3 shows that
both alloys posses an evident mechanical anisotropy in the solution-heat-treated
condition (W, 10 min). In this condition, the anisotropy is in large extent determined by
the crystallographic texture. The tensile test results have shown that naturally ageing to
the T4 3h, T4 24h and T1 conditions introduce a substantial quantity of shearable
precipitates (i.e. strength increases). These precipitates are normally homogeneously
distributed in the matrix hence the most potential slip systems prior to precipitation will 
probably still be among the most potential slip systems after the shearable dislocations
have been introduced.
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strain deformation, which also is the deformation mode in the centre part of the profile
(Vatne et al. 1996a). The surface region of a profile is subjected to heavy shear
deformation during extrusion, hence it could be expected that this area develop a strong
shear texture. However, in the surface region, the driving pressure for recrystallization
(PD) exceeds the retarding forces from precipitation of MnAl6 type dispersoids (Petzow
and Effenberg 1993). This results in a surface region with a recrystallized microstructure
with close to random texture with traces of typical shear components (Humphreys and
Hatherly 1996).
AA6063 on the other hand, has a fully recrystallized and equiaxed microstructure with a
belonging crystallographic texture. The global texture of this profile is strong, with the
most pronounced texture components having intensities close to 27 times random. This
is more than twice as high as the intensity observed for the most pronounced texture
components of AA6082. The Cube and the ED-rotated Cube (CG and Goss) orientations
are the main texture components of this recrystallized profile. Vatne et al. (1996b) have
shown that the origin of the Cube (C) orientation is the growth of highly mobile 40°
<111> interfaces between grains with retained Cube and S orientation. Further, it is
assumed that grains with a Goss orientation can grow out of transition bands within
grains having the Brass orientation (Hjelen et al. 1991). From these observations it
seems like the recrystallization texture is dependent on the deformation texture prior to
recrystallization (see e.g. Furu et al. 2004). The surface layer of this profile is also 
without any texture due to the same reasons as for AA6082.
It is noticable that AA6063 most likely possess microstructure and texture equal to
AA6082 prior to recrystallization (Furu et al. 2004). This means that the deformation
texture of AA6082 might be used to explain the observed texture in AA6063, as
suggested by Furu et al. (2004). The centre layer of AA6063 has a very strong Cube 
texture which diminishes somewhat toward the surface layer (Figure 5.8). This is most
likely related to the area fraction of the retained Cube and S orientation prior to
recrystallization (Figure 5.11). The area fraction of S orientation increases but the area
fraction of retained Cube decreases dramatically. The model presented by Vatne et al.
(1996a), suggest that the area fraction of Cube should decrease toward the surface, i.e. in
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6 Discussion 
The experimental results presented in the previous chapter deals with many of the
fundamental questions related to metallurgy and materials science of aluminium alloys. 
Hence, the discussion part of this thesis could easily have treated several important
topics in a shallow manner. Instead, a more comprehensive discussion of the main
objectives has been given, i.e. plasticity and mechanical anisotropy. The first part of this
discussion will look at the macroscopic anisotropy observed in the investigated extruded
profiles. Later in this chapter, the reasons for this observed macroscopic behaviour will 
be treated on a microscopic length scale, e.g. distribution of slip. This will be done by
looking into the deformation mechanisms operating in individual grains. As a result, this
chapter will result in an improved understanding of the plasticity taking place during 
forming of extruded Al-Mg-Si profiles.
6.1 Mechanical anisotropy
The mechanical anisotropy is in many respects one of the most important mechanical
properties of any material that will be plastically formed to its final shape. It is crucial to 
fully understand the causes for anisotropy, and how these can be governed. This chapter
will therefore be used to discuss the different causes for mechanical anisotropy and how
these can be explained from a metallurgical point of view.
6.1.1 Crystallographic texture
In order to discuss the observed mechanical anisotropy, it is necessary to reapet some of
the main findings related to microstructure and crystallographic texture. The two present
alloys have different microstructure and crystallographic texture characterisitics. The
non-recrystallized alloy (AA6082) has a fibrous microstructure with a typical
deformation texture having a maximum intensity of 13 times random. The texture is
dominated by the Brass (B) and S components, which are typical for plane strain
compression (Humphreys and Hatherly 1996). The microstructure in the centre part of
the profile also consist of relatively large amount of retained Cube, as shown by the large 
fraction of Cube bands at S=0.00 (Figure 5.9). This kind of band is often related to plane
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Figure 5.74 shows that also specimens deformed parallel to the ED develop localised
deformation bands (r45°) during straining. However, the bands are not as pronounced
for this direction as for the 45° direction. By studying the strain distribution evolution in
more detail, it is clear that the localisation takes place at an earlier stage for specimens
deformed parallel to ED than for specimens deformed 45° to ED (see e.g. Figure 5.73 (a)
and Figure 5.74 (a)). It should also be pointed out that the local peak strain at the 
uniform strain is comparable for both directions investigated (~65%).
Figure 5.74 – Measured strain distribution evolution (DSCA technique) over the
thickness for a specimen deformed parallel to the ED. Centre position at the top and 
surface position at the bottom. (a) 9% deformation and (b) uniform strain (12%).
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Figure 5.73 – Measured strain distribution evolution (DSCA technique) over the
thickness for a specimen deformed 45° related to the ED. Centre position at the top and 
surface position at the bottom. (a) 9%, (b) 13.5%, (c) 18% and (d) 22.5% deformation.
Strain distribution at higher strains was not possible due to a large distortion of the grid.
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calculated strain distributions show that the deformation is localised bands oriented
approximately r45° to the DD. Notice that the distance between these bands seems to be 
very repeatable.
Further, the specimen surface develops large strains in areas where two bands intersect.
In other words, it seems that the deformation carried by the individual bands is additive
and the deformation in the intersection area is roughly equal to the sum of the two
accumulated strains. Figure 5.73 also shows that these areas can reach up to 63%
deformation while the specimen in average has a strain of 22.5%. Hence, the strain
observed in strain intensive areas is almost three times as high as the average strain.
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Figure 5.72 – Taylor factor map calculated by the Taylor FC method based on initial
crystallographic orientations. Centre position (S=0.00) at the top and surface position
(S=1.00) at the bottom. (a) 0°, (b) 45° and (c) 90° direction.
This is clearly shown by the Taylor factor maps calculated based on the crystallographic
orientations prior to deformation (Figure 5.72). Both the 0° and 90° specimens have
relatively high Taylor factors (white) in the surface layer, while the Taylor factors in the
centre and middle layer of the profile are relatively low (red). The specimen deformed in 
the 45° direction has the lowest Taylor factors in the surface layer and high to very high
Taylor factors in the centre and middle layers. Therefore, the Taylor factor calculations
indicate that crystallographic slip is favoured in the centre and middle layer of the profile
when deformed parallel and perpendicular to the ED and in the surface layer when
deformed in the 45° direction.
In-situ investigations over the profile thickness have also revealed another type of local
strain distribution on the meso scale. Strain measurements performed by the DSCA
technique show that the strain is localised even prior to the uniform strain. This type of
strain localisation appears already after 9% deformation for the specimen deformed in
the 45° direction. Here, Figure 5.73 presents the evolution in the local strain distribution
during deformation. The software was not able to calculate the strain distribution at
uniform strain (27%) due to a large distortion of the grid elements. However, the 
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Figure 5.70 – Micrographs showing slip traces at the uniform strain (12%) for a
specimen deformed parallel to the ED. (a) centre position and (b) surface position.
Figure 5.71 – Micrographs of slip traces at the uniform strain (27%) for a specimen
deformed 45° related to the ED. (a) centre position and (b) surface position. 
Furthermore, the experimental results also show that there are substantial differences
between the 0° and 45° directions with regard to crystallographic directions parallel to
the DD. It has previously been shown that the material possesses a strong through-
thickness gradient (see section 5.1.3) that will affect the deformation properties. When
the grains in the centre layer are compared to the grains in the surface layer of specimens
deformed 0° and 90° to the ED, it is clear that the surface layer is unfavourably
orientated for slip and most of the deformation should therefore take place in the centre
region. This is not the case for the 45° specimen where the surface layer is equivalent or
even more favourable oriented for slip than the rest of the specimen. Hence, the amount
of deformation in the surface and the centre region should be close to equal in this
direction.
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(Figure 5.69 (b)). The 90° direction, on the other hand, deforms with no obvious
differences between the different regions and most grains have relatively dense traces of
slip. However, some surface grains have localised coarse slip, even with cracking
occurring along the traces (Figure 5.69 (c)).
Figure 5.69 – Micrographs over the thickness at the uniform strain. Centre position
(S=0.00) at the top and surface position (S=1.00) at the bottom. (a) 0°, (b) 45° and (c)
90° direction.
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Figure 5.68 – (a) Slip traces and local strain distribution on a grain scale. (b) Close-up of
an area with heavily distorted grids.
5.7.2 Meso scale
The meso scale heterogeneities of AA6063 have been studied by deforming in-situ in the
SEM (see Chapter 4.1 for the experimental details). The special specimen geometry
includes a possibility to perform through-thickness investigations of strain distribution
and also of the grain rotations taking place during deformation. Figure 5.69 presents the 
deformed surface microstructure at uniform strain for specimens tested in the three
different directions. They possess meso scale heterogeneities in addition to the micro
scale heterogeneities presented in the previous section.
The centre and middle layer (S=0.00 to S=0.85) of all specimens investigated deforms
relatively in-homogeneously, with a large fraction of the grains developing localised
coarse slip traces, e.g. see Figure 5.70 and Figure 5.71 for specimens deformed at 0° and
45° respectively. It is clear that the centre region is heavily deformed (pronounced
coarse slip) at the uniform strain level regardless of the deformation direction selected,
although the course slip distribution is not so pronounced in the 90° specimen.
There is also a small directional dependency with regard to deformation/strain
development in the surface layer (S=0.85 to S=1.00). A fine slip distribution is often
observed in the surface layer of the 0° specimens. These grains normally develop visible
slip traces first at high strains and some of them do not even develop visible slip traces at 
the uniform strain. The surface layer consists of grains with a very localised and coarse
slip distribution in the 45° direction. The extended region between the surface and the
centre layer on the other side shows a finer, i.e. more homogeneous slip distribution
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Figure 5.66 – Micrographs presenting the strong deformation gradients observed in a
shear band (left part) at the post-uniform strain region. (a) SE micrographs (positions for
strain measurements are indicated). (b) Reconstructed grid as used for strain
measurments. The size of an initial grid element is also included for comparison.
Figure 5.67 – Local strain distribution within the shear band along the two axes indicated
in Figure 5.66.
If the local strain distribution in a grain from a specimen with an overlaid grid is
investigated in even more detail, it becomes evident that strain and strain measurements
on this length scale became complicated. Figure 5.68 presents the observed slip traces in
a specimen marked with a gold grid. It is clear that the material deforms by slip on
selected slip planes and not as a continuum. Hence, the strain distribution on this length
scale can probably not be described by continuum mechanics. The material deforms
heavily at the activated slip planes and these planes are separated by more or less
undeformed regions (Figure 5.68).
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Figure 5.64 – Example of strain gradient at the edge of a shear band. The border between
the shear band and the surrounding material is indicated by the dotted line.
Figure 5.65 – Example of shear band development in the post-uniform strain region (a)
and close-up of the corresponding heterogeneous strain distribution (b).
Most of the grains are significantly deformed while other grains are weakly deformed.
This leads to extreme strain gradients as shown in Figure 5.66. It is not possible to
perform automatic strain measurements based on these micrographs due to the heavy 
distortion of the gold grid. The grid is therefore reproduced by image processing
software and the in-plane strains calculated manually. The results from these calculations
show that the strain increases with more than 500% in relative numbers over a distance 
less the 60μm (Figure 5.67). Hence, the strain gradients observed within the shear band
is of the same order as the strain gradients normally observed between the shear band
and the surrounding areas.
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strain distribution maps also confirm the observed heterogeneity within the individual
grains. The major strains can vary quite substantially from the centre of the grain toward 
the grain boundary, and differences up to 40% in relative numbers are often observed.
Figure 5.63 – Local major strain distribution of the same area as above, calculated by the 
DSCA technique from SE micrographs acquired during deformation. (a) 16% (b)
uniform strain (27%)
A different and even more pronounced type of local strain distribution becomes evident
at higher strains. The deformation localises when the material reaches post-uniform
strains and localised shear bands develop. As can be seen from Figure 5.64, further
deformation takes place within the band, and the border between the shear band and the 
surrounding material becomes very evident. It has been shown that all the investigated
directions of both alloys develop evident shear bands. However, the characteristics of the
shear bands are strongly direction-dependent. Further, the strain distribution within the 
shear band itself is also very heterogeneous (Figure 5.65).
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Figure 5.61 – IPF map of the same area (Figure 5.60) in the deformation direction based
on orientation data. (a) Initial orientation and (b) at uniform strain (27%).
Figure 5.62 – Taylor factor map of the same area as in the two previous figures
calculated from the Taylor FC method. The colour key represents the different Taylor
factors of the individual grains. (a) Initial orientation (b) uniform strain (27%)
To quantify the deformation heterogeneity, the local in-plane strain distribution was
calculated. In Figure 5.63, the major strain distribution after 16% and 27% (uniform
strain) axial elongation was calculated based on the SEM micrographs of the distorted
grids (Figure 5.60). The grain boundaries from the EBSD investigations are overlaid the
strain distribution map in order to separate the individual grains. These strain maps
clearly show that some grains are given large deformation while other grains hardly
deform at all. The heavily deformed grains deform up to 400% as much as grains with a
high Taylor factor. It is also worth noticing that the observed relative differences in
amount of deformation are close to constant throughout the tensile experiment. The
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5.7.1 Micro scale
The local strain distribution in a specimen deformed 45° related to the ED was
investigated in order to study the effect of the initial orientation. It is important to
remember that this DD possesses more homogeneous deformation properties than the
other directions investigated (see Chapter 5.6 Plasticity). Figure 5.60 presents SEM
micrographs of the grid prior to deformation and at the uniform strain (27%). A visual
inspection of the distorted grid shows that the deformation is very heterogeneous. The
micrographs also show that the strain distribution is heterogeneous even within the
individual grains.
Figure 5.60 – Micrograph of the specimen surface having overlaid a gold grid to 
visualise the heterogeneous deformation. (a) Prior to deformation and (b) at 27%
deformation (uniform strain).
The IPF map shows that the majority of the grains have close to a [101] parallel to the
DD (green grains) while some of the grains have close to a [111] parallel to the DD (blue
grains) prior to deformation (Figure 5.61). This will again lead to some heterogeneity in
the corresponding Taylor factor map as shown in Figure 5.62. The calculated Taylor
factors indicate that some grains will deform quite easily while other grains are harder to 
deform. The Taylor factor map is more or less consistent with the visual observations of
the distorted grids presented in Figure 5.60.
154
Experimental results – Part B 
values (Figure 5.59) and the slip systems most favourably oriented for slip are
distributed among several slip planes.
Figure 5.59 – Evolution in Schmid value distribution in a typical grain from a specimen
without crystallographic texture. The Schmid values after 6%, 12% and 18% (uniform 
strain) deformation are labelled red, green and blue respectively.
5.7 Local strain distribution 
As shown above, the individual grains have dissimilar slip activity due to variations in
crystallographic orientation and the material will therefore develop a local strain 
distribution during deformation. The slip distribution can even be very heterogeneous
within one individual grain, i.e. it develops strain gradients (see the previous section). In 
the following, the local strain distribution has been quantified on a grain scale in order to
understand how different texture components in a recrystallized aluminium alloy deform
plastically. The local strain distribution has also been investigated at the meso scale
(here; through the profile thickness).
The local strain distribution of the individual grains is obtained by the digital speckle
correlation analysis (DSCA) technique based on micrographs acquired in the SEM. The
technique is described in more detail in Chapter 2.6. With this technique, it is necessary
to produce a structured surface, i.e. it should be textured so that the matching procedure
yields a dense distribution array of homologue points. For the specimens investigated, in
this work, this was obtained by producing a gold grid on top of the electrochemically
polished surface.
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Figure 5.58 – Observed slip traces in Grain 4 after 12% deformation. The orientations of 
the theoretical slip traces from the four {111}-planes are as indicated. 
As shown in the previous section, the slip trace evolution is much more heterogeneous in
the material after the crystallographic texture has been removed. The results indicate that
this is also the case for the slip activity. The slip trace evolution (Figure 5.51) and the
corresponding Schmid value distribution evolution (Figure 5.59) of a grain from a
material with random texture deformed in the 90° direction has the following
characteristics. The observed slip traces labelled 1 to 3 in Figure 5.51 correspond to the
theoretical slip traces of plane A, B and C respectively. Slip system A6 has the highest
Schmid value, while A2 and A3 have low to intermediate Schmid values after 6% 
elongation (see Figure 5.59). Further, slip systems B2, B5 and C1 also have high Schmid
values at this strain level. However, from the micrographs presented in Figure 5.51, it is
evident that the observed slip traces originate from slip activity on slip plane A. Slip
traces from plane B become visible locally after 12% deformation. This means that at
least one additional slip system on plane B have been activated in this region. Further,
when the specimen is deformed to 18%, a second set of additional slip traces develop in 
another region of the grain. This set of slip traces coincide with the theoretical slip traces
of plane C.
These results show that the slip activity is very heterogeneous even within one individual
grain. The identified crystallographic orientations possess a substantial spread in Schmid
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Moreover, both grain 1 and 4 have a crystallographic orientation close to the perfect
Cube orientation (see Figure 5.56 and Figure 5.57). The similarity in crystallographic
orientation makes these grains suitable for demonstrating the effect of the DD to the
activation of slip systems during deformation. Grain 1 is deformed 90° to ED while grain
4 is deformed 45° to ED. As mentioned above, grain 1 is stable while the orientation of
grain 4 is unstable. Grain 1 has a total of eight slip systems with Schmid values close to 
0.41 distributed on the four available {111}-planes. Since the Schmid value distribution
hardly changes, eight slip systems will be available until the material reaches the
uniform strain. On the other hand, Grain 4 has only four slip systems with Schmid values
close to 0.41 available at initial plastic flow. Further, crystallographic rotation results in
only two slip systems having this Schmid value at uniform strain. In other words, the
number of available slip systems with Schmid values comparable to the maximum
values observed in grain 1 is strongly reduced. In addition to the slip systems
maintaining their high Schmid values, grain 4 also has four slip systems with
approximately 0.5 times the initial maximum Schmid value.
Calculations of the theoretical slip traces are a favourable supplement to the observed
ones. In Figure 5.58 the theoretical slip traces of the four {111}-planes are overlaid the
observed slip traces after 12% deformation. It is evident that the theoretical slip traces of
plane B and in some cases plane A, fully coincide with the observed slip traces.
However, even at the uniform strain there are no observed slip traces parallel to the
theoretical slip traces of plane C and D.
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The initial crystallographic orientation (red columns) of grain 4 results in four slip
systems having high Schmid values (0.39-0.43), while the remaining slip systems have
very low Schmid values (<0.04). The high value slip systems are concentrated to slip
systems operating on slip plane A and B (Schmid and Boas notation). The activation of
slip systems during deformation and the corresponding grain rotation result in a severe
reduction in the Schmid value for the two slip systems on plane A. The reduction in 
Schmid value after 27% axial elongation (blue columns) of slip system A3 and A6 is
0.24 and 0.15 respectively, while the Schmid values of B4 and B5 are close to constant.
However, the experimental results clearly show that the Schmid value of all slip systems
on plane C increases as a consequence of this crystallographic rotation. Further, it is 
clear that the increase in Schmid values on slip system C1 (0.26) and C5 (0.18) are equal
to the simultaneous reduction on slip system A3 and A6. From a Schmid value analysis
point of view, these Schmid value alterations make slip system C1 and C5 equivalent to
slip system A3 and A6 respectively. The crystallographic rotations have resulted in two
slip systems maintaining their high Schmid values at the uniform strain, four slip
systems have developed intermediate Schmid values (0.17-0.28) while the remaining slip 
systems maintain values close to zero. 
Figure 5.57 – Evolution in Schmid value distribution for a Cube orientated grain
deformed 45° related to the ED. The Schmid values after 0% (initial orientation), 12%
and 27% (uniform strain) deformation are labelled red, green and blue respectively. The
corresponding rotation path are shown to the left. Figure 5.58 presents the slip trace 
distribution of this grain.
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Figure 5.56 – Evolution in Schmid value distribution for grains with various initial
orientations deformed 90° related to the ED. The Schmid values after 0% (initial
orientation), 12% and 21% (uniform strain) deformation are labelled red, green and blue
respectively. The corresponding rotation paths are shown to the left. 
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The calculated Schmid values presented above clearly show that crystallographic
rotation results in alteration of the Schmid value distribution. It has also been shown that
the individual grains rotate during simple tension deformation. Thus, also the Schmid
value distribution will be altered during deformation. The Schmid value distribution
evolution of individual grains with different initial orientations taken from a specimen
deformed 90° to ED (Figure 5.47) has been thoroughly investigated (Figure 5.56). It is
evident that the Schmid value evolution in grains with a stable crystallographic
orientation prior to deformation is relatively low (e.g. see Grain 1). However, there are
some clear fluctuations between the eight slip systems with close to identical Schmid
values, i.e. the ranking among these slip systems changes several times during
deformation.
Further, Figure 5.56 also shows that the alterations in the Schmid value distribution are
both more extensive and rapid when the grains have more unstable initial orientations
(e.g. see grain 2 and 3). The most favourable orientation of the individual slip systems
changes due to the crystallographic rotation, hence the Schmid value of the individual
systems changes. In general, it is observed that individual grains have a close to linear
Schmid value evolution during straining. It is also worth noticing that the most potential
slip systems prior to deformation maintain their high Schmid values at the uniform strain
even though the internal ranking may have been altered. This means that the slip systems
activated at initial plastic flow tend to stay active throughout the deformation process.
It is very rare that a slip system with a low initial Schmid value rotates in such a way that
it becomes a very favourable oriented for slip at the uniform strain. However, in some
extreme cases when the initial orientation is very unstable, also this kind of Schmid
value evolution is observed. As shown in Figure 5.38, grains having a [101] parallel to
the DD can rotate as much as 15° during deformation, hence the Schmid value of the
individual slip systems changes dramatically as shown in Figure 5.57.
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around the ED strongly affect the Schmid values when deformed in the TD (Figure 5.55 
(b)). When deformed in this direction, the two extremes, i.e. the Cube and Goss
orientation have 8 and 4 slip systems respectively with a Schmid value of 0.408, while
the remaining slip systems are at zero. The figure also shows that rotation as small as 5°
changes the Schmid value distribution significantly. The Schmid value of some slip
systems was altered as much as 0.039 due to this small rotation. Further, The CG
orientation is a less symmetrical orientation with regard to the selected DD and all the 
slip systems have non-zero Schmid values. Moreover, also for this orientation the
difference in Schmid value between the slip systems with the maximum and minimum
values is 0.408.
Figure 5.55 – Schmid values for the 12 potential slip systems of different
crystallographic orientation along the fibre connecting the Cube and Goss orientation.
Each column represents a 5° rotation along the ED-rotated Cube fibre. The Cube, CG
and Goss orientation is labelled red, green and blue respectively. Deformed in the (a) ED
direction and (b) TD direction.
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5.6.2 Slip system activity 
The observed surface slip traces give valuable information about the slip activity. They
develop due to considerable slip on activated slip planes, and each slip plane consists of 
three different slip directions, i.e. three different slip systems. Therefore, the probability
of slip for each of these slip systems has to be determined. The Schmid value of all slip 
systems can be calculated based on the crystallographic orientation and the DD
(assuming uniaxial deformation in the individual grains). The number of slip systems
activated in each grain during simple tension deformation will depend on both the
Schmid value distribution among the 12 slip systems and the constraint enforced by the
surroundings. It is important to remember that the activated slip systems most likely
have to be among the potential active slip systems from a slip trace investigation.
Slip can in general take place without producing any visible slip traces if the plastic
deformation of the individual grains is homogeneously distributed in the microstructure.
Having said this, the materials investigated in this work seems always to deform in a 
more localised way, i.e. they always produce slip traces. On the other hand, also this 
material can in some special cases deform by slip without producing visible slip traces.
The slip traces will not be visible if the slip direction (Burgers vector) is parallel to the
specimen surface. The slip systems that fulfil this requirement can therefore be activated
without producing any visible evidence. The intersection angle between slip direction
and the specimen surface can be calculated based on the crystallographic orientation. For 
this investigation it was assumed that slip systems with an intersection angle larger than
10° will produce visible slip traces.
The Schmid value distribution is entirely controlled by the crystallographic orientations.
It has previously been shown that the present material consists of very symmetrical
texture components (Figure 5.5). Small rotations can therefore alter the Schmid value
distribution significantly. Figure 5.55 presents the Schmid value distribution of different
crystallographic orientations along the fibre connecting the Cube and Goss orientation
(45° rotation around the ED). The Schmid values of the slip systems are completely
independent of the rotation around the ED when deformed parallel to this direction (ED),
i.e. all the crystallographic orientations have 8 slip systems with a Schmid value of 0.408
while the remaining 4 slip systems have a Schmid value of zero. However, the rotations
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Figure 5.53 – The area fraction of Taylor factors. Calculations performed by the Taylor
FC method based on the crystallographic orientations (~100 grains) prior to deformation.
The calculations based on a material with random texture are shown for comparison.
Figure 5.54 – Taylor factor map of specimens in the ED-TD plane with (a to c) and
without (d) a strong texture. Calculations performed by the Taylor FC method based on
the crystallographic orientations prior to deformation. The colour key represents the
Taylor factor of the individual grains. DD parallel to (a) 0°, (b) 45°, (c) 90° and (d) 90°
direction.
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The Taylor factor is a direct result of the DD relative to the crystallographic orientations
and the calculation-method utilised. The calculated average Taylor factors (here, full 
constraint approach) of the present AA6063 alloy prior to deformation is 2.5, 2.9 and 2.6
for the 0°, 45° and 90° direction respectively. Hence, this material has close to similar
Taylor factors when deformed 0° and 90° related to the ED. However, the Taylor factor
change from grain to grain can vary substantially. Figure 5.53 presents the measured
area fraction of the Taylor factors for when deformation is utilised in three different
directions as well as for a specimen without texture deformed in the 90° direction. The
figure shows that the textured material has a large fraction of Taylor factors around 2.45
when deformed parallel to ED. If deformed perpendicular to the ED, some grains have
Taylor factors in the range 2.3-2.6 while other grains have Taylor factors of ~3.4.
Moreover, these results show that a specimen deformed 45° related to the ED has a
higher Taylor factor (close to 3.6) than the two other directions, i.e. see Figure 5.53 –
Figure 5.54).
Neither of the grains in the material without crystallographic texture has the same Taylor
factors, i.e. this material has a true random orientation distribution. This is further
confirmed by the graph in Figure 5.53 where the Taylor factor of the individual grains
varies from 2.3 to 3.5 without any evident major peaks. Still, the average Taylor factor
of this specimen is similar to the material with texture when deformed in the 0° and 90°
directions.
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Figure 5.51 – SE micrographs of the observed slip traces in a material with random 
texture. The lines indicate the observed slip traces and how additional slip traces can
coincide with the slip traces from neighbouring grains. (a) 6%, (b) 12% and (c) 18%. 
It is worth noticing that it is hard to observe any visible slip traces at the right hand side
of the grain investigated in Figure 5.51. Even at the uniform strain there are no visible
slip traces close to the grain boundary separating this grain from the two bright grains at
the upper left corner of the micrograph. The corresponding Taylor factor map of the
same grains (Figure 5.52) shows that the two neighbouring grains have a higher Taylor
factor, i.e. these grains are more difficult to deform and will most likely give rise to
additional constraint in this region.
Figure 5.52 – Taylor factor map of the same grain area as presented in Figure 5.51. The
calculations were performed by the Taylor FC method and based on the crystallographic
orientations prior to deformation.
143
Experimental results – Part B 
Figure 5.50 – Evolution in the number of observed slip traces in the individual grains
during deformation of a specimen without texture 90° related to ED. Grains without any
visible slip traces (grey), 1 (red), 2 (blue) and 3 (green) sets of visible slip traces are
highlighted. (a) 6%, (b) 12% and at (c) uniform strain (18%).
More detailed slip trace investigations of this specimen at 90° reveal that only a very 
limited number of slip traces transmit over the grain boundaries. The directional changes
over the grain boundary of continuous slip traces are also large compared to the changes
observed in the material prior to cross-rolling and subsequent heat-treatment. However,
the additional slip traces activated during deformation often coincide with the primary
slip traces of a neighbouring grain. Figure 5.51 shows a grain which locally develops
two sets of additional slip traces and these coincide with the slip traces of the nearest
neighbours. Only one set of slip traces are visible at 6% but one additional set of slip 
traces develop in the lower right corner of the grain after 12% elongation. This set of slip
traces is parallel to the primary slip traces of the grain directly beneath the lower right
corner of the grain investigated. Further, when this grain is deformed to a macroscopic
strain of 18% also a third set of slip traces has become visible. This set of slip traces
develops at the centre of the grain and are perfectly aligned to the slip traces observed in
the large grain above. In general, there are several observations showing that additional
slip traces developed during deformation are affected by the primary set of slip traces in
the neighbouring grains.
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Figure 5.49 – SE micrographs of the specimen surface (ED-ND plane) after different
amounts of axial elongation for a specimen with random texture deformed in the 90°
direction. (a) 6%, (b) 12% and (c) uniform strain (18%).
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Figure 5.47 – SE micrographs of the observed slip traces at 18% deformation for a
specimen deformed 90° to ED. The labelled grains are investigated in more detail in
section 5.6.2. (a) Grain without slip traces (#1) surrounded by heavily deformed grains,
and (b) two grains with multiple slip.
Figure 5.48 - SE micrograph of grains with one set of irregular shaped slip traces for a
specimen deformed parallel to ED. Please note the relative large separation distance
between the traces (coarse slip) for the grain labelled X.
The slip traces are also investigated for specimens where the crystallographic texture has
been more or less removed by cross-rolling and subsequent annealing. It should be
noticed that the slip trace distribution of this material condition is somewhat more
complicated. Figure 5.49 presents the slip trace evolution of such specimen deformed
90° to ED, and also here the micrographs correspond to the IPF maps presented in
section 5.5.1. The observed slip traces are more heterogeneously distributed and some
grains develop multiple slip traces already at 6% elongation, while other grains do not
develop any visible slip traces even at the uniform strain (Figure 5.50). The micrographs
of the slip trace evolution also show that a large fraction of the grains develop as many
as 3 sets of slip traces during deformation. The results presented here indicate that during 
deformation the material without texture develops denser and more multidirectional slip
traces compared to the material with strong crystallographic texture. 
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The trace morphology presented in Figure 5.46, shows that the slip traces often run
continuously through the grain interior and in some cases over the grain boundary into
the neighbouring grains. In other words, slip traces stretch from one grain into another,
often with only minor changes in the intersection angle over the grain boundary. This is 
very evident for the specimens deformed in the 45° direction where a regular set of slip 
traces stretches from grain to grain only with 1-2° change in orientation. The density of
continuous slip traces is not as high for the 90° specimens as for the two other directions.
However, also specimens deformed in this direction have several grain boundaries with
continuous slip traces, see e.g. Figure 5.47. The changes in orientation over the grain
boundary are often somewhat higher for this DD, and it is also more common that the
grain surface possesses an additional set of discontinuous slip traces.
Figure 5.46 – SE micrograph of the observed slip traces at the specimen surface for a 
specimen deformed 45° to ED. (a) At 9% deformation only one set of slip traces in each
grain has developed. 111 pole figures from the individual grains are included in order to
show the orientation differences over the grain boundaries. (b) A second set of slip traces
develops locally at 21% deformation.
The slip traces seem to be more irregular for the 90° specimens, and this is especially 
true for grains with an additional set of slip traces (Figure 5.47). Irregular slip traces are
also observed in grains with only one set of slip traces. Figure 5.48 shows two grains
with irregular slip traces in a specimen deformed parallel to ED. This kind of slip traces 
is more curved than the regular one. It is also observed that the slip trace separation
distance is enlarged for these grains, i.e. coarser slip trace distribution. The slip trace 
separation distance is as high as ~15μm for the grain on the left hand side of Figure 5.48,
while the typical value for a grain with regular slip traces is 1-3μm. It is also worth
noticing that the slip traces in grains with a high slip trace separation distance are often
thicker than ordinary slip traces. 
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In general, the observations show that the individual grains in this material (strong ED-
rotated Cube texture) only develop a limited number of non-parallel slip traces.
However, it is important to remember that the Cube texture is very symmetrical for the 
selected deformation directions. Hence, in some special cases, slip on two different slip 
planes will produce close to parallel slip traces and it becomes difficult to determine the
exact number of slip planes activated. Nevertheless, even though the number of slip
traces is low for all deformation directions, the number of visible intense slip traces is
much higher for the specimen deformed in the 90° direction compared to the other two
directions. Figure 5.44 and Figure 5.45 show the evolution in the number of observed
slip traces in the individual grains during deformation 45° and 90° related to ED
respectively. It is also clear that a more uniform slip trace distribution is observed for the
45° specimens compared to the 90° specimens. Additional slip traces develop only in the 
neighbourhood of grain boundaries as shown in Figure 5.46, hence the whole grain is 
seldomly covered with these additional traces. However, in this investigation the number
of observed slip traces was determined based on the number of non parallel traces
observed within a single grain even though these do not cover the same surface area.
Figure 5.44 – Evolution in number of observed slip traces in the individual grains of a
specimen with texture during deformation 45° related to the ED. Grains without any
visible slip traces (grey), 1 (red) and 2 (blue) sets of visible slip traces are highlighted.
(a) 6%, (b) 12%, (c) 18% and (d) uniform strain (27%).
Figure 5.45 – Evolution in number of observed slip traces in the individual grains of a
specimen with texture during deformation 90° related to the ED. Grains without any
visible slip traces (grey), 1 (red) and 2 (blue) sets of visible slip traces are highlighted.
(a) 6%, (b) 12% and (c) uniform strain (18%).
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Figure 5.43 – SE micrographs of the same surface area (ED-ND plane) after different
amounts of axial elongation in the 90° direction. (a) Initial orientation, (b) 6%, (c) 12%,
(d) 18% and (e) uniform strain (21%). Alloy AA6063 strained in the T1 condition.
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Figure 5.42 – SE micrographs of the same surface area (ED-ND plane) after different
amounts of axial elongation in the 45° direction. (a) Initial orientation, (b) 6%, (c) 12%,
(d) 18%, (e) 24% and (f) uniform strain (27%). Alloy AA6063 strained in the T1
condition.
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Figure 5.41 – SE micrographs of the same surface area (ED-ND plane) after different
amounts of axial elongation in the 0° direction. (a) Initial orientation, (b) 6% and (c)
uniform strain (12%). Alloy AA6063 strained in the T1 condition.
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5.6 Plasticity
Aluminium alloys deform plastically with crystallographic slip as the most significant
deformation mechanism. Crystallographic slip often gives rise to slip traces at the
specimen surface. In the present work, SE micrographs of the specimen surface were
used to study the slip trace evolution of the recrystallized alloy during in-situ
deformation. Information from the slip trace investigations were also combined with
information about the crystallographic orientations, and the slip activity of the individual
grains were calculated based on this information. These investigations were performed
on AA6063 in material condition T1.
5.6.1 Slip trace evolution
Grains often develop slip traces due to the relative movement of parallel slip planes
taking place during dislocation movement. The microstructure often deforms
inhomogeneously, i.e. some grains develop visible slip traces earlier than other grains,
etc. If no slip traces are observed within a grain, this usually indicates that this grain does
not deform plastically, hence the grain is unfavourable oriented for slip. Figure 5.41 to
Figure 5.43 present SE-micrographs of the slip trace evolution for specimens with a
strong crystallographic texture deformed at 0°, 45° and 90° relative to the ED
respectively. Notice that these micrographs correspond to the IPF maps presented above
in section 5.5.1. The micrographs clearly show that some grains develop slip traces
already after 6% axial elongation and that the specimens taken in the 0° and 90°
directions generally start developing slip traces at higher strains than the 45° direction.
Also, the specimens deformed in the 45° direction have the most homogeneous
distribution of slip traces and only a very limited number of grains do not develop visible
slip traces.
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Figure 5.39 – Development of through grain misorientation gradients during deformation
of grain #1 (the gradient and centre point position of grain #1 is indicated in Figure
5.28). The length of the plot becomes shorter due to contraction during deformation. The
misorientation gradient becomes more evident at high deformation.
Figure 5.40 – Development of through grain misorientation gradients during deformation
of grain #2 (the gradient and centre point position of grain #2 is indicated in Figure
5.34). The length of the plot becomes longer due to axial elongation during deformation.
The misorientation gradient becomes more evident at high deformation.
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5.5.4 Orientation gradients
The individual grains deform heterogeneously during plastic deformation, hence grains
develop internal orientation gradients. Orientation gradients develop throughout the
deformation process and are often very evident at the uniform strain. However, in some
cases, the orientation gradients are visible in the IPF maps already after 6% axial
elongation, i.e. the grains develop clear colour gradients which represent changes in
orientation across the grains (Figure 5.31). At high strains these colour gradients become
very evident and the orientation of the grain interior is represented by several colours.
The orientation gradient can be represented by a misorientation plot, where the reference
orientation is the orientation of the pixel in the centre of the grain. Figure 5.39 presents
the through grain misorientation evolution for a representative grain (see grain #1 in 
Figure 5.31) in a specimen deformed 45° related to ED. It is normal that grains have a
uniform orientation prior to deformation. This is the case also for this grain. However,
the grains often develop very strong orientation gradients toward the grain boundary
during deformation. At the uniform strain, a misorientation of 16° is observed between
the centre position and the grain boundary, and a steep orientation gradient is evident
close to the grain boundary, i.e. the grains deform (rotates) heterogeneously.
Other grains develop more complicated orientation gradients. Figure 5.40 shows the
orientation gradient observed in another grain (see grain #2 in Figure 5.34) taken from a
specimen without any texture. This orientation gradient is taken parallel to the DD and
the grain develops regions of different orientation (substructure) during deformation.
However, also this grain develops clear orientation gradients toward the grain boundary.
The misorientation between the centre position and the grain boundaries are as high as
10° at the uniform strain.
It should also be noticed that the length of the orientation profile across the grain under
consideration changes during deformation. This change in size is enforced by the
elongation/contraction of the investigated grain taking place by the plastic deformation
process.
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The above two figures also show that the amount of rotation during deformation is
strongly dependent on the initial orientation. This means that the rotation of a texture
component is determined by the selected DD. The rotation behaviour of the Cube, CG
and Goss components has been investigated during deformation in the 0°, 45° and 90°
directions (Figure 5.38). Specimens from AA6063 (strong ED-rotated Cube texture)
have been used for this experiment. The results show a strong effect of the selected DD.
The Goss component rotates less than 4° when deformed in the 0° and 45° directions and
approximately 12° when deformed 90° related to ED. This observation is consistent with
the observations in Figure 5.36 and Figure 5.37. The Goss component has a [100] and
close to a [111] parallel to the DD when deformed in the 0° and 45° directions
respectively, but a [101] parallel to the DD when deformed in the 90° direction as shown
in Figure 5.38. Further, the Cube component has a [100] direction parallel to the DD
when deformed 0° and 90° to ED and a [101] parallel to the last direction. It is therefore
not surprising that for Cube oriented grains deformed in these three directions (Figure
5.38), only minor rotation is observed in the 0° and 90° directions (less than 4°) while
very large rotations (approximately 15°) appear when deformed in the 45° direction. It is
also worth noticing that none of the important texture components will give rise to
crystallographic rotations when deformed parallel to ED (less than 4°).
Figure 5.38 – Amount of crystallographic rotation as a function of the global strain for
the Cube (red), CG (blue) and Goss (green) orientations deformed 0° (square), 45°
(triangle up) and 90° (triangle down) related to ED. The crystallographic direction
parallel to the DD for the different texture components and deformation directions are
given in the IPF.
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Figure 5.36 – Amount of crystallographic rotation as a function of the global strain for a 
selection of initial orientations in a material with strong crystallographic texture.
Figure 5.37 – Amount of crystallographic rotation as a function of the global strain for a 
selection of initial orientations in a material without crystallographic texture.
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5.5.3 Amount of rotation 
The amount of rotation during deformation is as indicated in the previous section, very
dependent on the initial orientation (Figure 5.36 and Figure 5.37). Here, rotation is
presented as a function of the macroscopic elongation (global strain) for a selection of
grains with different initial orientations. Only the crystallographic direction parallel to
the DD is taken into account during the selection of grains. The observations show that
grains having a [101] parallel to the DD rotates more than 3 times as much as grains
having more stable directions parallel to the DD, e.g. grain E rotates close to 20° during
deformation, while both grain A and I rotates less than 6°.
The individual grains in Figure 5.36 were taken from specimens having a strong texture
while the grains in Figure 5.37 were taken from specimens where the texture is removed
by cross-rolling and subsequent heat-treatment. It is worth noticing that the selection of
initial orientations in Figure 5.36 was obtained by choosing different deformation
directions from the material with strong texture, i.e. the total amount of deformation
(global strain) varies due to anisotropy in uniform strain. The amount of rotation for 
grains with close to identical crystallographic orientation differs for material with and
without any crystallographic texture. Grain C in Figure 5.36 and Grain 3 in Figure 5.37
have almost the same initial crystallographic orientation but the amount of rotation 
taking place during deformation is 11° and 4° respectively. The results clearly show that
the grains in a material with strong crystallographic texture (many of the neighbouring
grains have similar orientations) rotate more than grains in a material without a
pronounced texture.
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The investigations performed on specimens without texture provide information about
the relation between rotation of individual grains and the crystallographic orientation of
the neighbouring grains. The individual grains in specimens without crystallographic
texture are surrounded by grains with a random selection of orientations, while the grains
in a specimen with very strong texture are to a large extent surrounded by grains with
orientations similar to the orientation of the grain itself. This has allowed investigations
of the enforced constraints introduced by the crystallographic orientations of the
neighbouring grains.
Notice that some black areas appear toward the end of the deformation process (Figure
5.34). The black areas consist of non-indexed pixels due to low pattern quality, i.e. the
crystallographic orientations can not be determined by the EBSD technique. The
appearances of these black areas indicate large topography at the specimen surface,
causing the pattern quality to drop dramatically in the shadows behind the introduced
obstacles.
Figure 5.35 – Rotation paths in the IPF parallel to the DD for a specimen with random
texture deformed 90° related to ED. The arrows indicate the rotation path of the
individual grains, starting at the initial orientation and ending at the orientation at
uniform strain. 
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Figure 5.33 – True stress-strain curves 0°, 45° and 90° to ED after cross-rolling and
subsequent heat-treatment of AA6063 obtained with an initial strain rate of 1.1x10-3 s-1
(left). Calculated 111 pole figure representing the initial texture (i.e. lack of texture) after
cross-rolling and subsequent heat-treatment (right).
The area fraction of high angle grain boundaries (HAGB) is extensively increased after
the crystallographic texture is removed by cross-rolling and subsequent heat-treatment.
This is indicated by the grain boundaries included in the IPF maps presented in Figure
5.34. These maps contain a much higher fraction of HAGBs compared to the maps
presenting the microstructure in the as-extruded condition (see e.g. Figure 5.28). The
high fraction of HAGBs is consistent with the random texture observed in this material
condition.
Figure 5.34 – IPF map in the deformation direction based on orientation data after
different amount of axial elongation for a specimen with random texture deformed in the
90° direction. (a) Initial orientation, (b) 6%, (c) 12% and (d) uniform strain (18%). The
black arrow labeled #2 in figure (a) indicates a grain used for orientation gradients
investigations in section 5.5.4. The grains labbeled I-IV in figure (b) are the grains used
for crystallographic rotation investigations in Figure 6.19.
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Figure 5.32 – IPF map in the deformation direction based on orientation data after
different amounts of axial elongation in the 90° direction. (a) Initial orientation, (b) 6%,
(c) 12%, (d) 18% and (e) at uniform strain (21%).
5.5.2 Rotation paths – random textured material
Figure 5.33 shows that specimens taken from the same material after cross-rolling and
subsequent heat-treatment possesses close to a random texture, i.e. the material has close
to isotropic mechanical properties. Another effect of the random texture is that the initial
orientation of the individual grains covers the entire inverse pole figure. Specimens
taken from this material are investigated under the same conditions as described above,
i.e. studying the rotation paths of grains with initial orientations not covered by the
strongly textured specimens. Figure 5.34 presents the IPF map evolution of the DD for a
specimen deformed in the 90° direction. It is evident that the crystallographic
orientations of the individual grains are widely spread for specimens deformed in this
direction, i.e. the grains have different colours in the IPF map. Further, the rotation paths
of a larger selection of grains from this specimen are presented in Figure 5.35. In
general, the individual grains of this specimen follow the same trends as the material
with a strong crystallographic texture. Consequently, the grains rotate toward aligning
the crystallographic directions with the  and 111  poles of the IPF.001 DD& DD&
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Figure 5.30 – IPF map in the deformation direction based on orientation data after
different amounts of axial elongation in the 0° direction. (a) Initial orientation, (b) 6%
and (c) at uniform strain (12%).
Figure 5.31 – IPF map in the deformation direction based on orientation data after
different amounts of axial elongation in the 45° direction. (a) Initial orientation, (b) 6%,
(c) 12%, (d) 18%, (e) 24% and (f) at uniform strain (27%). The black arrow labeled #1 in
the figure indicates a grain used for orientation gradients investigations in section 5.5.4.
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information about grains with an initial orientation from the upper part of the IPF. In 
spite of these limitations, Figure 5.29 shows the rotation path uvw DD& of a 
representative selection of grains from specimens deformed 0°, 45° and 90° related to
ED. As a first approximation, it seems like the grains rotate toward aligning the
crystallographic directions with the  and the 111  poles of the IPF. 
Successive IPF maps also provide information about the rotation path, since alterations
in colour indicate the crystallographic rotation taking place as shown in Figure 5.30 to 
Figure 5.32. It is evident that the grains rotate toward the  and 111  poles
since the colour becomes more red and blue respectively. These figures also show that
the deformation process is very heterogeneous since the grains develop strong colour
gradients during deformation. Section 5.5.4 will present these heterogeneities in more
detail.
001 DD& DD&
001 DD& DD&
Figure 5.29 – Rotation paths in the IPF parallel to the DD upon straining to the uniform
strain. The arrows indicate the rotation path of individual grains. (a) 0° direction (b)
zoom of the [001] corner from the 0° direction. (c) 45° direction and (d) 90° direction.
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Figure 5.28 – IPF map in the deformation direction of the initial (non-deformed)
orientations. The range of directions  (parallel to DD) is indicated by an IPF in the
upper right corner. (a) 0° direction (b) 45° direction and (c) 90° direction. The black
arrow labeled #1 in the figure indicates a grain used for orientation gradients
investigations in section 5.5.4.
DD&
It has already been shown that the present material has a very strong crystallographic
texture. Thus, the microstructure consists of grains with resembling crystallographic
orientations, i.e. neighbouring grains have close to equal crystallographic directions
parallel to the DD. However, there are some clear differences between the three
directions investigated. All the grains from the 0° specimen circumscribe the
pole of the DD IPF and most of grains from the 45° specimen circumscribe the
 pole, being red and green respectively (Figure 5.28). On the other hand, the
grains from the 90° specimen are scattered along the axis connecting the  and 
 poles of the DD IPF. This means that neither of the specimens provides
001 DD&
110 DD&
001 DD&
110 DD&
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5.5 Grain rotation with increasing strain 
SEM experiments with improved resolution (reduced step size) are performed in order to
follow the grain rotation of individual grains during simple tension. Also here, 3% axial
elongation was selected as an appropriate deformation step size. Each grain is
represented by at least 500 orientation measurements and the data is used to calculate
both the rotation path and amount of rotation for grains with different initial orientation. 
Some grains develop internal orientation gradients during deformation and also these
gradients are investigated.
5.5.1 Rotation paths – heavily textured material
Inverse pole figures (IPF) present the rotation taking place during deformation. The
individual grains primarily rotate by aligning stable crystallographic orientations parallel
to the tensile direction (see e.g. Han et al. 2003). Hence, only the inverse pole figures in 
the deformation direction (DD) are of interest. Figure 5.28 presents DD IPF maps of the
initial orientations 0°, 45° and 90° related to ED. The DD IPF map evolutions upon
straining of these specimens are given in Figure 5.30 to Figure 5.32. The full range of
initial orientations was not covered by these experiments due to the strong
crystallographic texture. It was therefore not possible to study the rotations taking place
during deformation by simple tension for all possible types of grain orientations. The
crystallographic direction parallel to the DD is a combination of the texture and the
selected DD. The texture components will therefore behave differently when deformed
in different DD, e.g. a grain with Cube orientation has a [100] parallel to the DD when
deformed in the 0° and 90° directions and a [101] when deformed in the 45° direction (as
indicated in Chapter 5.4). A grain with a Goss orientation, on the other hand, has a [100]
and a [101] parallel to DD when deformed in the 0° and 90° directions respectively.
When deformed in the 45° direction, this texture component has close to a [111] parallel
to the DD, hence the rotation path is very dependent on both the crystallographic
orientation and the DD.
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Figure 5.27 – Area fraction evolution of the Cube, CG and Goss components during
deformation (nominal strain) of AA6063. The corresponding full thickness true stress-
strain curve in material condition T1 is included.
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Figure 5.26 shows that the texture hardly is affected when deformed 90° to ED. The
orientation of the slip planes and directions resembles those for specimens deformed
parallel to ED, hence it should be expected that the crystallographic texture of the 90°
specimen was unaffected by deformation. However, there are still some vague
indications of texture evolution for this specimen. The pole-figures show that grains
initially having close to a [100] parallel to the DD (slightly ED rotated grains), rotate
toward aligning the [100] to the DD. This means that the peak close to the transversal
direction of the pole-figure becomes somewhat narrower.
Moreover, more detailed examinations of the texture evolution during deformation
(Figure 5.27) reveal other important differences between the three directions
investigated. The evolution of the three most important texture components (Cube, CG
and Goss) has been investigated in great detail. All the investigated texture components
have a [100] parallel to the DD when deformed parallel to the ED. Figure 5.27 shows
that the intensity of these components is unaffected by deformation, thus indicating that
grains having a [100] parallel to the DD tend to be stable. Cube oriented grains also have
this [100] direction parallel to the DD when deformed 90° to ED, and the figure shows
that the area fraction of Cube oriented grains is close to constant also during deformation
in this direction (Figure 5.27). However, the two other texture components are not stable.
The area fraction of Goss oriented grains ([101] parallel to the DD) is reduced with
approximately 90% when deformed perpendicular to ED. Also the area fraction of the
CG component is somewhat reduced. This shows that the Goss and CG components are
stable in the 0° direction while the intensity decreases significantly when deformed 90°
related to ED. The greatest rotations are observed during deformation of the 45°
specimens. This becomes very evident if the area fraction of Cube oriented grains is
investigated in detail. The area fraction of this orientation is very high prior to
deformation (~35%) but it reduced dramatically (less than 1%) at the uniform strain.
This specimen also shows a considerable reduction of the CG component during
deformation. On the other hand, the Goss component is almost unaffected by tensile
deformation at 45°. However, it is important to bear in mind that the Goss component
has close to a [111] parallel to the DD when deformed in this direction. It is also worth
noticing that the DD with the most stable texture also has the largest work hardening rate 
and lowest uniform strain. 
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Figure 5.26 – Calculated pole figures based on orientation data after different amounts of
axial elongation in the 90° direction. (a) Initial orientation (b) 6% (c) 12% and (d) 
uniform strain (21%).
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Figure 5.25 – Calculated pole figures based on orientation data after different amounts of
axial elongation in the 45° direction. (a) Initial orientation (b) 6% (c) 12% (d) 18% (e) 
24% and (f) uniform strain (27%).
As already mentioned, substantial crystallographic rotations are observed when the
material is deformation 45° to ED (Figure 5.25). The pole-figures show that the 45°
specimen rotates such that the [111] becomes aligned with the deformation direction
(DD). Further, the same figure shows that grains initially having a [101] parallel to DD 
rotates toward more stable orientations with a more random distribution of the [101]
direction. Notice also that the material rotates away from having a [100] parallel to the
ND.
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The texture is relatively stable during deformation 0° and 90° related to ED, while
deformation in the 45° direction gives rise to quite large crystallographic rotations.
Figure 5.24 clearly shows that the crystallographic texture is totally unaffected by
deformation parallel to the ED. The pole-figures both after 6% deformation and at the
uniform strain are close to identical with the pole-figure calculated based on the
orientations acquired prior to deformation. The slight disparities can easily be explained
by the inaccuracy of the calculation method.
(Figure continues on next page)
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5.4 Global texture evolution with increasing strain 
In-situ specimens from the centre layer of AA6063 are deformed 0°, 45° and 90° related
to ED with an initial strain rate of 1x10-4 s-1. The specimens are deformed in steps of 3%
axial elongation in order to perform texture measurements, and in consequence obtain
information of the global texture evolution. The initial crystallographic texture of 
AA6063 consists mainly of the Cube, CG and Goss components as shown in Figure 5.8.
Figure 5.24 to Figure 5.26 present the initial texture as well as the texture at the uniform
strain and some intermediate strains for specimens deformed in the 0°, 45° and 90°
directions respectively.
Figure 5.24 – Calculated pole figures based on orientation data after different amounts of
axial elongation in the 0° direction. (a) Initial orientation (b) 6% and (c) uniform strain
(12%).
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Figure 5.22 – Measured room temperature creep rate at different nominal stresses in the
0°, 45° and 90°directions of AA6063 in material condition T1. The maximal nominal
stress is indicated by the dotted line.
Further, the in-situ deformation specimens are deformed in steps of typical 3% axial
elongation. The deformation process has to be stopped in order to perform static
investigations, i.e. EBSD mapping of the specimen surface. Figure 5.23 presents the
average stress vs. strain curve obtained from the load and displacement transducer for 
typical in-situ experiments 0°, 45° and 90° related to ED. The same figure also presents
curves from specimens deformed continuously with the same initial strain rate. The
stress drops observed in the in-situ deformed curves correspond to the pauses necessary
for the static investigations, and are related to stress relief in the material. However,
these stress drops are not expected to have any influence on the deformation process
since the overall shape from both sets of stress vs. strain curves is close to identical. 
Figure 5.23 – Stress vs. strain curves obtained from the in-situ tensile machine showing
no difference between the continuous and discontinuous deformed specimens.
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Part B: SEM In-situ investigations of plasticity
– Slip activity, grain rotation and texture 
evolution
Part B presents the results from in-situ deformation investigations (simple tension) in the 
SEM. SEM in-situ investigations facilitates studies on a grain scale, i.e. the grain
rotation, plasticity and local strain distribution have been investigated. Also, the global
texture evolution has been investigated by performing in-situ global texture
measurements using EBSD.
5.3 Initial investigations
This experimental technique is relatively new and has previously never been used on
extruded profiles of commercial Al-Mg-Si alloys. It was therefore necessary to verify the 
testing conditions utilised by performing some initial investigations prior to the in-situ
experiments. A recrystallized microstructure is desired in order to obtain high quality
EBSD patterns within a reasonable period of time and the SEM in-situ investigations are 
therefore only performed on the recrystallized AA6063. 
First the room temperature (RT) creep rate is determined by performing creep
experiments. The creep rate is critical with regard to the testing conditions, since it is 
important to select a strain rate higher than the current creep rate. It is known that plastic
deformation leads to increased creep due to accumulation of internal stresses in the
material. This means that the creep rate just prior to the ultimate stress is critical with 
regard to the in-situ experiments. Creep experiments performed at different nominal
stresses in the 0°, 45° and 90° directions are presented in Figure 5.22. This figure
confirms that the RT creep rate of AA6063 never exceeds 1x10-6 s-1. An initial strain rate
of 1x10-4 s-1 is therefore selected for the in-situ deformation investigations performed on
this material.
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Figure 5.21 – Evolution in the end of cross-section shape of AA6063 during ageing.
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The longitudinal strain is assumed to be independent of the position through the
thickness, i.e. the transverse strain is directly linked to the r-values. In other words, the
profile has the highest r-value in the centre of the profiles when deformed parallel and
perpendicular to the ED and at the surface when deformed 45° related to ED. The effect
of the through-thickness gradient is most evident in the 45° and 90° direction specimens.
However, it is worth noticing that the affect of the through-thickness variations is more
pronounced for AA6063 than for AA6082. Micrographs of the end of cross-section
shape for all the specimens investigated are presented in Appendix E. 
The end of cross-section shape changes during age-hardening and the through-thickness
radius of curvature were determined in order to quantify these changes. Figure 5.21
presents the evolution in the inverse radius of curvature (1/R) during ageing of AA6063,
and it is evident that the differences over the thickness are strongly reduced during
ageing. A large absolute value means that the specimen has a large curvature over the
thickness, while a small value means that the specimen thickness is close to constant. It
should be noted that it is difficult to determine the radius of curvature accurately
especially when the specimen cross-section shape is close to horizontal, i.e. the
uncertainty of these measurements is more than r17%.
The end of cross-section shape is also altered due to age-hardening. The characteristic
concave and convex shapes of the thickness direction are very evident both in the 
solution-heat-treated and the naturally aged tempers (Figure 5.20). However, the
characteristic shapes disappear when AA6063 is artificially aged to T6 and T7, i.e. 1/R
becomes close to zero. The material obtains more isotropic properties through the profile
thickness and the thickness direction shape is close to horizontal. It is therefore 
reasonable to claim that age-hardening reduces or even removes the effect of through-
thickness gradients.
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5.2.3 Age-hardening vs. anisotropy and shape
The end of cross-section shape (Figure 5.20) of both alloys in the solution-heat-treated
condition is concave when deformed in the 0° and 90° directions and convex when
deformed at 45°. This means that the transverse strain is highest at the surface when
deformed in the 45° direction and in the centre part of the profile when deformed in the
two other directions.
Figure 5.20 – End of cross-section shape after simple tension to the uniform strain in
material condition W, 10min. AA6063 (left) and AA6082 (right). The R-value presented
in the illustration defines the radius of curvature over the thickness.
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strain will rapidly increase, i.e. the r-value increases. With artificial ageing, the serrated 
yielding will gradually diminish and the r-value curves become straight lines. It is clear
that ageing postpones the onset of serrated yielding to higher strains as shown in both
Figure 5.18 and Figure 5.19. It is also noteworthy that the onset-strain of serrated
yielding seems to be direction-dependent for alloy AA6063 T4, 24h, but not obvious for
the other ageing conditions. Also, the amplitude caused by the serrated yielding is very
anisotropic.
Moreover, the general shape of the r-value curves depends on the tensile direction and
the alloy composition, i.e. the shape of the r-value curves is texture dependent. The
characteristic shape is present also during the wavy behaviour but it is more evident after
the serrated yielding has come to an end. The r-values in the 0° and 45° directions of 
AA6063 are almost strain independent, being constant throughout the deformation
process. In general, the 90° direction has a gradual reduction in the r-value with
increasing strain, but for the T1 condition the slope is positive.
As a first approximation, all r-value curves for AA6082 have a linear shape, especially
in the solution-heat-treated and naturally aged condition. The plastic strain ratio in the
45° and 90° directions is reduced with increasing strain while the opposite behaviour is
observed when the specimens are deformed parallel to the ED. Closer investigations of 
the artificially aged material reveal that the plastic strain ratio increases for all directions
at small strains while decreases again at higher strains. This means that the plastic strain 
rate evolution goes through a local maximum during deformation. Indications of the
same behaviour are also observed after artificial ageing of AA6063 (see Figure 5.18).
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Figure 5.19 – Plastic strain ratio curves 0°, 45° and 90° related to ED at different
material conditions of AA6082 obtained with an initial strain rate of 1.1x10-3 s-1.
The r-value curves obtained from the specimens deformed in the solution-heat-treated
condition of both alloys, and the two naturally aged conditions of AA6063 have a 
characteristic wavy shape. There are also traces of waves in the T4, 3h specimens
deformed in the 45° direction of AA6082. This wavy shape is related to the serrated 
yielding, and each peak in the curves corresponds to a deformation band passing the
transverse extensometer. When the band passes the extensometer the negative transverse
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for the two other directions investigated (0° and 90°). Hence AA6082 possesses
anisotropic flow properties when tested in these two directions. Also, the r-value of
AA6082 seems to be more dependent upon the material condition than for AA6063.
Some distinct differences were observed between the naturally and artificially aged
material conditions, especially for the 90° specimen. However, the r-values of the 0° and
90°directions in AA6082 are typically ~0.3 and ~0.6 respectively.
Figure 5.18 – Plastic strain ratio curves 0°, 45° and 90° related to ED at different
material conditions of AA6063 obtained with an initial strain rate of 1.1x10-3 s-1.
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T6 condition, even though the strength is considerably reduced. The figure shows that
the work hardening rate in the T7 condition is quite similar to the work hardening rates
observed after naturally ageing of AA6063, while for AA6082, the work hardening rate
is only half of that observed during natural ageing. These reflections are also valid for
the 45° and 90° directions as shown in Appendix D.
Influence on plastic strain ratio (r-values):
The r-value, which is often referred to as the Lankford coefficient or plastic strain ratio,
is the ratio between the width and the thickness plastic strain. This parameter is often
used to describe the mechanical anisotropy of materials deformed by simple tension. It
has been shown that a material with an r-value of 1 possesses isotropic mechanical
properties. However, it is very difficult to measure the plastic strain ratio accurately by 
use of extensometers, therefore the accuracy of r-value measurements are often of the
order of r10%.
Both alloys investigated show strong mechanical anisotropy in the solution-heat-treated
condition (W, 10min), see e.g. Figure 5.12 and Figure 5.13. Calculations of the r-values
for all the investigated material conditions are therefore performed in order to study the
mechanical anisotropy. Figure 5.18 and Figure 5.19 present the evolution in
experimental determined r-values during simple tension of AA6063 and AA6082
respectively. The figures show that both alloys have very anisotropic properties and the
plastic strain ratio is clearly direction-dependent, i.e. large differences were observed
between the investigated testing directions.
The r-values of AA6063 (Figure 5.18) are approximately 1.2 for all material conditions
when tested in the transverse direction. This means that the width strain of AA6063 is 
roughly 20% larger than the thickness strain. Hence, AA6063 has close to isotropic
properties when deformed 90° to ED. However, when tested in the two other directions
(0° and 45°), AA6063 possesses very anisotropic and low r-values. Here, the r-value in
the 0° and 45° directions is typically ~0.4 and ~0.2 respectively. Such r-values mean that
for specimens taken from these directions, the thickness strain is much larger than the
width strain. AA6082, on the other hand, has more or less isotropic plastic flow when
deformed 45° related to ED, i.e. r |0.95. Also for this alloy the r-values are lower than
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uniform strain increases with longer ageing time at room temperature. For AA6063, the
observed serrated yielding is still visible after 24 hours of natural aging, while for
AA6082, this jerky flow is only visible in the solution-heat-treated condition (W, 
10min).
Figure 5.17 – True stress-strain curves parallel to ED for different material conditions.
(a) AA6063 and (b) AA6082.
Moreover, Figure 5.17 also shows that the increase in strength and work hardening rate
in the naturally aged condition is more than twice as high for AA6082 as for AA6063.
Artificial aging to condition T6 exhibits the highest strength while further ageing to the
over-aged condition (T7) reduces the strength significantly. The uniform strain is also
shown to be heavily reduced after artificial age-hardening. Further, the work hardening
rate at low strains is maintained or even improved for the T7 condition compared to the
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Furthermore, the above curves show that the uniform strain is anisotropic and that the Hu-
value is reduced upon both natural and artificial aging. Another main finding for both
alloys is that the uniform strain anisotropy is reduced with increasing RT storage time 
and by artificial aging to tempers T6 and T7, i.e. they are isotropic with regard to
uniform strain in the T6 and T7 conditions. Further, the 45q direction has the highest
uniform strain when aged at RT and the reduction in the uniform strain upon aging is
very pronounced.
The trend observed for the uniform strain is repeated for the fracture strain (Hf), i.e. the
anisotropy is reduced with increasing RT storage time and by artificial aging to tempers
T6 and T7. However, in the T6 condition the fracture strain is not as isotropic as the
uniform strain.
The observed trends for the r-values in the two investigated alloys are more complicated.
In the solution-heat-treated condition, the two alloys have completely opposite behaviour
with regard to the plastic strain ratio. AA6063 has the highest r-values in the 0 and 90 
directions and the lowest r-value in the 45 direction (Figure 5.15), while the behaviour is
completely opposite for AA6082 (Figure 5.16).
Notice that the quantitative alteration in r-value during ageing is very limited. It is also
important to bear in mind that the accuracy of this type of r-value measurements is poor
(r10%) as shown in the previous section. Consequently, some of the alterations are
directly related to inaccuracy from the measuring technique. However, the observed
trends should still be valid, i.e. also the r-values of both alloys become more isotropic
due to age-hardening.
Influence on flow curves
Age-hardening is known to change the mechanical properties of Al-Mg-Si alloys. The
changes due to ageing of the specimens deformed 0° related to ED are given in Figure
5.17. Appendix D presents the same set of results from all the deformation directions
investigated in this work (0°, 45° and 90°). The strength of both alloys increases
substantially during natural ageing. However, stress strain curves indicate that the
serrated yielding gives rise to some reduction in uniform strain. In other words, the
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Figure 5.16 – The effect of ageing on mechanical properties and anisotropy of AA6082.
(a) Yield stress (b) ultimate tensile stress (c) true uniform strain (d) true fracture strain
and (e) r-value at a true strain of 0.05.
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However, a main finding is that the observed anisotropy in the ultimate tensile stress is 
reduced with age-hardening. AA6063 has completely isotropic properties in both the
artificially aged conditions while AA6082 maintains some anisotropy in the T6 temper
and is fully isotropic in the over-aged condition.
Figure 5.15 – The effect of ageing on mechanical properties and anisotropy of AA6063.
(a) Yield stress (b) ultimate tensile stress (c) true uniform strain (d) true fracture strain
and (e) r-value at a true strain of 0.05.
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5.2.2 Further details regarding age-hardening effects 
Influence of properties:
The previous section has shown that the alloys investigated in this work possess
significant anisotropic mechanical properties. It has also been shown that the mechanical
properties are strongly affected by both natural and artificial age-hardening. In the
following, the angular dependency of the mechanical properties of all material
conditions is compared.
The effect of age-hardening on the mechanical properties in AA6063 and AA6082 is
shown in Figure 5.15 and Figure 5.16 respectively. It is known that mechanical
anisotropy in general is affected by age-hardening. The anisotropy in the solution-heat-
treated condition (W, 10min) is mainly controlled by the crystallographic texture and in
some degree the microstructure, i.e. AA6063 and AA6082 have dissimilar mechanical
anisotropy prior to age-hardening. Age-hardening reduces the contribution from
crystallographic texture due to introduction of precipitates. The anisotropy of the two
alloys will therefore become reduced after both natural and artificial age-hardening.
The true yield stress of both alloys in the W, 10min temper is relatively isotropic. Both
natural and artificial ageing result in a close to isotropic increase in yield stress, i.e. the
alloys maintain close to isotopic yield properties after age-hardening. AA6082 has a
somewhat anisotropic yield stress in the T6 conditions but this anisotropy disappears in 
the T7 condition. The difference between the minimum and maximum value in the T6
temper is less then 10%. It is also important to remember that it is difficult to accurately 
determine the yield stress of aluminium alloys, i.e. some of the observed differences can
be related to measurement deviations.
The ultimate tensile stress is much more anisotropic than the yield stress. It could be
expected that the ultimate tensile stress should follow the same trends as observed for the 
true yield stress. However, it is important to remember that the work hardening will be
strongly affected by precipitation which in turn affects the activation of slip systems. 
102
Experimental results – Part A
variations. This alloy has only minor variations, and the measured r-values vary less than
0.3 over the thickness. Some of these variations could even be explained by the
uncertainty of the measurements.
The through-thickness r-value variations give rise to an evident through-thickness
displacement gradient on the tensile specimen. This induces bending around the tensile 
direction during deformation and the specimens develop a transverse curvature. Hence,
the fixed transverse extensometer exaggerates the measured transverse strain which
again affects the experimental determined plastic strain ratio. The accuracy of the
measurements worsens dramatically during deformation due to a strong increase in this
transverse curvature. The accuracy of the measurements for some of the investigated 
positions is therefore of the order of r35%.
Table 5.3 – Experimental determined r-values (at a true strain of 0.05) at different
positions through the profile thickness at material condition T1. The accuracy of these
measurements is approximately +/- 35%. 
Alloy Direction Centre Middle Surface
0° 1.2 1.0 0.4
45° 0.1 0.1 0.3
AA6063
90° 3.5 2.4 1.3
0° 0.5 0.3 0.5
45° 1.1 - 2.8
AA6082
90° 1.2 0.9 1.2
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Figure 5.14 – True stress-strain curves 0°, 45° and 90° related to ED at different
positions through the profile thickness obtained with an initial strain rate of 1.1x10-3 s-1
in material condition T1. AA6063 on the left hand side and AA6082 on the right hand
side.
The measured plastic strain ratio (r-values) is also quite anisotropic and varies through
the profile thickness (Table 5.3). The centre and middle positions of all directions
investigated have comparable r-values for AA6063. Moreover, the plastic strain ratio at 
the surface is not comparable with the r-values measured in the centre and middle
positions. AA6082 on the other hand, do not possess this same type of through-thickness
100
Experimental results – Part A
profile thickness (see Chapter 4.2 for more detailed information concerning the sampling
procedure). These investigations are only performed in material condition T1.
Figure 5.14 presents the true stress-strain curves for both alloys at the different positions
and it is evident that the mechanical properties vary significantly through the profile
thickness. The centre and middle positions have similar properties while the surface
behaves quite differently. It is clear that the variations observed in uniform strain 
through-thickness are the most pronounced. Moreover, there are also some differences in
initial yield strength and work hardening rate. The 0° specimens taken from the centre
and middle positions of AA6063 have a much lower uniform strain than the surface
position. Also the yield strength and work hardening rate are higher in these positions
when deformed in this direction. On the other hand, all specimens deformed 45° related
to ED have close to equal work hardening rate and initial yield strength. However, the
uniform strain is significantly higher in the centre and middle positions compared to the
surface position. The description of the initial yield strength and uniform strain given for 
the 45° direction is also valid for the 90° specimens. Moreover, it also seems like the 90°
direction has a lower surface work hardening rate than the other positions investigated.
Figure 5.14 also presents the variations observed for the different positions through the
thickness of AA6082. Also for this alloy there are some minor differences in work
hardening rate and uniform strain. The main differences are, however, related to the 
initial yield strength. The centre/middle positions have the highest initial yield strength
when deformed in the 0° and 45° directions, while the surface position has the highest
yield strength when deformed in the transversal direction. It is also worth noticing that
no measurements are reported for the middle position of the 45° direction due to
problems with the tensile testing machine.
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(Martin 1968). The alloys investigated contain approximately the same amount of Mg
which is the limiting alloying element. This explains way both alloys have equivalent
ageing potential despite relatively large differences in chemical composition.
Another important observation is the significant differences in mechanical properties
between the naturally and artificially aged specimens. First of all, the tensile strength
increases and the uniform strain decreases when artificially aged. Further, it is observed
that the mechanical properties are more isotropic after artificial ageing than after natural
ageing. For AA6063, it is shown that the initial yield strength is close to equal for all
directions when tested in the supersaturated solid solution (W, 10min) and in the
naturally aged (T4, 3 and 24 hours and T1) conditions. However, there are some minor
differences when tested after artificial ageing. The 0° and 45° specimens seem to have
somewhat higher initial yield stress than the 90° specimens when tested in the T6
condition, while only the 0° specimens seem to have a higher yield stress than the two
other directions when tested in the T7 condition. Some variations between the different
directions are also observed for AA6082. In general it is observed that the 0° and 90°
directions possess close to identical properties with congruent stress-strain curves. These
directions are stronger than the 45° direction both with regard to yield stress, work
hardening rate and ultimate stress. However, the highest uniform strain is found for the
specimens deformed 45° related to ED. As already mentioned, the figures also show that
artificial ageing of both alloys results in close to isotropic but low work hardening rate,
i.e. the observed anisotropy is strongly reduced. Natural ageing, on the other hand, gives
rise to larger anisotropic variations. For AA6063, the specimens deformed parallel to the 
ED have a higher work hardening rate but considerably lower uniform strain. The work
hardening rate of the 45° and 90° specimens is equal at small strains but some
differences arise at higher strains. The uniform strain is nevertheless equal for these two
directions.
Thickness gradient studies:
As shown above, the mechanical properties of the present two alloys are strongly texture
dependent. The texture, on the other hand, is varying through the thickness. Therefore,
the effect of the through-thickness gradients has been determined by performing tensile
test on 0.3mm thick specimens machined from three different positions through the
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Figure 5.13 – True stress-strain curves 0°, 45° and 90° related to ED at different material
conditions of AA6082 obtained with an initial strain rate of 1.1x10-3 s-1. Note the change
of true true-axis scaling for the two lower figures.
In general it is observed that the mechanical properties are improved after both natural
and artificial age-hardening, i.e. the precipitates results in a considerable strengthening
contribution. When compared to the solutionised (W) condition, both the yield and 
ultimate tensile strength of both alloys are close to doubled after age-hardening to the
peak aged (T6) condition. The ageing potential of AA6xxx alloys is determined by the 
chemical composition of E c and E , hence by the amount of Mg and Si in solid solution
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Figure 5.12 – True stress-strain curves 0°, 45° and 90° related to ED at different material
conditions of AA6063 obtained with an initial strain rate of 1.1x10-3 s-1. Note the change
of tensile strain-axis scaling for the two lower figures.
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5.2 Mechanical properties and anisotropy
Mechanical properties are investigated at different positions through the thickness of
both alloys by means of tensile tests. In addition, full thickness specimens are tested after 
extrusion and subsequent artificial ageing treatments. The tensile specimens are 
machined from the 0°, 45° and 90° directions related to the ED in order to investigate the
directional dependency of the mechanical properties (anisotropy), including the plastic
strain ratio (r-value).
5.2.1 Mechanical properties
Anisotropy vs. temper condition (Full thickness studies):
The full thickness true stress-strain curves in Figure 5.12 and Figure 5.13 present the
mechanical properties of AA6063 and AA6082 for different temper conditions. Notice
that a different scaling of the true strain axis is used for the T6 and T7 conditions. The
alloys are investigated in different material conditions at an initial strain rate of 1.1x10-3
s-1. From the figures, it is evident that the recrystallized profile (AA6063) has a 
significantly lower strength than the non-recrystallized AA6082.
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(S=0.90) where the area fraction drops very rapidly towards zero. The observed increase
of these components must be related to the increased amount of shear deformation taking
place closer to the surface. Moreover, the typical recrystallization components are close 
to absent at all positions through the thickness. Based on the argumentation presented
above, it is reasonable to assume that the observed area fractions of the Cube component
is related to Cube bands like the one observed in Figure 5.9 (a). In Appendix C,
calculated pole-figures based on orientation data from all positions investigated are
included.
Figure 5.11 – Area fraction of different texture components at different positions through
the thickness of AA6082.
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Figure 5.10 – Calculated pole figures based on orientation data at different positions
through the profile thickness of AA6082.
The crystallographic texture of AA6082 can be divided into the same set of layers as the
microstructure. The different positions within the centre layer (S=0.00 to S=0.90) of 
AA6082 have a typical deformation texture while the surface layer has close to a random
texture (see e.g. Figure 5.10). Figure 5.11 summarises the area fraction of the most
significant texture components through the thickness. The fraction of the Brass and the S
components increases from the centre position (S=0.00) towards the surface layer 
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about the deformation structure, and is therefore included in the inverse pole figure maps
presented in Figure 5.9.
Figure 5.9 – IPF map overlaid the image quality of the EBSD patterns at different
positions through the profile thickness of AA6082. The orientation data is acquired at
different magnifications with 0.4μm and 2.0μm step size within the centre (a-e) and
surface (f-g) layer respectively. The contour from one of the Cube bands in the centre
position is highlighted with a dotted line.
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Figure 5.8 – Area fractions of the different texture components at different positions
through the thickness of AA6063.
AA6082
The AA6082 has a fibrous microstructure with a recrystallized surface layer, hence the
microstructure has evident through-thickness variations as already indicated in
conjunction with Figure 5.3. The microstructure consists primarily of two pronounced
different layers, i.e. a large centre layer with a deformed microstructure and a
recrystallized surface layer with some microstructural variations (Figure 5.9).
Throughout the more or less homogeneous centre layer the grain and sub-grain sizes
seem to be independent of the position within the layer. However, the fraction of Cube
bands increases toward the centre position. The inverse pole figure map from the centre
position (Figure 5.9 (a)) shows a large fraction of grains with Cube orientation aligned
along the extrusion direction (Cube bands).
The surface layer, on the other hand, has a microstructure similar to the microstructure
observed in the surface layer of AA6063 (Figure 5.6). From the IPF maps presented in
Figure 5.9, the size of the recrystallized surface layer is calculated to be approximately
120μm. The green grains in Figure 5.9 (e) are recrystallized grains surrounded by a
deformed microstructure. Hence these grains belong to the recrystallized surface layer. 
The image quality (the quality of the EBSD pattern) provides additional information
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Figure 5.7 – Calculated pole figures based on crystallographic orientation data from
different positions through the profile thickness of AA6063. The corresponding positions
are shown in the sketch at the top.
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Figure 5.6 – IPF map acquired with a step size of 2μm at different positions through the
profile thickness of AA6063. The corresponding positions are shown in the sketch at the 
top.
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5.2. The table also shows that the standard deviation of the grain size measurement is
large for all positions investigated, indicating a very heterogeneous microstructure.
Table 5.2 – Measured grain size and standard deviations (Std.) at investigated positions
through the profile thickness of AA6063. 5° is used as the minimum misorientation
angle for the grain size calculations.
Position Grain size __ED [µm] Std. __ ED [µm]
Grain size __
TD [µm] Std. __ TD [µm]
S = 0.00 64 30 55 34
S = 0.50 66 31 56 33
S = 0.70 119 86 104 79
S = 0.80 173 98 159 93
S = 0.85 202 144 198 140
S = 0.90 131 69 103 53
S = 0.95 90 57 82 47
S = 0.99 58 29 51 18
The IPF maps presented in Figure 5.6 give a first indication of an evident texture
gradient through the profile thickness. The colours of the IPF maps change dramatically
from the centre toward the surface, thus the texture of the material changes. The
crystallographic texture can be divided into the same set of layers as used for the
microstructure. The centre layer has a strong Cube texture somewhat rotated around the
ED (Figure 5.7 (a)). The Cube texture sharpens towards the middle layer where the
texture first split into two separate texture components (Cube and Goss) (Figure 5.7 (b))
before it rotates further around the ED, producing a zone circumscribing the equator
plane. The texture also becomes more random at the profile surface (Figure 5.7 (c)) with
evident traces of texture components typically associated with shear deformation, as
shown in Figure 5.8. This leads to a decrease in the maximum texture intensity towards
the surface, i.e. the profile has a maximum intensity of 35.1 at S=0.00 and 3.8 at S=0.99
(see Figure 5.7). The area fractions of all the relevant texture components from the
different positions through the thickness are given in Figure 5.8. In Appendix C,
calculated pole-figures based on orientation data from all positions investigated are
included.
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Figure 5.5 – Measured area fraction of the most important texture components through
the thickness in the half-width position of the profile. Texture components were defined
within 10° from the ideal orientations. Note that the Goss component of AA6082 is
absent.
5.1.3 Through-thickness variations
Extruded profiles are expected to have through-thickness variations due to the
inhomogeneous deformation taking place through the die during extrusion. The
deformation mode at the profile surface (S=1.0) is close to perfect shear while the
deformation in the centre region of the profile (S=0.0) is controlled by plane
compression. Strong temperature and deformation mode gradients across the thickness
during processing give rise to large textural and microstructural variations. The extent of
these through-thickness variations is alloy dependent as will be presented in more detail
in the following sections.
AA6063
This profile has a fully recrystallized microstructure but the thickness can be divided into
three separate layers based on differences in the microstructure (Figure 5.6). The
microstructure consists of equiaxed grains with a grain size of approximately 50μm in 
the centre layer of the profile (S=0.00 – S=0.70). In the middle layer (S=0.70 – S=0.85)
the grain size increases rapidly and the grains become somewhat elongated in the ED.
Further toward the surface the grain size decreases and becomes more equiaxed, ending
up with a grain size of approximately 40μm at S=0.99. The measured grain sizes at all
investigated positions based on 5° boundary misorientation angle are presented in Table
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texture dominated by the Cube component as presented by pole figures in Figure 5.4.
The calculated orientation distribution functions (ODF) are given in Appendix B. Figure
5.5, which presents the area fraction of the most common texture components, shows
that the texture also has a relatively large volume fraction of the CG component. Hence,
the Cube component is somewhat rotated around the ED towards the CG and Goss
component as indicated in Figure 5.4. A material with a perfect cube texture will have
symmetrical crystallographic orientations both in the ED and the TD. However, the
crystallographic texture of this material is not fully symmetrical since the texture is
rotated around the ED, which gives rise to a characteristic fibre along the )-axis of the
M2=0° section of the ODF (Appendix B). Figure 5.4 also presents the crystallographic
texture of the fibrous AA6082 which possesses a typical deformation texture. Here, the
area fraction of the typical recrystallization components (Cube, CG and Goss) is very
low. However, the area fraction of the more typical deformation components like Brass
and S is quite pronounced. Neither Brass nor S are 0°/90°-symmetric, something which
means that AA6082 possesses less 0°/90°-symmetry than the AA6063 (Figure 5.5).
Figure 5.4 – Measured 002, 111 and 220 pole figures representing the initial global
texture. (a) AA6063 and (b) AA6082.
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Table 5.1 – Average grain size of both alloys measured by EBSD in conjunction with the
linear intercept method by use of different boundary misorientation angles.
Alloy Boundarymisorientation angle 
Grain size __ ED
[µm]
Grain size __ ND
[µm]
AA6063 5° 90 63
AA6063 10° 116 83
AA6063 15° 173 98
AA6082 15° 13 4
Figure 5.3 – IPF map of the variations in microstructure from the centre to the surface of
the investigated profiles. The left hand side represents the centre position while the right
hand side represents the surface position of the profile. (a) AA6063 and (b) AA6082.
5.1.2 Crystallographic texture
Evident microstructural variations, like the one observed for the investigated materials,
often also give rise to variations in crystallographic texture. The crystallographic texture
of AA6063 is very typical for materials with a recrystallized microstructure, i.e. a strong
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Figure 5.2 – Light optical micrograph of the microstructure close to the surface in the
longitudinal transverse (ED-ND) plane of AA6082. (a) Prior to solution heat-treatment.
(b) After solution heat-treatment.
The average grain sizes in both the ED and the ND of the two alloys have been measured
by use of the linear intercept method and are shown in Table 5.1. The grain sizes are
dependent on the minimum misorientation angles selected for the measurements. The 
measured grain size of AA6063 increases by a factor of 2 when the boundary
misorientation angle is increased from 5° to 15°.
It is beyond doubt that the microstructure of AA6063 is fully recrystallized. Hence, the
observed changes in grain size as a function of the boundary misorientation angle can
not be related to any deformation substructure. The prominent increase in grain size is
therefore most likely an intrinsic behaviour of all materials with a strong recrystallized 
texture, especially materials possessing a rotated recrystallization texture like the
investigated AA6063 (see section 5.1.2 for details). Several grains in a material with
such a strong texture have close to identical crystallographic orientations. When the
number of grains with almost identical orientations is high, it is reasonable to assume
that the microstructure will consist of neighbouring grains with close to identical
orientation, i.e. the microstructure will consist of grain boundaries with low 
misorientation angles. For the same reason the measured grain size will be very
dependent upon the selected boundary misorientation angle.
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part of AA6082 is much more homogeneous than the corresponding part of AA6063.
The through-thickness variations observed in these two alloys will be presented in more
detail in section 5.1.3.
Figure 5.1 – Light optical micrograph of the microstructure in the longitudinal transverse
(ED-ND) plane. (a) AA6063 and (b) AA6082.
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Part A: Characterisation of materials – Effects
of heat-treatment, texture and through-
thickness variations 
Information about the microstructural and mechanical properties is important in order to
understand the mechanical behaviour of a material. The two extruded aluminium profiles
investigated in this work are therefore given a thorough characterisation. The effect of 
heat-treatment on mechanical properties is included, since alteration in mechanical
properties is very important in regard to industrial forming operations.
5.1 Characterisation of as-received materials 
The properties of the two extruded profiles investigated are determined by the alloy
composition and the extrusion process. Extrusion is a non-homogeneous deformation
process which gives rise to variations over the profile cross-section. The through-
thickness variations in the microstructure have been characterised by applying EBSD
investigations at different positions through the thickness.
5.1.1 Microstructure 
The microstructure of the two profiles is very different in spite of both being Al-Mg-Si-
type alloys. The AA6063 has a fully recrystallized microstructure consisting of relatively
equiaxed grains as shown by the light optical micrograph of the longitudinal transverse
(ED-ND) plane in Figure 5.1 (a). The corresponding inverse pole figure (IPF) map of the
same plane is shown in Figure 5.3(a) and it is clear that the profile possesses an evident
through-thickness gradient, especially close to the profile surface. The AA6082 on the
other hand, has a fibrous microstructure with a recrystallized surface layer as shown in 
Figure 5.1 (b) and Figure 5.2. The recrystallized surface layer is approximately 120μm
thick, giving rise to an even more evident through-thickness texture gradient as shown in
Figure 5.3 (b). The figures also show that the size of the recrystallized surface layer is
close to constant along the extrusion direction (ED) (Figure 5.1 (b)), and neither is the
microstructure affected by the solution heat-treatment (Figure 5.2). However, the fibrous
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5 Experimental results
As mentioned above, the main objective of this work has been to investigate and explain 
the mechanical anisotropy observed in extruded profiles. State-of-the-art experimental
techniques have been developed and used in order to investigate the mechanisms taking
place in extruded profiles during deformation. Experiments are performed on several
length scales, facilitating a better understanding of plastic deformation processes
operating during subsequent forming operations. The acquired knowledge can also be
used to improve shape tolerances of forward extruded profiles in the future.
The experimental results are organised in two separate parts based on the techniques
used and the mechanisms investigated. Part A is titled “Characterisation of materials –
Effects of heat-treatment, texture and through-thickness variations”. The basic properties
of the selected materials are thoroughly investigated in this part but also the effect of
heat-treatment (artificial ageing) on the observed mechanical anisotropy is characterised
in great detail. The second part presents the in-situ deformation investigations performed
in the SEM, using a new technique developed and implemented during this work: “SEM
in-situ investigations of plasticity – Slip activity, grain rotation and texture evolution”.
This part contains calculations of slip activity and how this depends on crystallographic
texture. Also, crystallographic rotations taking place during deformation are investigated
in detail. Local strain distribution during in-situ deformation has been characterised
using digital speckle correlation analysis (DSCA).
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4.4 Local strain measurements 
The local strain measurements were based on the digital speckle correlation analysis
(DSCA) technique (see section 2.6.1 for more details). The commercial software 7XD,
developed at INSA – Annecy in France has been used to perform strain measurements of
in-situ tensile specimens based on secondary electron (SE) micrographs acquired in the
SEM. This technique uses a fixed grid (gold grid) or a random speckle on the specimen
surface to correlate the different positions in consecutive micrographs. Further, the strain
calculations are related to a micrograph acquired prior to deformation. The two most
important parameters for these calculations are the grid size and the binned pattern size. 
These parameters were selected such that the size of the virtual grid was equivalent to
the gold grid produced on the specimen surface (see section 4.1.2 for details regarding
preparation of the gold grid). The local strain measurements performed in the SEM with
a gauge length of approximately 10μm were proven to be equivalent to strain
measurements from ordinary simple tension experiments using conventional
extensometers.
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Figure 4.10 – Deformation unit (1) mounted on top of the modified Hitachi S3500-N
stage (2) by a simple fixing bracket (3). 
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Figure 4.8 – Schematic illustration of the deformation unit inside the Hitachi S3500-N
chamber. WD and TA are the optimal working distance for EBSD investigations and the
position of tilt axis respectively. The deformation unit must be placed in the available
space between the TA and the stage surface. (a) Prior to any modifications (b) After
removal of rotation unit (c) Deformation unit placed inside the SEM chamber. The 
specimen surface is higher then the TA. (d) Stage tilted 70q for EBSD investigation. The
specimen surface is rotated away from the electron beam. (e) Stage movement
perpendicular to the TA in order to reposition the specimen under the electron beam. (f) 
Optimal working distance for EBSD investigations are achieved by moving the stage in 
the Z-direction. 
Figure 4.9 – Modifications of the Hitachi S3500-N stage. (a) Prior to any modifications.
(b) Permanent redesign of the Y-direction movement bracket. The bracket is indicated
by a white arrow. (c) Temporary removed rotation unit in order to allow mounting of
derformation unit.
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plane of the Hitachi S3500-N. Figure 4.8 presents a schematic illustration of the 
difficulties related to this limitation. The free distance between the substage and the TA 
(tilt axis) was far too small (Figure 4.8 (a)), which made some modifications of the stage
necessary. The bracket performing the Y-direction movement was permanently modified
and the rotation unit had to be removed temporarily as shown in Figure 4.9. However,
the available space was too small even after these modifications (Figure 4.8 (b)), and the
specimen surface was not at eucentric height (Figure 4.8 (c)). Consequently, the
specimen surface would therefore move out of the electron beam when tilted 70q (Figure
4.8 (d)) and this had to be compensated by moving the stage perpendicular to the TA
(Figure 4.8 (e)). Movement perpendicular to the TA reduced the working distance
significantly and the specimen surface was no longer at the optimal working distance for
EBSD investigations. The stage had therefore to be moved in the Z-direction in order to
reach this optimal working distance (Figure 4.8 (f)). The tilt axis was fixed to the stage,
therefore it would also move when the Z-direction position is changed. The machine was
mounted to the stage by a simple bracket as shown in Figure 4.10. Non-eucentric
specimen mounting introduced much more complicated testing operations and the
probability of making fatal errors increased dramatically. In spite of these problems, no
damage took place during this experimental work. It was also feared that the large
weight of the deformation unit could lead to mechanical vibrations or drift but neither
this became any problem at the magnifications used. Also the Hitachi S4300-SE has
been modified such that the deformation unit can be mounted into this microscope (see
appendix A for details).
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simply replaced by a compression unit. The compression unit required rectangular
specimens with maximum dimensions of 3x3x5 mm3. Neither compression nor simple
tension experiments at elevated temperatures have been performed in this work. It is also
worth noticing the large weight (1.6kg) of the deformation unit when it is set up for both
straining and heating. For further details concerning the heating-stage, please refer to
Appendix A. 
Figure 4.7 – Deformation unit for use in the SEM. Important components are labelled.
ii) The SEM (Hitachi S3500-N)
The conventional Hitachi S3500-N has been the SEM of choice for the in-situ
experiments, manly because this microscope was believed to be more user-friendly with
regard to specimen exchange time. The spatial resolution of this instrument was not
comparable with the resolution obtained by a field emission SEM. However, this has not
been a limiting factor.
There were several potential problems connected to placing a substage inside the
chamber of a SEM. The problems that arose during installation in the Hitachi S3500-N
will be described in the following. It was desirable to have the specimen surface in the
eucentric height (parallel to the tilt axis) since this eases the SEM operations. The height
of the deformation unit made it impossible to place the specimen surface in the eucentric
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i) Deformation unit
A central part of the in-situ system is the deformation unit. This unit is simply a small
tensile machine which can be placed inside the chamber of a SEM (substage). The space
available inside a SEM is normally very limited so the tensile machine has a very
compact design. The deformation unit implemented to this in-situ system was originally
developed at the CNRS – PMTM laboratory at University Paris 13, France (Chiron et al.
1996) and further modified at the Norwegian University of Science and Technology. All
the in-situ experiments presented in this work were performed with this deformation
unit.
The substage design is very compact (15.5 x 9.5 x 4.5 cm3) as shown in Figure 4.7. The
unit was controlled by external software connected to the substage by a 15pin mini D-
sub connector. Deformation took place by simple tension with one fixed and one
movable ramp. The movable ramp was screw-driven by an electrical step motor and the
strain rate was adapted by the gear. The deformation behaviour could be monitored by
the stress vs. strain curves obtained during deformation. The longitudinal strains were 
calculated based on the stroke movement measured by a LVDT (Linear Variable
Differential Transformer) displacements transducer while the deformation force was
measured by the load transducer.
Due to the special design, it was possible to tilt the substage 70q without interfering with
the objective lens of the SEM. Thus, this in-situ unit was designed for simultaneous
deformation and EBSD-mapping. The deformation unit requires specimens with a
rectangular cross section and specimen heads specially adapted for the machine as
shown in Figure 4.2. Semi-circled alignment parts at both ends forced the specimen to be
aligned with the tensile direction during loading. It was important to perform an accurate 
specimen alignment with regard to the global reference system in order to obtain
accurate uniaxial deformation.
This deformation unit could also be combined with a heating unit which allows in-situ
simple tension investigations at elevated temperatures. The furnace is simply clamped
underneath the parallel part of the specimen and heats the sample locally. The substage
could also be used to perform compression experiments. The semi-circled parts are there
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i) In-plane investigations
The in-plane specimens were 1mm thick and were sampled from the centre position in 
the normal direction (ND), i.e. with specimen geometry as shown in Figure 4.2. Simple
tension deformation was performed with a constant stroke rate, giving rise to an initial
macroscopic strain rate of 1.1x10-4 s-1. The specimens were typically deformed in steps
corresponding to ~2.0% nominal strain and SE micrographs were acquired between
every step. The specimen was horizontal both during deformation and SE imaging.
EBSD investigations were typically performed between every third step (i.e. every
~6.0% nominal strain). The same area was investigated throughout the deformation
process allowing the deformation behaviour for a given number of grains to be studied in
great detail. The global texture measurements and the detailed investigations of the
microstructure consisted of more than 3000 and ~40 grains respectively. Microstructural
investigations were also performed on specimens with an artificial gold grid.
ii) Through-thickness investigations
In general, the through-thickness investigations were performed in the same way as the 
in-plane ones. However, the specimen geometry was somewhat more complicated
(Figure 4.5) and the specimen width corresponded to the profile thickness (~3mm). The
through-thickness variations were investigated by selecting the area of interest equal to
the half width (~1500μm) of the specimen. Hence, the profile thickness was investigated
from the centre (S=0.00) to the surface (S=1.00). It was not possible to cover the area of 
interest by using only one micrograph at the desired magnification, hence the SE
micrograph consisted of four micrographs stitched together in an image processing
software.
4.3.3 Optimisation of in-situ systems
The optimisation of the in-situ system has been one of the most important experimental
tasks in this work. It has been mostly motivated by the need for a better understanding of
the deformation behaviour. The quality of the results obtained with an in-situ system
depends on the in-situ unit and the SEM capabilities. The interaction between these two
components was also of primary importance. The following section presents the in-situ
system developed during this work.
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It was essential for a global texture measurement to represent the distribution of all 
possible crystallographic orientations. This was in general obtained by selecting
orientations from a large area of the specimen. Large spatial resolution was redundant
since the spread in orientation within the individual grains was normally neglectable.
The step size was adapted to give only one measurement per grain. However, it was
selected equal to the minimum grain size when the material had a very heterogeneous
microstructure. The global texture measurements consisted of more than 25.000
orientations due to the large area investigated. A large number of orientations gave a
very accurate description of the materials orientation distribution. Engler (2004) stated
that the orientation distribution of a specimen can normally be described with only 500
randomly selected orientations. This statement was tested by extracting different
numbers of orientations randomly from the global texture measurements, and it was
shown that the reduction in the number of mapped orientations only give minor changes.
Hence, the scan size used in this work is strongly exaggerated.
4.3.2 In-situ deformation investigations
In-situ deformation investigations in SEM facilitate studies of the deformation behaviour
locally. This is a relatively new technique that could be used to study several important
metallurgical phenomena. In the present work the tensile deformation process was 
interrupted in order to perform the surface investigations (SE imaging and EBSD
mapping). After each mapping sequence the deformation was continued, and so forth.
Hence, these investigations were not fully in-situ but rather “semi-in-situ”.
Two different types of in-situ deformation investigations on the fully recrystallized
AA6063 have been performed. In-plane (ED-TD plane) investigations have been used to
study the global texture evolution, and more detailed investigations of grain rotations
and surface slip-trace development have been performed in-plane. Through-thickness
investigations were the second type of in-situ deformation studies performed, i.e.
deformation variations over the thickness in a material with a very strong texture
gradient.
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Table 4.2 – Normal software setup for EBSD investigations used in the present work.
Camera binning is a clocking scheme used to combine the charge collected by several
adjacent CCD pixels. This increases both the sensitivity and the acquisition speed of the 
camera at the expense of resolution. Theta step size describes the resolution of the 
Hough transform. *Specimens taken from the recrystallized surface area are tested with 
the same setup as AA6063.
AA6063 AA6082*Parameter
Microstructure Texture Microstructure Texture
Camera binning 8x8 8x8 4x4 4x4
Step size [μm] 2 10-15 0.4 10
Scan size [μm2] 1500x1500 3000x3000 200x400 1500x3000
Pixel shape Hexagonal Hexagonal Hexagonal Hexagonal
Binned pattern size 96 96 140 120
Theta step size: 2° 1° 1° 1°
Table 4.3 – Typical SEM setup for EBSD investigations used in this work.
Parameter Value
Acc. voltage 20 kV
Tilt angle 70q
Probe current 2.0-2.5 nA
Working distance 20mm
The information generated from an EBSD investigation was very dependent on the
number of indexed points within the individual grains. It was desirable to have only one
orientation per grain for global texture measurement, while more than 1000 orientations
were typically necessary to perform detailed studies of the orientation gradients through
a grain. The number of measurements within the individual grains could be controlled by
choosing an appropriate step size. Hence, the step size selected for microstructure
investigations of AA6063 and AA6082 is 2μm and 0.4μm respectively. A typical EBSD
measurement used to study the microstructure evolution and the development of
orientation gradients in deformed aluminium consisted of ~70000 orientations
distributed among ~50 grains.
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A most critical quality of EBSD software is to calculate the crystallographic orientation
accurately and within a short period of time. How easily the orientation data can be post-
treated and presented is another important quality. EBSD software from the three most
well known suppliers (HKL Channel 5, Oxford Inca and Edax TSL OIM3.5) were all
available at the Electron Microscopy laboratory at the Department of Materials Science
and Engineering, NTNU. All three were compared with regard to both data acquisition
and post-processing. It was concluded, based on an overall evaluation, that the Edax TSL
OIM3.5 software and its successors OIM4.X were best suited for this type of work.
This software had a control panel with several available acquisition options, making it
easy to optimise the EBSD acquisition parameters for reliable results. However, EBSD
acquisition was both material and preparation dependent, so it was almost impossible to
give any universal solution for the testing parameters. The testing conditions selected
would also affect the testing parameters. For example, the parameters selected for a
detailed investigation of the orientation gradient within a deformed grain differs
significantly from the parameters used for global texture measurements. Table 4.2
presents the typical software setup for the different types of EBSD investigations. The
SEM parameters, on the other hand, were more independent and were normally kept 
constant for all types of EBSD investigations. A typical microscope setup used for these
investigations is given in Table 4.3.
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fine-scaled microstructure material due to its improved resolution. It is also worth
noticing that the Schottky emitter has an extremely stable beam current, which was very
convenient for EBSD investigations. The following sections will be used to present the
experimental techniques involving scanning electron microscopy and the modification
made to the SEM in order to allow in-situ deformation investigations will also be 
presented.
4.3.1 Electron backscatter diffraction (EBSD) 
The electron backscatter diffraction technique has been used to obtain information about
the micro and macro texture of the materials investigated. The microstructure and its
evolution during deformation have also been determined based on experiments
performed with this technique. Important properties of the materials investigated could
be determined by use of the crystallographic information obtained by EBSD. EBSD was
therefore a very important experimental technique for material characterisation.
The main components of an operating EBSD system is the SEM, the EBSD-detector
including a camera that acquires the diffraction patterns and the software that calculates
the crystallographic orientation based on these patterns. It is also important to remember
that the software should also be able to post-treat the crystallographic orientation
information acquired.
The most important properties of the SEM were the beam current and stability. A stable
beam current was essential since variations reduce the accuracy of the EBSD
measurements. Both microscopes used in this work have a satisfying beam current
stability and were very well suited for EBSD investigations.
An important feature of the applied EBSD-detector was the pattern acquisition speed.
The camera used was a Nordif digital CD200 EBSD detector with a maximum
acquisition speed of 43fps (frames per second). This speed was satisfying for the 
experiments performed, but it is of course desirable to increase the acquisition speed
even further in order to perform fully in-situ investigations with shorter step sizes. This
can be obtained when the next generation Nordif EBSD-detectors with acquisition
speeds more than 500fps become available.
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4.2 Tensile testing
The tensile testing experiments in this work were performed on two different length
scales. The macroscopic results were acquired by use of an ordinary testing machine
while a very compact in-situ testing machine was used to investigate the microscopic
behaviour in a SEM. Section 4.3.3 gives a detailed description of the simple tension
experiments performed in the SEM.
Investigations of the macroscopic behaviour were performed for all the material
conditions investigated in this work (see Table 3.3). The tensile specimens were sampled
from the extruded profile 0° (parallel to ED), 45° and 90° (parallel to TD) with respect to
the extrusion direction (ED). A minimum of three parallels were tested in each direction 
in order to verify the experimental results. Simple tension experiments were performed
in an MTS 880 servo-hydraulic testing machine at a constant ramp rate corresponding to 
an initial strain rate of 1.1x10-3 s-1. The tensile specimens had a width of 12.7mm and a
parallel length of 75 mm as shown in Figure 4.2. The transversal and longitudinal strains
were measured by a MTS transversal (MTS 632.23F-20) extensometer and a MTS
50mm longitudinal (MTS 632.25F-20) extensometer respectively.
Tensile testing of thin specimens taken from three different positions through the profile
thickness was also performed in the same way as described above. Notice that the
thickness of these specimens was only 0.3mm, making transversal strain measurements
more difficult due to problems with the gripping mechanisms of the extensometer.
4.3 Scanning Electron Microscopy (SEM) 
Scanning electron microscopy has been by fare the most important tool utilised in this
work. The SEM has been used both for metallographic characterisation of the starting 
material and as a platform for the detailed in-situ deformation behaviour experiments.
Two different scanning electron microscopes were used. The first was a very user-
friendly conventional tungsten filament SEM with low-vacuum capabilities (Hitachi
S3500-N). This microscope was used for the in-situ investigations and characterisation
of the recrystallized material. The second microscope was a high resolution field 
emission SEM (Hitachi S4300-SE) which was used for characterisation of the fibrous
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sputtered onto the produced grid and then a 20nm thick Au-layer was evaporated on top
of the base layer. This gave a continuous layer of gold covering the entire surface of the
specimen as shown in Figure 4.6 (d). The remaining PMMA was finally dissolved and
removed by cleaning the specimen with ethyl acetate in an ultrasonic bath for 15
minutes, also removing the gold deposit on top of the PMMA. The gold deposit on the
specimen surface would not be affected by this cleaning procedure, and the electro 
polished surface reappeared with an evident gold grid that could be used for strain
analysis during investigations in the SEM (Figure 4.6 (e)). 
Figure 4.6 – Chronological illustration of the surface grid production procedure. (a)
Electro polished specimen surface. (b) Specimen surface with continuous plastic film 
overlaid. (c) Plastic film with a grid after electron beam exposure. (d) Specimen with
gold both in the grid and on the surface of the remaining film. (e) Specimen with gold
grid after removal of the remaining film.
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4.1.2 Metallographic preparation and surface grids
The sampled specimens developed a heavily deformed surface layer during machining
which had to be removed prior to investigations in the light optical microscope or in the
SEM. This was obtained by mechanical grinding to ASTM mesh 2400 and subsequent
mechanical polishing with 3 and 1 μm diamond paste, followed by “shock” electro-
polishing in Struers electrolyte A2 for 4 seconds at 30V and 10°C. The specimens
investigated in the light optical microscope were anodized in a 5% HBF4 aquageneous
solution (Bakers reagent) (Petzow 1976) for ~2 minutes at 20V and 18°C in order to
reveal the grain structure under polarised light.
The undeformed and smooth surface obtained after electro-polishing was necessary for
EBSD investigations. However, random features in the specimen surface are absent.
Hence, an artificial random speckle had to be created in order to allow EBSD
investigations in combination with local strain measurements, using the DSCA technique
described later in section 4.4. It was very difficult to produce a sufficiently fine random
speckle and a compromise had to be made. In this work an artificial gold grid was
produced on the specimen surface. The gold grids were produced in the CNRS – PMTM
laboratory at University Paris 13 with a quadratic grid size of 10x10μm2 and a grid line
width of ~1μm.
Figure 4.6 presents a schematic illustration of the procedures utilised to produce the gold
grid. First, a thin film (~0.4μm thick) of PMMA (Polymethylmetacrylate) was deposited
onto the electro polished surface by spin coating (Figure 4.6 (b)). The specimen was than
annealed for 30 minutes at 130°C in order to remove the residual stresses from the spin 
coating. The grid was produced by exposing the polymer film to the electron beam of a
SEM. Movement of the electron beam was controlled by external software and the
electron beam broke the polymers down to monomers, which could easily be removed
by cleaning the specimen in a solution consisting of 25% ethyl methyl ketone and 75%
Propanol-2. The grid became visible in the PMMA film after removal of the monomers
(Figure 4.6 (c)). However, this grid could not be investigated in the SEM, so a thin layer 
of gold was deposited on top of the grid produced in the SEM. The deposition procedure
was divided in two operations in order to optimise the adhesiveness between the electro
polished surface and the evaporated gold layer. First, a 1nm-thick base Au-layer was
67
Experimental techniques
Figure 4.5 – Specimen (45° direction) for investigation of through-thickness deformation
in SEM. The gauge length piece is machined from the profile and the width of this part
corresponds to the profile thickness. The small “notch” in the gauge length is produced
in order to concentrate the plastic deformation. Prefabricated specimen heads are finally
glued to the parallel part and the through-thickness deformation can be investigated in
the SEM. 
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It was most convenient to study the surface of the gauge length during SEM simple
tension deformation. The gauge width of these specimens was 3 mm while the total
width of the gripping section was 14 mm (see Figure 4.2 (bottom)). Due to the
geometrical limitations set by the SEM chamber, it was not possible to study the
through-thickness deformation in the TD plane during in-situ SEM deformation.
However, by doing some radical modifications of the specimen geometry, through-
thickness investigations were made possible (i.e. see the illustration in Figure 4.5). The
gauge length of the specimen was machined as described above and the width of this
part corresponds to the profile thickness. In addition, a short 0.8mm thick “notch” was
introduced (see Figure 4.5). During straining, the plastic deformation was localised to
this area due to 20% reduction of the cross-section. The specimen heads were
prefabricated in a material with higher strength in order to avoid plastic deformation of
the specimen heads during testing. The prefabricated heads were mounted onto the
gauge length piece with two-component epoxy glue. The final specimen assembly is 
shown in Figure 4.5. However, it is worth noticing that the glued connection will shear
off if the “notch” in the parallel part was omitted. Without the “notch”, the full length of 
the gauge length piece deforms plastically, hence the contraction in width and thickness
will weaken the glued connection and the glue would fail. 
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The through-thickness texture variations were investigated by testing specimens sampled
from different positions through the thickness. In order to avoid any through width
variations, also these specimens were taken close to the centre line (see Figure 4.1). The
position along the thickness direction (normal direction) were denoted by an S-value
which starts with S=1.0 at the profile surface and ends with S=0.0 in the centre of the
profile. Figure 4.4 presents a schematic illustration of the S-value notation used for the
different positions. The AA6063 and AA6082 were tested at eight and seven different
positions through the thickness, respectively. Table 4.1 summarises the distance beneath
the surface for all positions investigated.
Figure 4.4 – Schematic illustration of the notation used for representing the different
positions through the profile thickness.
Table 4.1 – Distances beneath the surface [mm] and corresponding S-notations applied
for the different through-thickness positions.
Alloy S=0.00 S=0.50 S=0.70 S=0.80 S=0.85 S=0.90 S=0.95 S=0.99
AA6063 1.45 0.72 0.43 0.29 0.22 0.14 0.07 0.01
AA6082 1.42 0.71 0.43 0.29 - 0.14 0.07 0.01
The specimens prepared for in-situ testing in the SEM were given a special geometry
(Figure 4.2 (bottom)) and a thickness of 1.0 mm. All these specimens were in addition to 
ordinary machining given some additional metallographic preparation. This is required
in order to obtain satisfying EBSD patterns and high quality SE micrographs. It was
necessary to remove the heavily deformed surface layer developed during machining.
The procedures applied to achieve the required specimen quality will be described in the
following paragraph.
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Figure 4.2 – Geometry for standard full-size (top) and in-situ SEM specimens (bottom)
for simple tension testing. All dimensions in [mm]. The thickness of the full-size
specimens was either 0.3 mm or full profile thickness (3.0 mm), while the typical SEM 
specimens had a thickness of ~1.0 mm.
Figure 4.3 – Schematic illustration of simple tension specimens taken from different
positions through the profile thickness. Here, ND=profile normal direction.
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tension specimens were sampled such that the centre specimen position always intersects
the centre line of the profile. This figure also indicates that an exception was made for 
specimens taken parallel to ED. This was done in order to reduce the consumption of
material. It was assumed that three parallel specimens could be produced without being
influenced by the through width variations. All the simple tension specimens were 
sampled according to the procedures described above.
Figure 4.1 – Sampling positions of simple tension specimens where TD and ED are the
profile transversal and longitudinal (extrusion) directions.
The full thickness tensile specimens were machined from the extruded profile by using
an ordinary CNC cutting machine. The surface was not machined away in order to 
maintain the true full thickness of the material. The applied specimen geometry of full
thickness specimens is shown in Figure 4.2. Sub-size specimens having the same in-
plane geometry and 0.3 mm in thickness were sampled from three different positions
through the profile thickness. The three positions were labelled Position 1, 2 and 3 and 
are taken from the centre, middle and surface part of the profile thickness respectively.
Figure 4.3 and Figure 4.4 present the thickness direction position of the three sub-size
specimens investigated. Investigations on sub-size simple tension specimens were only
preformed in material condition T1.
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4 Experimental techniques
A good and comprehensive understanding of the applied experimental techniques is a
key element in utilizing the results obtained in this work. For this reason, this chapter
will be used to describe the experimental techniques. The background for the selected 
testing parameters will also be commented.
4.1 Specimen sampling and preparation
Specimen sampling from extruded profiles is critical due to expected through profile
variations. Hence, small changes in the sampling position could strongly affect the
testing results. Also specimen preparation is of great importance, especially for EBSD
investigations, since even minor changes in specimen preparation procedure can lead to
significant alteration of the results. The following sections give a detailed description of
the specimen sampling procedures and preparation techniques used during this work.
4.1.1 Specimen sampling
Since extruded profiles are believed to be subjected to variations both through the cross-
section and along the extrusion direction (ED), it is necessary to use strict sampling
procedures in order not to introduce uncertainties.
The profiles investigated were cut into 2-meter-long parts and labelled by Hydro
Aluminium AS. However, this labelling did not include any information about the
position along the total length, making it impossible to determine any relationship
between the different parts and the press cycle. This introduced some uncertainties with
regard to possibilities for variations along the profile length but these were neglected in
the present work.
It is known that extruded profiles, especially very flat profiles, can develop some
variations over the width (Fjeldly 1999). Those investigated in this work had a cross-
section (thickness x width) of 3x205 mm2, hence it was reasonable to assume that they
possess such variations. The variations were avoided by sampling all specimens from the
centre width position of the profile as shown in Figure 4.1. Consequently, the simple
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texture from extrusion, i.e. the cold rolled profiles developed a weak deformation
texture. A consecutive annealing heat-treatment at 520°C for 10 minutes resulted in a
fully recrystallized microstructure with a close to random crystallographic texture. The
material was stored at room temperature for more then 1000 hours in order to reduce the
effect of Mg in supersaturated solid solution.
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Figure 3.2 – Hardening curves for artificial ageing at 185°C, after solution heat-
treatment at 540°C for 20 minutes.
Table 3.3 – Description of the material conditions investigated.
Material Condition Description
W, 10min Solution-heat-treated and tested 10 min. after water quenching
T4, 3h Solution-heat-treated and naturally aged for 3 hours prior to
testing
T4, 24h Solution-heat-treated and naturally aged for 24 hours prior to
testing
T4, >1kh Annealed and naturally aged more than 1000 hours prior to
testing
T6 Solution-heat-treated and artificially aged at 185°C to peak
strength prior to testing
T7 Solution-heat-treated and artificially aged at 185°C to the over
aged condition prior to testing 
T1 Naturally aged for more than 2 years after extrusion 
3.2.3 Additional processing
Both alloys investigated have a strong crystallographic texture. It was therefore
necessary to perform additional investigations on material almost without texture to 
obtain a more complete understanding of the slip system activation during simple
tension. Some additional processing was therefore performed to reduce the texture of the
extruded AA6063 profile. The profile was first cross-rolled (50% reduction) at room
temperature in a laboratory rolling mill. Cross-rolling reduces the crystallographic
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Table 3.2 – Press conditions for the extruded aluminium profiles.
Alloy Billet temp. Container temp. Ram speed Profile temp. front
AA6063a 460°C 440°C 14-16 mm/sec. 515-523°C
AA6082b 515°C 440°C 15-16 mm/sec. 520-543°C
Alloy Profile temp. middle Profile temp. end Temp. after spray cooling
AA6063a 511-528°C 505-517°C ~360°C
AA6082b 518-532°C 503-524°C ~360°C
a Pettersen and Furu (2001a)
b Pettersen and Furu (2001b)
3.2.2 Heat-treatments 
Several different heat-treatments were applied to both alloys in order to produce a wide
range of material conditions. The solution heat-treatment was performed in an air 
circulating furnace at 540°C for 20 minutes followed by water quenching, while the 
artificial age-hardening was performed in an ordinary oil bath at 185°C. The material
was stored at room temperature for 10 minutes between the solution heat-treatment and 
the artificial age-hardening. The ageing behaviour at 185°C was explored in order to 
determine the ageing times necessary to obtain the peak aged (T6) and over aged (T7)
material. This was done by measuring the Vickers hardness after various ageing times
and subsequent water quenching. The obtained ageing curves are shown in Figure 3.2.
These measurements were performed using a 5 kg load, loading time 15 seconds and a
loading speed of 150 μm/s. Based on the ageing curve acquired, the T6 condition was
expected to be reached at 700 and 250 minutes while ageing times 10,000 and 5000 
minutes were necessary to reach the T7 condition for the AA6063 and AA6082
respectively. Specimens were also stored at room temperature for different amounts of
time in order to produce naturally aged material conditions. Table 3.3 presents the
notations used together with a description of all material conditions investigated herein.
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Figure 3.1 – Approximate homogenisation treatments of billets prior to extrusion.
3.2 Material processing
All processing from refining and casting to completion of the final product affects the
material properties. It is therefore important to have detailed understanding of the
processing taking place prior to the investigations performed in this work. 
3.2.1 Extrusion 
Billets with a diameter of 203 mm were extruded into flat profiles with a cross section of
3 x 205 mm2 by Hydro Aluminium AS. The extrusion process was performed at a
reduction ratio of 53 and a ram speed of approximately 15 mm/sec. Immediately after
the outlet of the extrusion die, the profiles were cooled with maximum water spray-
cooling, followed by forced air-cooling. The press conditions are summed up in Table
3.2. The profiles were stored at room temperature for more than two years prior to
further processing and the profiles were therefore received in the naturally stabilised
condition, T1.
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3 Materials and material processing
This chapter presents the materials investigated as well as the material processing prior 
and during the present investigations.
3.1 Materials 
This work has focused on commercial aluminium alloys representing high volume
production in the extrusion industry. Two different precipitation hardening alloys from
the Al-Mg-Si system have been investigated (Table 3.1). The two alloys are AA6063
which is a low strength 6xxx series alloy and AA6082 which is a typical high strength
alloy. Both alloys were DC-cast and homogenised (see Figure 3.1) by Hydro
Aluminium, Sunndal prior to any processing. AA6082 contains somewhat more
magnesium and silicon giving rise to higher strength but, more importantly it also
contains some manganese (0.54 wt%). Al-Mg-Si alloys with 0.5-0.7 wt% Mn will
precipitate small Mn-dispersoids of the MnAl6-type at temperatures lower than 705°C.
These dispersoids will prevent recrystallization during hot deformation (Petzow and
Effenberg 1993). As a consequence, AA6063 becomes fully recrystallized while
AA6082 develops a fibrous microstructure with a recrystallized surface layer after 
extrusion. Flat extruded profiles with a cross section of 3 x 205 mm2 were received from
Hydro Aluminium AS. Previously, these profiles have been characterised and 
investigated within the VIRFORM project (van der Winden et al., 2002), hence the
properties of these materials have already been reported extensively, e.g. Engler (2002),
Ryen (2003) and Pedersen et al. (2004). All details regarding these alloys and processing
of the investigated profiles are given in Pettersen and Furu (2001a and 2001b).
Table 3.1 – Chemical composition of the two investigated alloys.
Alloy Wt% Mg Wt% Si Wt% Mn Wt% Fe Wt% Cu 
AA6063 0.46 0.44 0.03 0.19 0.006
AA6082 0.67 1.04 0.54 0.20 0.003
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(Bjerkaas et al. 2006). This indicates that the EBSD technique is actually able to capture 
the bulk behaviour during deformation
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Comparison between different techniques
X-ray diffraction (XRD) has since the introduction of crystallographic texture been the
reference technique for measuring texture of polycrystalline materials. The 
crystallographic texture obtained with XRD and EBSD has been compared several times
since the introduction of EBSD in the early nineties (Hjelen 1990). Generally, it has been
shown that the measured crystallographic texture is independent of the measuring
technique utilised (Bjerkaas and Sjølstad 2003, Saito et al. 2004). However, when the
grain size exceeds a certain value (typically 50-100μm), XRD can no longer provide
statistically significant data. For very coarse grained materials (>1mm) and for
heterogeneous materials such as welded joints, EBSD can still be used thanks to stage
motion in the SEM. In EBSD, the orientation distribution function (ODF) is then directly
calculated from the individual orientations by taking one point per grain or by taking all
data points and weighting orientation data with the respective area fraction of grains
(Gourgues-Lorenzon 2007). One must however, keep in mind that EBSD is a surface
analysis technique.
When bulk (high energy x-ray diffraction) is compared to surface (EBSD by use of
SEM) investigations, it is clear that bulk studies provide the most reliable results.
However, the cost and complexity of this method makes EBSD/SEM the favourable
alternative when it comes to studying crystallographic rotations of individual grains of a
polycrystalline material. Further, the spatial resolution of 3DXRD is coarser (about a few 
μm) than that of EBSD but the angular resolution is high (~0.05q) (Gourgues-Lorenzon
2007).
As already mentioned above, there is some controversy regarding the results obtained
from in-situ EBSD measurements. The EBSD technique has some considerable
limitations since it only obtain information from the surface region of the specimen. It
can therefore easily be claimed that the technique is insufficient since the acquired
results are not representative for bulk deformation of the material. Hence, the results
only provide a description of the surface behaviour. The works performed by the Risø
group has shown that the rotation paths observed with bulk deformation are consistent
with the rotation paths observed by performing in-situ EBSD investigations in the SEM
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Surface investigations during in-situ deformation
The deformations mechanisms operating at the sample surface can be studied by
investigating the sample surface during deformation. Placing a deformation unit inside
the chamber of a scanning electron microscope (SEM) allows this type of investigations.
Rémi Chiron and his group at the CNRS – PMTM laboratory in Paris have been pioneers
when it comes to in-situ deformation in the SEM (Chiron et al. 1996, Delaire et al. 
2000). Other groups have also performed detailed investigations of the deformation
mechanisms by use of this method in combination with EBSD-investigations. The
impressing works by Zhang and Tong (2004) and Han et al. (2003), which have studied
the microstructure and crystallographic rotation evolution respectively, are such 
examples. Also the group at McMaster University in Canada have started to utilise this
method in order to obtain a better understanding of deformation mechanisms operating
during forming of aluminium (Kang et al. 2005, Kang et al. 2006).
Bulk investigations during in-situ deformation
Bulk investigations are the most advanced method for studying deformation
mechanisms. The method is based on diffraction with focused hard x-rays.
Consequently, synchrotron radiation facilities are necessary in order to utilise this 
method. The “Metal Structures in Four Dimensions”-group at the Risø National
Laboratory in Denmark should have credit for bringing this work forward, and they have
developed methods that make it possible to follow the deformation of individual grains
within the bulk material (see e.g. Margulies et al. 2001, Nielsen et al. 2001 and Poulsen
et al. 2003). 3D X-ray diffraction (3DXRD) has been widely used both to study rotations
taking place during deformation and recrystallization during annealing. By applying this 
method, it has been possible to study the crystallographic rotation and by that the
deformation mechanisms in great detail (Winther et al. 2004, Winther 2005). The
method has also been used by other groups (see e.g. Forbod et al. 2007), but the
technique is far from being readily available. 
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2.7.5 Available in-situ techniques
The introduction of sophisticated in-situ techniqes has inaugurated a new era within
material science. These new techniques have made it possible to study deformation
mechanisms, annealing behaviour (see e.g. Ferry 1998, Juul Jensen 2005 and Lens et al.
2005) and phase transformations (see e.g. Gourgues-Lorenzon (2007) for a 
comprehensive review) in a way that were completely unrealistic only a couple of
decades ago. In general, these techniques can be utilised for all the topics listed above.
However, this section will focus on techniques most frequently used to study 
deformation mechanisms. Deformation mechanisms can basically be studied by use of
three principally different methods:
x Normal characterisation and investigations of pre-deformed samples
x Surface investigations during in-situ deformation
x Bulk investigations during in-situ deformation
Normal characterisation and investigations of pre-deformed samples 
Investigations of pre-deformed samples are in many regards the least sophisticated and
most “old-fashioned” method, but still very useful to study deformation mechanisms.
The PhD-works by Søreng (1997), Iveland (2000) and Ryen (2003) acquired information
of the operating deformation mechanisms by use of this method.
The researchers at the Risø National Laboratory in Denmark have performed several
detailed investigations on dislocation boundary formation and the dislocation structure of
the material by studying pre-deformed samples in the transmission electron microscope
(TEM) (see e.g. Wert et al. 1997, Wert 2002, Wert and Huang 2003, Winther 2004 and
Li et al. 2006). The drawback with this method is that it is impossible to investigate the
same area several times. Hence, the evolution of individual grains during deformation
can not be studied.
52
Theoretical background
precipitates have to be by-passed by the moving dislocations. Further, this means that a 
transition between localised and more homogeneous deformation will be dependent on
the particle size as indicated in Figure 2.26. As indicated by the figure, dislocations tend
to move along well-defined paths (the path of the first dislocations passing through the
grain upon early stages of plastic deformation) when the precipitates are shearable
(localised deformation). Several explanations have been proposed for this behaviour.
Hornbogen and Gahr (1975) suggested that the localisation was related to local softening
of the slip plane due to a decrease in precipitate strength. More recent investigations (e.g.
see Poole et al. 2005) indicate that this matter is much more complicated and the
observed localisation could possibly be more like an intrinsic property of aluminium
alloys. In other words, when a dislocation source is activated, this source tends to stay
active and will therefore suppress competing dislocation sources. On the other hand,
when the dislocations have to overcome the precipitates by by-passing, they try to avoid
any interaction with the precipitates, i.e. the slip distribution is more homogeneously
distributed when the precipitate size is larger than dc.
Figure 2.26 – Consequences of dc on strain localisation. Shearable particles leading to
strain localisation (left) and non-shearable particles leading to more distributed
deformation (right) (Hornbogen and Starke 1992).
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authors showed that the investigated material possesses a strong angular dependency of
the plastic strain ratio in supersaturated solid solution. They reported that the anisotropy
disappeared after artificial ageing to the peak-aged condition (T6) and reappeared after 
ageing to the substantially over-aged condition (T7), as shown in Figure 2.25.
Figure 2.25 – Variation in r-value with test direction in Al-4%Cu in solution treated and 
artificially aged conditions compared with predictions of texture analysis (Bate et al.
1981).
It has been performed several interesting studies of how the plastic behaviour of a
material has been altered due to the introduction of precipitates (see e.g. Hornbogen and
Gahr 1975, Barlat and Vasudevan 1991, Hornbogen and Starke 1992, Sehitoglu et al.
2005 and Poole et al. 2005). A common observation is that precipitates alter the
coarseness of slip taking place during deformation. During investigations in crystal 
plasticity, it has been reported that heterogeneous slip is favoured by low stacking fault
energy, alloying elements in solid solution, shearable precipitates, when few slip systems
are operating and with large grain sizes. Fine slip on the other hand, is favoured by by-
passed particles, many operating slip systems and small grain sizes (Hornbogen and
Gahr 1975).
Furthermore, the precipitate diameter (d) increases during ageing (see e.g. Hornbogen
and Gahr 1975). It has been suggested that the transition from shearable to non-shearable
precipitates takes place when the precipitates reach a critical diameter (dc). Then
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have all studied the development of secondary slip traces during simple tension of
polycrystalline materials and they have shown that the grains deform by multiple slip at 
very low strains (4% deformation) and close to 50% of the grains investigated develop
additional slip traces locally. 
Also crystallographic rotations during deformation and how these rotations are related to
the deformation mechanisms have been studied to a large extent by these techniques. It
has become possible to follow the rotation paths of individual orientations, hence given
more insight into how slip enforces crystallographic rotation (see e.g. Han et al. 2004). 
Even though it is commonly agreed that the mechanical anisotropy, and by that the
forming behaviour, to a large extent is controlled the crystallographic texture (Althoff
1971), the understanding of mechanical anisotropy is still an important topic within
material science. The distribution of solute elements and precipitates (Barlat and Liu 
1998) and the microstructure (Winther et al. 1997) has also been known to alter the
anisotropy. The section below will present earlier work on how age-hardening affect the
mechanical anisotropy.
2.7.4 Age-hardening
Age-hardeing (particle strengthening) has been studied in great detail after the
phenomena was first discovered by Wilm in the beginning of last century (1911). At that
time, it was impossible to understand the underlying physical processes. However, the 
introduction of dislocations (Orowan 1934, Polanyi 1934, Taylor 1934) together with
new and more advanced experimental techniques (high-resolution transmission electron
microscopy (TEM)) has made it possible to study and explain the observed particle
strengthening mechanisms. It has been shown that the particles act as obstacles to the
dislocations movement (slip) and thus reduce their mobility. These obstacles can be 
overcome in two basically different ways, either by shearing or by bypassing (Nembach
1997). The latter mechanism has been suggested by Orowan (1948) and was
subsequently named after him (the Orowan mechanism).
In the work of Bate et al. (1981), they studied changes in plastic anisotropy
accompanying precipitation from a supersaturated solid solution of an Al-4%Cu. These
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It is worth noticing that the majority of these investigations have been focusing on
explaining the texture evolution that take place during plastic deformation, while only a
modest fraction of these works have been devoted to how the forming behaviour is
affected by thickness variations. The PhD work of Xiao-Hu Zeng (1995), titled
“Anisotropy of Plastic and Elastic Deformation of Al-Li Alloys”, is one of few works
totally devoted to the correlation of the plastic properties and the texture gradients. Zeng
studied the crystallographic texture changes through the thickness of some rolled sheets.
He found from texture-based calculations, that the texture gradient had a strong effect on
the shape of the yield loci and the forming limit diagram (FLD) (Zeng et al. 1994, Zeng
and Barlat 1994).
2.7.3 Deformation mechanisms
The work of Xiao-Hu Zeng among others was based on the assumption that the yield
loci shape was determined by the deformation mechanisms operating locally. Hence,
different deformation mechanisms were dominating at different positions through the
thickness. For the last decades, the selection of different deformation mechanisms has 
been a very important topic of research. Computer modelling has tried to implement
these mechanisms by developing more advanced crystal plasticity models. The new GIA
and ALAMEL models are examples of such more sophisticated models (Van Houtte et
al. 2005).
Slip traces have been used for decades in order to study the plastic deformation of 
crystals. For example, in the middle of the last century the different stages (stage 1-3) of
hardening were extensively investigated by use of slip traces (see e.g. Diehl 1955 and
Cahn 1950). Detailed investigations of slip traces and how these develop during
deformation have also been used to reveal information about the slip planes activated
and how the deformation structure develops during deformation (Honeycombe1984,
Søreng 1997).
This information has been combined with information about the crystallographic
orientations and used to predict the number of slip systems activated for individual
crystallographic orientations (see e.g. Delaire et al. 2000, Nibur and Bahr 2003, Choi et
al. 2004). Delaire et al. (2000), Zhang and Tong (2004) and Henning and Vehoff (2005)
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2.7.2 Mechanical anisotropy and forming behaviour
Mathematical models utilising crystal plasticity theory and phenomenological models of 
elastoplasticity have also be used to predict the effect of mechanical anisotropy on 
formability (see e.g. Lademo et al. 1999, Lademo et al. 2002, Lademo et al. 2005 and
Fjeldbo et al. 2005). Forming limit diagrams (FLD) has been computed and compared to
experimental results, showing that this technique is able to predict the forming limit of
various materials.
Forming of extruded aluminium profiles is important for several industrial applications.
Extruded profiles are often found to possess mechanical anisotropy, which has to be
fully understood in order to make use of the competitive advantage of utilising these
profiles formed to complex shapes. For this reason, it has also been performed several
detailed experimental studies of anisotropy in extruded profiles at the Norwegian
University of Science and Technology (see e.g. Søreng 1997, Iveland 2000 and Ryen
2003).
Further, it is known that aluminium processed by either extrusion or rolling often 
possesses through-thickness variations (see e.g. Engler et al. 2000 and Turner et al.
2002). This is especially true for commercial Al-Li based alloys that normally develop
strong through-thickness texture gradients (Peters et al. 1986, Bowen 1988, Engler and
Lücke 1991). The heterogeneous processing conditions taking place during rolling is
assumed to give rise to the gradients observed in rolled sheets. During rolling, the
deformation of sheet ingots changes from shear influenced at the surface to plane
compression along the centreline. Also the amount of deformation varies quite
significantly through the sheet thickness. It is expected that the variation in deformation,
coupled with the recrystallization that sometimes occurs during heat-treatment, produce
an evident gradient in crystallographic texture through the sheet thickness. The
processing taking place during extrusion is normally much more heterogeneous than the
processing conditions observed during rolling (Valberg and Malvik 1994). Hence, it is
therefore concluded that also extruded products can develop strong through-thickness
variations (Przystupa et al. 1994), especially for profiles subjected to large reduction
during extrusion (see e.g. Aukrust et al. 1996, Aukrust et al. 1997, Søreng 1997,
Pettersen 1999, Fjeldly 1999 and Iveland 2000).
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2.7.1 Crystal plasticity
Crystal plasticity has been one of the main topics for this work, as it also has for a
impressive number of other studies throughout the last century. As already mentioned in
Chapter 2.2, crystal plasticity is the bases for the improved knowledge concerning
mechanical properties such as anisotropy and forming behaviour.
A better understanding of the deformation mechanisms taking place during deformation
stimulated the research of understanding mechanical anisotropy. Experiments performed
on single crystals made it possible to study directional dependency in great detail. The 
early works of e.g. Ewing and Rosenhain (1900) and Schmid and Boas (1935) provided
a thorough understanding of the mechanical anisotropy of single crystals. This
understanding of anisotropy was based on crystal symmetry. The classical
polycrystalline plasticity models are based on this knowledge coupled with the
information from the crystallographic texture (Sachs 1928, Taylor 1938, Bishop and Hill
1951). A more detailed description of these models was given in Chapter 2.2.
At the end of last centaury, crystal plasticity models were combined with finite element
(FE) simulations in order to predict material properties after deformation, e.g. texture
evolution during forming. Aukrust et al. (1994) simulated the texture development
during extrusion of a profile comparable to the profiles investigated in this work by use
of the Taylor model integrated into a FE-model. By using this technique, Aukrust et al.
(1994) were able to predict the texture variations often observed through the thickness of
an extruded profile. These investigations were part of a significant research project
initiated by Hydro Aluminium in order to obtain a better understanding of crystal
plasticity and how it could be used to understand the mechanical properties after 
processing (see e.g. Bauger 1994, Aukrust and Vatne 1994, Irgens et al. 1995 and 
Aukrust et al. 1997).
The knowledge acquired by coupling crystal plasticity and FE-simulations made it
possible to better understand the deformation mechanisms operating during deformation.
Hence, this knowledge were of great industrial importance and resulted into several great
works within the topic “through-process–modelling” (see e.g. Marthinsen et al. 2002,
Furu et al. 2004 and Neumann et al. 2005).
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and is always square, while the second is in a subpixel position in the deformed
micrograph and is a quadrilateral.
When the displacement fields are determined by the correlation technique, these can be
used to calculate the local planar strain distribution in the material. 
The theoretical background for the DSCA technique presented in this section is based on
the work performed by Vacher et al. (1997), thus a more comprehensive review of the
DSCA technique may be found in this work.
Figure 2.24 – Displacement field  ,u x y  and  ,v x y  between an initial and a deformed
micrograph (Vacher et al. 1997).
2.7 Earlier work – State-of-the-art 
So far, Chapter 2 has only given the general theoretical background for the
characterisation and plasticity discussed and the experimental techniques applied. The
remaining of this chapter will be used to review the state-of-the-art among earlier works
within the topics treated in this thesis. The chapter will also include a review of available
in-situ techniques as well as an evaluation of their strength and weaknesses.
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Figure 2.23 – Illustration of the correlation subset and the grid elements on a digital
image.
The initial grey level of the micrograph/frame is represented by the discrete function
 ,f x y  which on the deformed micrograph/frame  ,f x y   , becomes (Vacher et al. 
1997):
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with  ,u x y  and  ,v x y  being the displacement fields for one given grid element as 
shown in Figure 2.24. These displacement fields are obtained for every grid element by 
using the correlation method between an initial image grid element and its successor in 
the deformed micrograph. The calculations are based on the comparison between a
subset of the initial image and its counterpart in the deformed image by computing the 
correlation coefficient (Vacher et al. 1997):
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where  is the area of the concerned correlation pattern on the initial image. For a
perfect correlation,
ǻS
   , , , Cof x y f x y   r 0   and for an imperfect correlation,
. The correlation coefficient is used as an indicator of the similarity degree
between the two subsets. The first subset is centred on a pixel of the initial micrograph
0 Cor 1! !
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and micro-meter scales (Doumalin et al. 1999, Knauss et al. 2003). In the following
section, the theory behind DSCA will be presented in some more detail.
2.6.1 Digital Speckle Correlation Analysis
This strain measurement technique was initially developed by Mguil-Touchal et al. 
(1997). The principle of the method consists in comparing two digital images of a same
object surface with a random surface appearance. The first micrograph is acquired prior
to deformation while the second is acquired after deformation (tensile test, shearing test, 
etc.). When the original specimen surface does not have a random appearance, this must
be obtained artificially. For ordinary simple tension specimens where the meso/macro
properties are investigated, this can be obtained by some simple black and white spray
paints. However, when the strains at the grain level should be investigated, more
advanced techniques must be applied. A gold grid deposit on the sample surface is an
example of such a technique, and section 4.1.2 describes the production of a gold grid
with a grid size of 10μm in more detail.
The technique compares the acquired images using a grey level correlation coefficient. 
In other words, points from the initial image will be found on the final image with a
precision lower then a camera pixel.
The image in which the strain is to be analysed is divided into a certain number of grid 
elements with sides Lp (Figure 2.23), user defined by a given number of pixels. Around
each of the four points of a grid element, a square analysis zone or subset is defined by
another given number of pixels.
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The two different definitions of the strains give close to identical results up to a strain of
~0.1 but after this point the average linear strain (e) gives much higher results than the
true strain.
The change in length during simple tension deformation is normally obtained by using a
high accuracy strain-gauge extensometer. However, there are several disadvantages of
using extensometers to measure the displacement during deformation. First of all, strain-
gauge extensometers provide only a one-dimensional measure of the strain, i.e. two
extensometers have to be applied in order to simultaneously measure both the
longitudinal and transversal strains. Note that calculations of the plastic strain ratio are
based on both strains as shown in section 2.4.1. More important, strain-gauge
extensometers only represent the average behaviour of the material in the measurement
area, i.e. between the legs of the extensometer. Therefore, the extensometer measure is
only valid when the material behaviour is homogeneous within the measurement area.
This is especially a problem in materials with very heterogeneous deformation behaviour
(Al-Mg-Si and Al-Zn-Mg alloys due to the Portevin-Le Châtelier effect, etc.). Local
strain investigations (meso and micro scale) are also very difficult using strain-gauge
extensometers.
Over the last two decades new non-contact measurements techniques have appeared.
Mostly based on optics, their principles rely on either beam light/sample interaction, i.e. 
interpretation of interference fringes (see e.g. Tu et al. 1997 and Steinchen et al. 1998) or
on correlation techniques, i.e. tracking the motion of geometric grids (see e.g. Chu et al. 
1985 and Mguil-Touchal et al. 1997). The two techniques can also be combined as
shown by He et al. 2002, Laraba-Abbes et al. 2003 and Zhang et al. 2003.
The accuracy of the former technique is in the order of a few wave-lengths (typically
0.2-0.3μm). However, they are limited to small displacement gradients i.e. small strains.
The latter technique, on the other hand, is less accurate but does not have any limitations
with respect to strain. Among those techniques, digital speckle correlation analysis
(DSCA) has become widely used. It only requires the surface of the specimen to have a
random speckle and pictures of that surface at different instants during deformation.
Applications are common at both the macro (Wattrisse et al. 2001, Dumoulin et al. 2003)
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material is almost exhausted. At this stage the material becomes unstable with respect to
shear, and shear banding becomes an alternative macroscopic slip mode which
accommodates strain accumulation during stage IV hardening. The microstructure inside
the bands consists of cells/subgrains that are elongated in the band direction, which
appears to be sharply misoriented (10-40°) with respect to the surroundings (Hatherly
1978). The material within the heterogeneity is softer then the surrounding matrix, the
bands are non-crystallographic and macroscopic, and are often found with an orientation
relationship of 35-38° to the deforming plane (Roven and Nes 1984). Shear bands can
extend over distances of several grains or even through the whole specimen. Shear
banding in aluminium alloys is often associated with the addition of magnesium, and the 
shear bands are frequently observed as failure mechanism in quenched Al-Zn-Mg alloys
(Chung et al. 1977, King et al. 1982, Søreng 1997, Fjeldly et al. 2001). For a more
comprehensive description of shear banding in aluminium alloys see e.g. Humphreys
and Hatherly (1996).
2.6 Strain measurements
The strain introduced to a material during deformation (typically simple tension
deformation) is often easily characterised by the average linear strain (e), which is 
defined as the ratio of change in length ( L' ) to the original length ( ).0L
0
0 0
L LLe
L L
'   (20)
This definition of strain is satisfactory for elastic strains where L'  is very small.
However, in plastic deformation the strains are frequently large, and the gauge length
changes considerably. Ludwik (1909) first proposed the definition of true or natural
strain (H) which obviates this difficulty. In this definition of strain the change in length is 
referred to as the instantaneous gauge length, rather than the original gauge length
(Dieter 1988).
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where the suffixes i and j represent the inspected slip direction and slip plane
respectively.
2.5.2 Transition and kink bands 
Microstructural heterogeneities like transition and kink bands may appear at higher
strains. Transition bands are defined as bands separating different parts of a grain which
has split and rotated away from each other during deformation (Hu 1962). These bands
develop when neighbouring volumes of a grain deform on different slip systems and
rotate toward different crystallographic orientations. In many cases deformation bands
occur with approximately parallel sides and involve a double orientation change A to C
and the C to A (i.e. Humphreys and Hatherly 1996). A deformation band of this special
type will be called a kink band following the nomenclature of Orowan (1942). Figure
2.22 presents an illustration of both transition and kink bands within a grain.
Figure 2.22 – Schematic illustration of transition bands (A-B) and kink bands (A-C-A)
(Humphreys and Hatherly 1996).
2.5.3 Shear banding
At high strains (cold rolled material) a new mode of deformation occurs and a new
microstructural heterogeneity appears. Shear bands were described in detail by Adcock
(1922) but were largely forgotten until the work of Brown (1972). Shear bands are bands
of highly strained material formed as a result of strain instability occurring after large 
deformations. This phenomenon occurs when the dislocation storage capacity of the
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Figure 2.21 – (a) Illustration of grain structure revealed by slip traces. (b) Slip plane
intersection with specimen surface due to crystallographic slip (Verhoeven 1975). 
The observed slip plane traces are often characterised by the in-plane angle Eobs (the
angle between the observed slip traces and the DD). The slip direction (s) and slip plane
normal vector (m) of the 12 potential slip systems for all individual grains are expressed
in the specimen axis system as:
, ,-1 0s = G s
-1
0m = G m c G gg  (18)
where s0 and m0 are the slip direction and slip plane normal vectors in the
crystallographic frame respectively, g is the orientation matrix of a grain defining the
position of the crystallographic axes with respect to the specimen axis system (Schwartz
et al. 2000), and g´ is the rotation from the specimen to the crystallographic system.
Further, the s and m vectors from the EBSD results are used to calculate the theoretical
angle Etheo for the four {111}-planes. Another parameter calculated from the same
results, is the theoretical out-of-plane angle Dtheo between the slip direction and the
specimen surface normal. This parameter is important because slip planes with a low
Dtheo will not produce visible slip traces since the out-of-plane movement can not be
detected. The parameters Dtheo and Etheo were computed according to 
39
Theoretical background
accuracy of these calculations is dependent on the accuracy of the plasticity model
applied.
2.5 Microstructural evolution
The microstructure of a material exposed to plastic deformation will clearly be altered.
The generation and migration of dislocations, and the subsequent interaction, storage and
recovery of the dislocations are fundamental to evolution of the deformation structure
(see e.g. Dieter 1988 and Humphreys and Hatherly 1996). Clear changes in
microstructure are evident first at high strains, but some small changes are detectible
already at initial plastic deformation much less than 1% plastic strain.
2.5.1 Slip traces
The polished surface of a metal crystal deformed plastically will become covered with
one or more sets of parallel fine lines called slip traces, bands or lines. The early work of 
Ewing and Rosenhain (1900) showed that there were steps in the surface resulting from
microscopic shear movements along well-defined crystallographic planes, i.e. surface
relief due to slip caused by the plastic deformation on the individual slip planes. Figure 
2.21 presents an illustration of the grain structure covered with slip traces. The figure
also shows that the deformation of each grain is accomplished by small blocks of the
crystal sliding past each other along parallel sets of planes. The slip does not occur on 
just one plane but are localised to small regions of parallel planes.
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plastic strain ratio is normally given as the r-value or Lankford coefficient. For a tensile
test this parameter is defined as
w
t
r
H
 
H
 (17)
where Hw is the width or transversal strain and Ht is the thickness strain. Hence the r-value
gives a relation between the contractions in the transverse and normal direction. In the
case of r=1, the contractions are equal in the two directions and the formability is good.
However, if the r-value is small, the thickness contraction is large and the material has a 
high susceptibility for failure. This happens because the material rapidly goes into a state
of plane strain and instability occurs (Marciniak and Duncan 1992).
A classical example of anisotropy and formability is the deep-drawing operation of a cup
from a textured sheet. Firstly, as the strength varies with direction, a variation in the
resistance towards flow will result in an orientation dependence of the elongation. This
appears as “ears” on the top of the cup, since a weak direction will have a low flow
resistance with an ear as the result. Secondly, a variation in r-value around the cup circle
will give different thinning of the cup wall. Normally, these are undesired effects, as 
they limit the formability, give varying properties and increase the amount of scrap.
However, the mechanical anisotropy can also give beneficial results if taken into account
during design and production, e.g. by placing the strong directions at critical positions in
the final product.
2.4.2 Texture-based calculations
The mechanical properties and their directional dependency can be approximated based
on the crystallographic texture acquired from the EBSD measurements. The Schmid
value of all tensile directions can be calculated directly from the crystal orientation of the 
individual grain and the deformation direction (DD). Further, the Taylor factor in the
different directions can be calculated from the different polycrystalline plasticity models
like the Taylor and Self-Consistent models. These models can also be used to calculate
the theoretical r-values of the material. However, it is important to remember that the
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2.4 Anisotropy and formability
The formability of a material defines its ability to withstand plastic deformation without
failure. The ability to be formed into various geometrical shapes is one of the most
important properties of metals and alloys. However, the formability will be strongly
dependent on the orientation of the sheet or profile in the forming process. Hence, a
good understanding of the directionality of properties may be used to improve and
optimise forming operations.
An isotropic material has equal mechanical properties in all directions. Most metals used
for practical applications exhibit a directional dependency of the mechanical properties.
The tensile properties (yield strength, ductility, r-value etc.) is often observed to vary
with the principal direction of deformation, hence relative to the rolling or extrusion
direction. This phenomenon is referred to as mechanical anisotropy, and is treated in
more detail in the following.
2.4.1 Mechanical anisotropy
Several factors are responsible for the mechanical anisotropy observed in metals and
alloys. The most important factor is probably the texture or crystallographic anisotropy.
However, also grain shape, precipitates and dislocation structures may influence the
mechanical properties (see e.g. Bate et al. 1981, Chung et al. 2000 and Ekstrom et al. 
2002).
While a single crystal is highly anisotropic, an aggregate of completely differently
orientated grains might be almost isotropic. This relates to the variation in strength of
different orientations, which for a tensile test is given by the Schmid value (m) for each
individual grain. In a polycrystalline material with crystallographic texture a large
number of the individual grains have approximately the same orientation, causing
anisotropy.
Mechanical properties like yield strength, ultimate tensile strength, uniform strain and
plastic strain ratio are of special interest for manufacturers and other material consumers.
The strength parameters are closely connected to the Taylor and Schmid factors. The
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Table 2.3 – Ideal deformation and recrystallization texture components observed in FCC 
metals.
Miller indices Euler angles 
Texture component 
^ `hkl uvh 1M ) 2M
Deformation
Copper, Cu ^ `112 111 90° 35° 45°
S ^ `123 634 59° 37° 63°
Brass, B ^ `011 211 35° 45° 0/90°
Goss, G ^ `110 001 0° 45° 0/90°
Recrystallization
Cube, C ^ `100 001 0° 0° 0/90°
CG ^ `520 001 0°° 22.5° 0/90°
Goss, G ^ `110 001 0° 45° 0/90°
ND-rotated Cube ^ `001 110 45° 0° 0/90°
P ^ `011 122 65° 45° 0°
R ^ `124 211 57° 29° 63°
Figure 2.20 – Location of the ideal recrystallization texture components frequently
observed in extruded aluminium profiles presented in the 002 and 111 pole figures as
well as the M2=0° section of the ODF. 
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component is often the most dominating of these components. This orientation has [100]
directions aligned with the principle sample axes (extrusion direction (ED), transversal
direction (TD) and normal direction (ND)). The recrystallization texture observed in
extruded aluminium profiles is often best described as a continuous fibre extending from
the Cube (C) orientation to the Goss (G) orientation. This texture is frequently referred
to as the ED rotated Cube texture. Figure 2.20 presents a schematic representation of this
fibre in the pole figure as well as the M2=0 section of the ODF. This figure also includes
an additional texture component introduced to get a better description of the fibre. The
CG component is the Cube orientation rotated 22.5° around the ED, i.e. the CG
component is oriented halfway between the Cube and Goss orientations.
Figure 2.19 - Schematic representation of the FCC rolling texture in the first subspace of 
the three dimensional Euler angle space. The representation of ideal texture components:
Copper (here C), S, Brass (B) and Goss (G) are also indicated (Hirsch and Lüke 1988).
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Figure 2.18 – The effect of probe current on the angular accuracy in the FE SEM for
single grains in a large-grained aluminium sample (Humphreys and Brough 1999).
2.3.5 Texture components in FCC materials
Deformation texture in FCC metals and alloys are determined primarily by the
deformation mode/modes and the stacking fault energy of the material. It is customary to
refer to the deformation texture in materials with high stacking fault energy, like
aluminium, as “pure metal textures” to distinguish them from the “alloy type textures”
characteristic of materials with low stacking fault energy. The “pure metal textures” are 
often described by a set of four ideal texture components as shown in Table 2.3.
However, the observed deformation texture is not satisfactorily described by these ideal
components, but more accurately by representing the texture as a continuous tube or
fibre of orientations which runs from the Brass through the S to the Copper orientation.
By convention the axis of this tube is called the E-fibre and deformation textures are
often only presented in the form of orientation densities along this fibre (e.g. Hirsch and
Lüke 1988). A second fibre, the D-fibre, is also often used to describe the texture. This
fibre extends from the Goss orientation to the Brass orientation (Humphreys and
Hatherly 1996). Figure 2.19 presents a schematic representation of the D- and E-fibre.
The observed textures after recrystallization are completely different from the
deformation textures. However, the recrystallization texture is strongly dependent upon
the deformation texture prior to annealing. Also the recrystallization texture can be
described by a set of several ideal texture components as shown in Table 2.3. The Cube
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20kV found the spatial resolution in Al to be approximately 30nm (Humphreys et al.
1999).
The acquired EBSP is achieved from a volume very close to the sample surface since
these electrons have lost very little energy. Hence, the size of the interaction volume
depends upon the tilt angle (typical 70°), sample material and the energy of the primary
electrons. Few experimental studies have been conducted to measure the depth
resolution of EBSD, but it is thought to be quite small and of the order of 10-100 nm 
(Goldstein et al. 2003).
The absolute angular resolution of a crystallite is typically obtained with an accuracy of
~2°, depending on the sample alignment and EBSD operating conditions (e.g. 
Humphreys 1999). However, the accuracy in determining the relative orientation
between adjacent data points is of greater importance when studying orientation
gradients and low angle grain boundaries. This accuracy is related to the precision in 
which the orientations of data points within the same crystallite can be determined. It
would be expected that all the orientations are identical if diffraction patterns are
obtained from a single grain within a large-grained polycrystal. However, if the
crystallographic orientation is calculated based on several EBSP acquired from a single
crystal or the interior of a large grain, small orientation deviations will be observed. This 
“orientation noise” is mainly a result of the accuracy in the pattern-solving algorithm and 
are beyond the direct control of the microscopist. However, it has been shown that the
angular resolution is affected by the microscope operating-conditions (see e.g. Krieger
Lassen 1996 and Humphreys and Brough 1999), and this effect has been measured for a
FE SEM as shown in Figure 2.18. The angular resolution obtained with a FE SEM and
satisfying operating conditions on aluminium are found to be in the range of 0.6-1.0° 
(Humphreys 2001).
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The high tilt angle increases the backscatter yield as shown in Figure 2.17 where the
energy distribution from samples perpendicular and tilted 70° with respect to the 
electron beam are compared. This is advantageous because the increased signal improves
the ability to collect EBSP. It is also important to notice that most of the backscattered
electrons in the tilted sample have close to initial electron beam energy. The
crystallographic information in the EBSPs is produced by the electrons that have lost
very little (the high energy peak) while the remainder of the distribution contribute to the
overall background intensity (noise) of the EBSP (Goldstein et al. 2003).
Figure 2.17 – Comparison of energy distribution from a sample perpendicular to and
tilted 70° with respect to the electron beam at 20kV acceleration voltage (Goldstein et al. 
2003).
Monte Carlo electron trajectory simulations have shown that the resolution of EBSD is
related directly to the electron probe size. Hence, it is apparent that higher spatial
resolution can be obtained from SEM instruments with field emission (FE) electron guns
due to the smaller beam size, provided sufficient beam current is available. The spatial
resolution is also a function of the acceleration voltage and the atomic number of the
sample (Humphreys et al. 1999). Higher acceleration voltage and lower atomic number
will degrade the spatial resolution. One study using an FE electron source operated at
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Figure 2.16 – A typical EBSP from a material with FCC structure. Each of the Kikuchi
lines can be represented by the two parameters r and G, where r is the shortest distance
from the line to the origin of the x-y coordinate system and G is the rotation of its normal
vector.
The EBSP gives the crystallographic orientation of a position (pixel) on the specimen
surface given by the position of the stationary electron beam. When the orientation of the
given position is determined, the beam moves to a new position where a new EBSP is
generated. The process is repeated several times until the entire area of interest is
analysed. The distance on the specimen surface between succeeding positions are
commonly referred to as the step size. The image acquisition and calculation of the
crystallographic orientations are fully automated and combining state-of-the-art
hardware with high tech EBSD software makes it possible to index up to 43 frames/sec
(Nordif 2005).
The spatial resolution of EBSD measurements are strongly influenced by the tilt angle,
working distance and acceleration voltage. Large sample tilt results in an asymmetric 
spatial resolution. The optimal resolution is obtained parallel to tilt axis. For a tilt angle
of 70°, the resolution perpendicular to the tilt axis is roughly three times the resolution
parallel to the tilt axis.
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Figure 2.15 – Schematic illustration of the formation of one set of Kikuchi lines from
diffraction of the electron beam with one family of lattice planes. Left 3D-view (Randle
and Engler 2000) and right 2D-view.
The phosphor screen converts the electrons to light, which makes it possible to acquire
the EBSP by a low-light-level CCD camera (Hjelen et al. 1993). The locations of the 
Kikuchi lines are identified by performing a Hough transformation of the digital images
(Krieger Lassen et al. 1992). The Hough transformation
r x cos y sin  G   G  (16)
makes it possible to describe the Kikuchi lines by their distance r from the origin and the
rotation G of its normal vector as illustrated in Figure 2.16. The position of the pixel
transformed from the EBSP is given by the x and y values. The Kikuchi lines are
transformed to spots in the (G, r) space (Hough transformation space) and the positions
of the peaks can be determined by standard peak findings techniques. The positions of
the spots correspond to the diffracting planes in the sample, and the crystal orientation
can be identified when a sufficient number of planes are determined (Krieger Lassen et
al. 1992).
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Cizek et al. 1996, Tong et al. 1997, Tatschl and Kolednik 2003, Poulsen et al. 2003 and
Han et al. 2003). For the last couple of years there has been major progress in this type
of work at NTNU.
The EBSD technique can also be used for identification of micrometer or submicrometer
crystalline phases through determination of the characteristic crystallographic parameters
such as crystal plane spacing, angles between planes, and crystal symmetry elements
(Schwartz et al. 2000). This is especially important for characterisation of geological
materials (see e.g. Moen et al. 2004 and Leinum et al. 2004).
2.3.4 EBSD measurements
EBSD patterns are obtained in the SEM by illuminating a highly tilted specimen with a
stationary electron beam. The electrons will be subjected to scattering in all directions
when the electron beam enters a crystalline sample. Some of the electrons will have an 
angle of incidence with the different atomic planes that fulfils the Bragg law: 
 (15)hkl B2 sindO   T
where TB is the Bragg angle, O is the electron wavelength and dhkl is the interplanar
spacing for the crystal plane with the Miller indices (hkl). The electrons that fulfil the 
Bragg law will be elastically scattered and will result in two cones as illustrated in 
Figure 2.15. The two diffraction cones are positioned symmetrically around the
diffracting crystal plane and separated by twice the Bragg angle (2TB). The two cones
will be recorded on a two-dimensional phosphor screen as hyperbolas. However, since
diffraction of the electrons through the Bragg angle is occurring in all directions, the
locus of the diffracted radiation is the surface of a cone which extends about the normal
of the reflecting atomic planes with half apex angle 90 - TB. Hence, the hyperbolas
appear as two almost straight parallel lines on the phosphor screen. These lines are the
backscattered Kikuchi lines, and each pair of these lines corresponds to the diffraction
from a particular crystal plane which produces an electron backscattered pattern (EBSP)
as shown in Figure 2.16. The Kikuchi lines are used to determine the crystallographic
orientation of the material volume generating the EBSP. The formation of the EBSP is
described in great detail by e.g. Reimer (1998) and Wells (1999).
28
Theoretical background
the main focus at NTNU. This work was initiated by Hjelen (1990) and has since then
been continued by several PhD works at NTNU. Skjervold (1993) used the technique to
investigate the orientation gradient evolution in grains during deformation. This was the
first attempt to investigate the microstructure evolution during deformation. In more
recent times investigations of deformation behaviour and microstructure evolution of
large strains have become possible. The deformation and softening behaviour of heavily
cold rolled AA3xxx series alloys have been investigated by Sjølstad (2003) and Tangen
(2004). They used the technique to study both the deformation structure and the 
recrystallized microstructure after annealing. The average grain size and the grain size
distribution were also determined by use of EBSD techniques (Tangen et al. 2002).
Material processed by severe plastic deformation (SPD) develops very small grain sizes
(~4μm) (Iwahashi et al. 1997), and are therefore very difficult to characterise by EBSD. 
Also this problem has been overcome by using field emission scanning electron
microscopes with improved spatial resolution (Tangen et al. 2003). Aluminium alloys
deformed by Equal channel angular pressing (ECAP) has been characterised by
Werenskiold (2004), and the EBSD technique made it possible to perform a detailed
study of the deformation mechanisms operating in the ECAP process. At NTNU there
has also been considerable interest given to characterisation of the microstructure and
through-thickness variations of extruded aluminium profiles, and EBSD has also been
used for this purpose (see e.g. Ryen 2003, Fjeldbo et al. 2005 and Hallem 2005). The
state-of-the-art EBSD work performed at NTNU has lead to a continuous improvement
of this powerful technique.
In-situ EBSD applications have been a new field of great interest for the last few years.
Also here, the SEM laboratory at NTNU has been a pioneer with regard to development
and application of new experimental techniques. The work by Kobberrød et al. (1998)
was the initiation of in-situ EBSD investigations in SEM. Kobberrød et al. performed
heating experiments where they studied the grain boundary migration in aluminium.
Subsequent heating experiments combined with EBSD investigations have been
performed to study the recrystallization behaviour of aluminium alloys (see e.g. Tangen
et al. 2001, Karlsen et al. 2004 and Korsnes et al. 2004). In the last decade, some in-situ
deformation investigations have been performed in order to study the rotation and
deformation behaviour of the individual grains within a polycrystalline material (see e.g. 
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volume element of the sample. If the totality of all volume elements in the sample which
possess the orientation dg is denoted dV, and the total sample volume is denoted V, then
an orientation distribution function can be defined by (Bunge 1983):
 d f d V g g
V
 (14)
This is the orientation distribution of the volume and f(g) the orientation distribution
function which is a description of the crystallographic texture of the material. A material
without any crystallographic texture has f(g)=1. The crystallographic texture of a
material is often presented by an orientation distribution function (ODF) plot but also
different kinds of pole figures are widely used to represent the texture. The orientation
distribution function of a material can, for example, be calculated from the EBSD
measurements obtained in the SEM.
2.3.3 Electron backscatter diffraction (EBSD) 
Electron backscatter diffraction (EBSD) has become a common technique used in the
characterisation of polycrystalline materials. EBSD in the scanning electron microscope
(SEM) is a technique that can provide a vast amount of information about crystalline
materials. Orientation imaging mapping (OIM) performed on a grain-by-grain basis
provides information about the crystallographic orientation of the individual grains in a
material (microtexture) and the relation of these orientations to significant
microstructural features (Randle and Engler 2000). Since the very beginning of this
technique has the Norwegian University of Science and Technology been a pioneer
within EBSD (Hjelen 1990). In fact, the 3rd commercial EBSD system available was in
1985 installed at SINTEF/Norwegian Institute of Technology (NTH) by David Dingley
(1984), another pioneer within EBSD. (NTH is now known as the Norwegian University
of Science and Technology, NTNU.) In the very beginning EBSD measurements were
used to manually determine the crystallographic orientation of individual grains. Hjelen
et al. (1991) used this technique to study the origin of recrystallization textures in
aluminium. The technique has since then been used as a powerful tool within both the
metallurgical and geological communities. The crystallographic aspects of plastic
deformation together with the recrystallization behaviour of aluminium alloys have been
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to KA (the red orientation in Figure 2.14) and then rotating the variable coordinate
system until it reaches the orientation g (the green orientation in Figure 2.14). First, the
crystal is rotated about the ND-axis through the angle M1. Then it is rotated about the
new RD’-axis through the angle ). Finally the variable frame is again rotated about the 
new ND”-axis (001) through the angle M2. The definition of the Euler angles is presented
in Figure 2.14. This representation is often referred to as Bunge notation:
^ 1 2, , ` M ) Mg  (13)
Figure 2.14 – Definition of the Euler angles by use of the Bunge notation (after Engler
2004).
2.3.2 Orientation distribution
In polycrystalline materials, crystallites of different shape, size and orientation are 
generally present. It can thus also occur that regions of different orientation are not
separated from each other by clearly defined grain boundaries. On the contrary,
continuous orientation changes are often observed through the microstructure. Variations
within the specimen make it necessary to specify the orientation g of each position 
through the specimen volume in order to completely describe the crystal orientation of a
polycrystalline material. Such a representation of the crystal orientation is very
complicated, and its mathematical treatment so advanced that it is not practically
applicable. However, a good approximation is obtained by considering only the
orientations and not the position coordinates of the individual crystallites within a
25
Theoretical background
2.3.1 Orientation of individual crystallites
The texture of a polycrystalline material is often defined as the orientation distribution
function (ODF) of all the crystallites. A sample coordinate system KA is defined in order
to describe the orientation of the individual crystallites. In the same way, each crystallite
is given a crystal coordinate system KB, and the rotation g (crystallographic orientation)
which is specified with respect to the sample-fixed coordinate system KA.
 (11)BK K g A
The crystal coordinate system may conveniently be adapted to crystal symmetry, e.g. the
cubic axes [100], [010], [001] of the unit cell. Also the sample coordinate system will
usually be adapted to sample symmetry, e.g. RD (ED in extruded profiles), TD, ND in
sheet metals as shown in Figure 2.12.
Figure 2.13 – Two representations of the orientation g (a) Miller indices (hkl)[uvh] (b)
Euler angles {M1, ), M2} (Bunge 1983)
The two most common ways to represent the orientation g which describes the
crystallographic orientation of the individual crystallites are Miller indices and Euler
angles as shown in Figure 2.13. The Miller indices represent the orientation given by the 
plane (hkl) parallel to the rolling plane (extrusion plane in extruded profiles) and the
direction [uvw] parallel to the rolling (extrusion) direction:
 > @hkl uvw g  (12)
Euler angles are by far the most widely used representation of crystallographic
orientations. Here the orientation is described by a set of three dependent Euler angles.
The Euler angles are obtained by initially putting the crystal coordinate system parallel
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Figure 2.11 – Schematic illustration of the two most common types of grain clusters in
the LAMEL model (left, Van Houtte et al. 2005) as well as the grain cluster arrangement
used for the eight grains in the GIA model (right, Crumbach et al. 2004).
2.3 Texture 
Most polycrystalline materials contain grains with crystallographic orientations that are
not randomly distributed but instead are clustered to some degree around a particular
orientation or set of orientations. Materials in which the grains are oriented non-
randomly are said to have a preferred orientation or texture. The mechanical and thermal
history of a specimen determines the nature of the texture that is developed. This section
is concerned with the basic features of texture and texture measurements. Texture
development in aluminium alloys and the effect of crystallographic texture are also
treated to some extent. 
Figure 2.12 – The sample fixed coordinate system KA and the crystal fixed coordinate
system KB in a sheet (Bunge 1983).
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each individual grain; it is only required that the average deformation of all grains
belonging to a cluster is equal to the macroscopic deformation. The Taylor condition is
then maintained at the boundary of the cluster. It is clear that this boundary is artificial, 
since in a real microstructure this boundary usually does not have a different character
than the grain boundaries inside the cluster. It is also clear that the choice of N, the
number of grains in the cluster, size and shape of the cluster are very important. It is
possible to obtain a FC Taylor model (N=1), Sachs model (N=very large) and anything
in between. The most widely known multi-grain models are the LAMEL model (Van
Houtte et al. 2002) and its new “brother”, the advanced LAMEL (ALMAEL) model
(Van Houtte et al. 2005) both with N=2, together with the Grain Inter-Action (GIA)
model (Crumbach et al. 2001 and Engler et al. 2005) having N=8. Figure 2.11 presents
an illustration of the two most common types of grain clusters in the LAMEL model as 
well as the grain cluster arrangement used in the GIA model. It is much more
complicated to investigate the selection of activated slip systems for these more
advanced models. The number of activated slip systems in the individual grains is 
dynamic and depends on the orientations’ composition within the cluster. It is therefore
difficult to determine the number of activated slip systems for the individual grains 
(orientations) and it is reasonable to assume that the number of activated slip systems for
one orientation can vary from one to five.
It should be noted that LAMEL and ALAMEL model simulations do not need
significantly more calculation time then a standard FC Taylor calculation. The GIA
model does need more time, but not so much as the CPFEM model (Van Houtte et al.
2005).
It has been shown that these new and more advanced polycrystalline plasticity models
give far better predictions of deformation texture than the more standard models
presented above (see e.g. Li and Van Houtte 2002 and Van Houtte et al. 2005).
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models try to obtain better average stresses and strains than the Taylor and the Sachs
models. The self-consistent models may be regarded as generalised RC models, in which
the relaxation is determined on the basis of a mathematical model for the interaction
between a grain and its surroundings. The latter is then treated as a homogenous
medium. Self-consistent models are much more complicated than the Taylor models
(relaxed or not). A more comprehensive review of the self-consistent model may be 
found in e.g. Lebensohn and Tomé (1993).
2.2.7 Advanced polycrystalline plasticity models
Neither of the models presented above provide satisfying deformation texture
predictions, especially not if quantitative methods are used for the comparison with
experimental results. One reason could be that the local interaction between grains is
insufficiently taken into account. Therefore, some new and more advanced plasticity
models have been proposed. The Crystal Plasticity Finite Element Method (CPFEM)
model (Kalidindi et al. 1992, Bate 1999, Mika and Dawson 1999) is a more recent
plasticity model. The CPFEM model is based on finite element mesh placed over the
microstructure (each element represents a single grain, or part of a single grain), and the
crystallographic texture is represented by statistical distribution of orientations
representing a few thousand grains. The orientations are chosen such that they offer a
suitable representation of a macroscopic RVE, i.e. a volume element large enough to
have the average properties of the polycrystalline material. This means that both lattice
orientations, locations of grains with given orientations, grain shapes and sizes and
orientation of grain boundaries are all chosen at random from a real microstructure in a
representative way. Usually all this is done in a rather rudimentary way and much
progress can still be made in this field, for example by incorporating topological data
obtained by using orientation imaging microscopy. However, the CPFEM model
requires two orders of magnitude more calculation time than other advanced
polycrystalline plasticity models. Therefore, this model is practically impossible to use
for industrial forming simulations (Van Houtte et al. 2005).
However, newer polycrystalline plasticity models which are much faster than the
CPFEM models but still reach a comparable quantitative accuracy have been developed.
In these so-called “multi-grain” models, the Taylor condition is no longer enforced on
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It has been argued that the Taylor FC model is too strict and the results could have been
improved by somewhat “relaxing” the geometrical constraints. The idea of relaxation
was conceived approximately 20 years ago (see e.g. Honneff and Mecking 1981, Kocks
and Chandra 1982 and Van Houtte 1982) and was based on the observation that grains
tend to become flattened and elongated during rolling. The misfit caused by a difference
between for example  and  could perhaps be tolerated, and such a relaxation is the
basis behind the relaxed constraint (RC) Taylor model. Relaxation of the longitudinal
shear ( ) is often referred to as the “lath” type Taylor RC model. Four slip systems
would be active according to this model. The ‘‘pancake’’ type model also adopts this
relaxation, but this model also relaxes the transverse shear ( ), hence only three slip 
systems will be activated. Figure 2.10 presents a schematic illustration of the relaxation
in the lath and pancake type Taylor RC model.
13l 13L
13l
23l
Figure 2.10 – Schematic illustration of the full constraint (FC) and the relaxation in the
lath and pancake type relaxed constraint (RC) Taylor models.
2.2.6 The Self-Consistent model
In the Taylor model, the strain compatibility is achieved at the expense of the stress
continuity and equilibrium at the grain boundaries. In the Sachs model, on the other
hand, the stress continuity and equilibrium are chosen over the strain compatibility.
Neither of these models gives a satisfying description of the material during
deformation. However, it is possible to satisfy both strain compatibility and stress 
equilibrium for simplified grain shapes by employing a self-consistent model. These
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where scW is the critical resolved shear stress on slip system s.
A slip system is activated when the shear stress, sW  reaches the critical value, scW . This
requirement gives a stress relation when considering the active slip systems: 
 
12
1
1
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c¦  s s s si j j i ij c
s
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from which the deviatoric stress, cijV  in each grain can be obtained. However, no unique
solution is obtained for the stress when the critical resolved shear stress is set to be
identical in all slip systems (common assumption for FCC materials). The equation will
give several equal solutions of five non-zero sJ -values all giving a W  minimum (five
activated slip systems). This problem is often referred to as the Taylor ambiguity, and
there exist several different methods of solving this ambiguity. The simplest method is to
simply pick one of the solutions by random.

For this approach even to be viable, each of the individual crystals must be able to
accommodate an arbitrary deformation, requiring five independent slip systems. While
the Taylor assumption is reasonable for materials comprising crystals with many slip
systems of comparable strength, using the model in other situations can lead to
prediction of excessively high stresses, incorrect texture components, or both (Wenk and
Van Houtte 2004).
The Taylor FC model offers a solution for the strain rates and stresses in every grain of a
multicrystal used during a simulation. If, considering such a solution for a grain with a
particular lattice orientation, it can hardly be interpreted as the stress occurring in a grain
of a real polycrystal with the same lattice orientation. Indeed a real grain has boundaries
with other grains, each with particular lattice orientations. As a result, the solution
offered by the FC model will not achieve stress equilibrium at these grain boundaries
(Van Houtte et al. 2005). 
19
Theoretical background
In this equation; : Lij  is the spin of the crystal lattice, 
sJ  is the shear slip rate of slip
system s, sib  is the slip direction of slip system s, and 
s
jn  is the normal of the slip plane
of this slip system. The kinematical equation is based on the assumption that the
macroscopic velocity gradient tensor is known and equal to the microscopic velocity
gradient:
ijL
 ij ijL l  (6)
The macroscopic velocity gradient for simple tension deformation is given by:
1 0 0
0 0
1
0 0
1
ª º
« »
« »
« »  « »
« »
« »« »¬ ¼
ij
rL
r
r
r
H  (7)
where H  is the strain rate and r is the r-value or Lankford coefficient ( w
t
r
H
H
 ). Further,
the kinematical equation also states that the slip rates, sJ of all slip systems must be 
calculated and the combination of all slip processes active at a given moment determines
what happens to the crystal. Hence, the symmetric part of  becomes the strain rate
tensor:
ijl

12
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1
2  
 ¦ s s s sij i j j i
s
d b n b n sJ  (8)
This equation gives a set of five independent equations with twelve unknown sJ . Hence,
an additional set of requirements is needed in order to solve the equation.
The energetic assumption of Taylor fulfils this requirement. This assumption suggests
that the slip systems are chosen so that the internally dissipated friction work per unit 
time W is minimised:
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Figure 2.9 – Tension of a polycrystal (a) Before plastic deformation. (b) Large plastic
deformation according to the Sachs model (singel slip). (c) Large plastic deformation
according to the Taylor model (polyslip) (Gambin 2001).
2.2.5 The Taylor model 
The Taylor model (Taylor 1938) states that the plastic strain of all crystallites within a
polycrystal is the same and hence equal to the macroscopic plastic strain. The idea
behind the Taylor model can also be formulated as follows: The neighbourhood of a 
grain embedded in a polycrystalline material introduces very strong constraints on the
individual grains; it must have exactly the same strain as its surroundings; no misfit
strains are allowed. The elastic strains are also neglected. The original version of the
Taylor model is normally referred to as the Full Constraint (FC) Taylor model, as it 
maximises the influence of the geometrical constraints (Van Houtte et al. 2005).
In order to develop this model, Taylor made use of a local constitutive law based on
crystal plasticity which establishes the relation between the local stress, strain and rigid
body rotation inside a RVE (representative volume element). The local constitutive law 
consists of a kinematical equation and an energetic assumption.
The kinematical equation relates the microscopic velocity gradient  which describes
the local deformation (per unit time) with the slip rates of all active slip systems:
ijl
12
1 
 :  ¦L s s sij ij i j
S
l b n J  (5)
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2.2.4 The Sachs model 
The oldest plasticity model is the one proposed by Sachs in 1928 and later proposed by
Cox and Sopwith (1937) and Kochendörfer and Swanson (1960) in a slightly different
form. Sachs assumed that each grain only deforms by one activated slip system, namely
that with the highest resolved shear stress. He further assumed that a polycrystal is an 
aggregate of independently deforming single crystals, and the principle axes of stress are
the same in all grains of a homogeneously stressed polycrystal. Hence, the Sachs model
is based on the Schmid value of each crystallite. Please notice, according to the Sachs
model, single slip in a grain leads to a misfit of its shape with respect to the
surroundings. It would lead to large interaction stresses between grains and it would
quickly lead to material separation at the grain boundaries. This is schematically
illustrated in Figure 2.9.
However, the arguments used in favour of the Sachs model are nevertheless based on
metallographic observations. A single set of slip traces is often observed on the surface
of deformed polycrystalline materials, except near grain boundaries (see e.g. Zankl 1963,
Schwink 1965 and Schwink and Vorbrugg 1967). There are a number of objections to 
such observations (Kocks 1970). Firstly, the surface grains are not under the full 
constraint of the compatibility conditions caused by the interaction of grains across grain
boundaries. Secondly, one observed slip trace can correspond to several independent slip
systems. Thirdly, even under the condition of several slip systems activated, it is rarely 
expected that an equal amount of slip on all activated slip systems occurs. In general, it
seems that the Sachs model is quite satisfactory at the very beginning of plastic yielding
of crystal aggregates. However, for higher plastic strains, the Taylor model is assumed to 
give a better description of reality. 
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1. Small single-crystalline volume elements (Figure 2.8 a) which are characterised
by their crystallographic orientation g and the rotation 'g after a small
deformation step.
2. Big polycrystalline volume elements (Figure 2.8 b) which are characterised by
their orientation distribution function f(g), i.e. the texture, and the texture
change 'f(g) after a small deformation step. In this latter case, the total texture
change 'f(g) may be divided into two parts:
i. An average rotation 'g as indicated by the big circular arrow in Figure
2.8 (b). This part can be interpreted qualitatively as the rotation of
some common reference axis system characteristic of the whole
volume element (b). 
ii. A "spreading" of the individual crystal orientations away from this
common (rotated) reference system indicated by the small individual
arrows in volume element (b). 
Figure 2.8 – Schematic illustration of lattice rotation in a polycrystalline material. (a) 
Small single-crystalline volume element with unique lattice rotation ('g ). (b) Large
polyctystalline volume element with individual rotations ('g ) and the average rotation
('g ) (Bunge and Nielsen 1997).
Crystal rotations can be modelled using different assumptions for the individual single
crystalline volume elements (Figure 2.8 a) as well as for the interaction of the differently
oriented crystallites (inside the volume element of Figure 2.8 b). The basis of some
classical crystal plasticity models will be presented in the following.
15
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Plastic deformation of single crystals often proceeds by slip in only one slip system as 
illustrated in Figure 2.7. However, in polycrystalline material (Figure 2.8) each 
crystallite is surrounded by its neighbours. This requires continuity of plastic
deformation across the grain boundaries. The enforced shape change introduces usually
slip (and thus rotation) on several slip systems simultaneously. Therefore, the lattice 
rotations in the polycrystalline metal are not uniform within each individual grain. The
orientation rotation behaviour of each grain during deformation is not easy to interpret. It
has been found that the rotations of the crystallites show a very broad spread, which may
be attributed to the individual environment of each crystallite. However, the average
rotation paths of the grains are usually quite well described by the Taylor model (see e.g.
Bunge and Fuchs 1969, Han et al. 2003 and Winther et al. 2004). This means that grains
having an initial orientation with a > @100  or > @111  parallel to the deformation direction
(DD) are relatively stable during deformation, while grains having a > @110 parallel to the
DD tend to rotate towards a more stable orientation.
It has also been shown that different parts of a crystallite may rotate in different
directions such that they become distinguishable crystallites themselves (see e.g. Wert
2002). In this sense a polycrystalline material is composed of crystallites, each of which 
has its particular crystal orientation g and each of which rotates in its own way as is 
illustrated schematically in Figure 2.8. The rotations lead to texture changes, i.e. the
development of deformation textures. This process has been studied in great detail (see 
e.g. Dillamore and Roberts 1965). Texture changes resulting from plastic deformation
are often accompanied by changes of the plastic properties. Hence, the orientation
changes of the crystallites must be taken into account in any comprehensive theory of
polycrystal plasticity. This can be done particularly on two different length scales
(Bunge and Nielsen 1997):
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direction) to the crystal lattice, one point can be found in the standard triangle that 
represents the loading axis. Therefore the loading axis during deformation can be traced
by a series of points in this triangle as shown in the same figure. After a rotation from D 
to point 2, the specimen has become orientated so that two slip systems have the same
maximum Schmid value. Normally at this point, deformation proceeds on both slip
systems simultaneously to produce duplex or multiple slip. The additional slip system is 
often referred to as the conjugate slip system. The duplex slip causes further movement
of the specimen axis along the > @001 111ª º ¬ ¼  boundary toward the 112ª º¬ ¼ pole which is
the mid way between the two operative slip directions. When the stress axis reaches this
orientation, it is assumed that this orientation is maintained until localised necking take
place, followed by fracture.
If the movement of individual dislocations are omitted, slip on a slip system can be
modelled by homogeneous shear ( ) as illustrated in Figure 2.7. The shape change
occurring during shear of the considered volume element is generally accompanied by a
rigid rotation ( ). This rotation changes the orientation of the crystal axes whereas slip 
(by itself) does not. In fact both slip and rotation take place simultaneously ( ),
hence the volume element changes its shape and rotates at the same time as shown in
Figure 2.7 (Kahn and Huang 1995).
PF
*F
 * PF F F
Figure 2.7 – Illustration of the kinematics of single-crystal deformation. The mutually
perpendicular grids represent the crystal lattice. 0s
D  and 0n
D  are the initial unit vector in 
the slip direction and the initial unit normal vector to the slip plane of the D slip system,
respectively (Kahn and Huang 1995).
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Figure 2.5 – Physical changes in a single crystal deformed in a tensile machine. (a) 
Undeformed single crystal. (b) Deformed single crystal without friction in the lateral
direction. (c) The lateral movement accomplished by simple rotation of the lattice in the 
centre and combined rotation and bending near the grips (Verhoeven 1975).
Figure 2.6 – Representation on a stereographic projection of a deformation induced
crystal rotation (Verhoeven 1975).
The slip direction of a single crystal with initial orientation D will during large tensile
plastic deformation rotate toward the tensile axis so that 0O O , where 0O  and O  are the
initial and current angle between the tensile axis and slip direction respectively. This
rotation can be represented by moving the point D toward the 101ª º¬ ¼ direction along the
great circle through D and 101ª º¬ ¼  as shown in Figure 2.6. At any instant of the
deformation, using the current relative orientation of the loading axis (deformation
12
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Schmid values of several slip systems are equivalent, and these crystallites are assumed
to have more then one operative slip system (Figure 2.4).
Figure 2.4 – Number of equivalent slip systems at special orientations in the inverse pole
figure. The squares, triangles and circles indicate eight, six and four equivalent slip
systems respectively (Honeycombe 1984). 
2.2.3 Rotation of the crystal lattice 
A very important phenomenon in plastic deformation is that the crystal lattice will rotate
relative to a fixed coordinate frame (e.g. the tensile machine and the loading axis which
are fixed to the ground) during significant plastic deformations. To illustrate lattice 
rotation, simple tension of a single crystal will be presented as shown in Figure 2.5. If
the grips of the tensile machine could move freely without friction in the lateral 
direction, the specimen would deform as shown in Figure 2.5 (b). However, the tensile
grips allow no lateral movement of the specimen ends. As a consequence, the lack of
motion in the lateral direction must be accomplished by a simple rotation of the lattice, 
i.e. the slip direction s would rotate toward the tensile axis. Close to the grips some
additional bending and appurtenant distortion has to be included in order to obey the
constraint enforced from the fixed grips.
11
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where ns is the slip plane normal and the ss is the unit vector in the Burgers vector (slip) 
direction of slip system s.
Figure 2.3 – Schematic illustration of the resolved shear stress on a slip system during
simple tension deformation (Honeycombe 1984).
It is also worth noticing that in some special circumstances the equation above will
become zero. W becomes zero if the tension axis is normal to the slip plane (O=90°), or if
the tension axis is parallel to the slip plane (F=0°). Deformation by slip will not be 
expected in these two extreme orientations. The reason is that the shear stress in the slip 
direction would be zero. On the other hand, the maximum shear stress is obtained when
m=0.5, that is when I and O are both 45°, hence Wmax=0.5Vt. Here, it is evident that single
crystals will give rise to a plastically anisotropic behaviour due to a discrete distribution
of slip systems.
Furthermore, the Schmid value of the individual slip systems is controlled by the
orientation of the crystallite in relation to the tensile stress. The primary slip systems
(highest Schmid value) of the different standard stereographic triangles are included in
the standard stereographic projection presented in Figure 2.2. For some orientations, the
10
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described by continuum mechanics (see e.g. Liu et al. 1997 and Wilkinson et al. 1997)
even though the material deforms by slip, whish clearly is a non-continuous deformation
process (Verhoeven 1975 and Honeycombe 1984).
2.2.2 Schmid’s law – geometry of slip
Slip will occur upon the {111} planes when a single crystal of an FCC metal is deformed
in tension. The force causing slip is not the tensile force but rather the decomposed shear 
force in one of the {111} planes along one of the slip directions. Hence, the tensile force
must be decomposed into the individual slip systems. This was first postulated by
Schmid in 1924, where he states that yield would begin on a slip system when the
resolved shear stress on this system reached a critical value, independent of the axial
tensile stress and other normal stresses on the lattice plane. This statement is now
commonly referred to as Schmid’s law.
Consider a crystal of cross-sectional area A having a tensile load L imposed giving a 
tensile stress Vt. Figure 2.3 shows this crystal and its slip plane in which OX is the slip
direction and O is the angle between the axis and the slip direction. The tensile axis 
makes an angle F with the slip plane, so that the area of the slip plane is A/sinF.
Therefore, the tensile stress on the slip plane is 
tsin sinF  V F
L
A
 (2)
and the shear stress on the slip plane resolved in the slip direction is 
t tsin cos cos cos tW  V F  O  V I O  V m  (3)
where I is the angle between the tension axis and the normal ON of the slip plane, and Vt
is the tensile stress (Honeycombe 1984). The geometrical part of this equation is often
referred to as the Schmid value, m. The general Schmid tensor of the slip system s is
computed in the crystal coordinate system using
12 
s s s s s
ij i j j im s n s n   (4)
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Theoretically, any of the 12 different {111}<110> slip systems can be activated during
deformation but the strain is often distributed among a limited number of these slip
systems. The required number of slip systems activated has been discussed heavily since
the introduction of the well known Sachs (Sachs 1928) and Taylor (Taylor 1938) models
in the first half of last century. The process of slip activation during deformation is still
under debate and the arguments for selection of slip systems will most likely be debated
for a long time.
Moreover, from a crystal plasticity point of view, the probability for slip is the same for
all slip systems with equal Schmid value. This means that activation of slip system A2
(Schmid and Boas notation) on a given A-plane within a particular grain means that the 
same slip system also should be activated on all other parallel A-planes within that grain. 
The slip (deformation) should in other words be homogeneously distributed among all
A2 slip systems in that particular grain. However, this is normally not the case for
aluminium alloys, and the slip tends to localise to small regions separated by regions
without or very limited plastic deformation (see e.g. Honeycombe 1984 and Yau and
Wagoner 1993). It is this localisation of slip which makes the slip traces visible at the 
specimen surface, i.e. the traces are an area with localised deformation. The reason for 
this localisation is not fully understood, but it is believed that the origin lies within the
material itself. The condition for initiating localised deformation after any amount of
pre-straining is usually related to a situation taking place in the material where the next
increment of strain-induced hardening is cancelled out by an accompanying strain-
induced softening. Then further straining tends to concentrate in the locations where
resistance to continued deformation is first lost, i.e. the deformation is localised to a 
limited number of slip planes (Backofen 1972, Søreng 1997). As a consequence, the
microstructure often develop slip traces when the dislocations move along activated slip
planes and intersect the specimen surface. Hence, the activation of slip plane, and by that
the activation of slip systems, can be investigated by studying the appearance of the slip
traces.
Predictions of the mechanical properties, i.e. how the material deforms, is often
performed by computerised modelling in order to simulate the production of new
components. The deformation behaviour is for simplicity often with satisfying results
8
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a notation used to distinguish the twelve possible slip systems in an individual crystal as 
shown in Figure 2.2. The notation is based on a letter A-D which defines the slip plane
and a number 1-6 which defines the slip direction. Table 2.2 presents the twelve possible
slip systems based on the Schmid and Boas notation.
Figure 2.2 – Standard [001] stereographic projection of FCC crystals (Kahn and Huang
1995).
Table 2.2 – Schmid and Boas notation for slip systems in FCC crystals (Schmid and
Boas 1935).
Slip System Slip plane Slip direction 
A2  111 0 11ª º¬ ¼
A3  111 > @101
A6  111 > @110
B2  111 0 11ª º¬ ¼
B4  111 101ª º¬ ¼
B5  111 1 10ª º¬ ¼
C1  1 11 > @011
C3  1 11 > @101
C5  1 11 1 10ª º¬ ¼
D1  1 11 > @011
D4  1 11 101ª º¬ ¼
D6  1 11 > @110
7
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general, grain boundary sliding and diffusional creep become significant only at high
temperatures but they must also be considered at very low strain rates. Twinning, on the 
other hand generally becomes operative at low temperatures in materials having HCP
structure. However, twinning in aluminium has been observed but then at very low
temperatures or very high strains (see e.g. Gray III 1988 and Werenskiold 2004). Slip is
by far the most important deformation mechanism in aluminium and only this
mechanism will be treated in the following.
The slip mechanism has been described by Verhoeven (1975) as the parallel movement
of two adjacent regions relative to each other across some plane (or planes). The early 
work of Ewin and Rosenheim (1900) showed that slip takes place along well-defined
crystallographic planes. Such crystallographic planes are referred to as the slip plane,
while the direction of shear in the plane is called a slip direction. The combination of a 
slip plane and a direction in that plane is referred to as a slip system. The slip planes in
FCC metals are usually those with the closest atomic packing, while the slip direction is 
always the closest packed direction in the slip plane. Figure 2.1 presents the atomic
arrangement of the closest packed planes in a FCC metal.
Figure 2.1 – The atomic arrangement in the plane with closest atomic packing in
aluminium. The three closest packed directions are also indicated.
The FCC metals deform primarily on the close-packed octahedral {111} planes in the 
<110> close packed directions. In special cases non-octahedral slip in aluminium alloys
has been observed on both the {110} and the {100} planes (see e.g. Perocheau and 
Driver 2002). However, for all practically considerations only octahedral slip is activated
during deformation of aluminium at room temperature. A crystallite consists of four
different {111} planes and each plane has three equivalent closest packed directions as
indicated in Figure 2.1. Hence, face-centred cubic metals have a total of twelve possible
slip systems which can take part in the deformation. Schmid and Boas (1935) developed
6
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Table 2.1 – IADS (International Alloy Designation System) for wrought aluminium
alloys. (X) indicates that only a fraction of the AA8xxx alloys are heat-treatable (AAUS 
1970).
Alloy system Heat-treatable Description
AA1xxx - Commercially pure Al (>99% Al)
AA2xxx X Al-Cu and Al-Cu-Li
AA3xxx - Al-Mn
AA5xxx - Al-Mg
AA6xxx X Al-Mg-Si
AA7xxx X Al-Mg-Zn
AA8xxx (X) Al-Li, Sn, Zr, B, Fe or Cr
2.2 Polycrystalline plasticity theory
The primary task of a polycrystalline plasticity theory is to formulate the relations
between the macromechanical behaviour of the polycrystal and the fundamental
mechanisms of single crystal deformation. Several objectives can be achieved from
investigations concerned with polycrystalline plasticity. First, it allows for identification
of the believed micro mechanisms that are responsible for observed macroscopic
phenomena. Secondly, the increased understanding on the fundamental level may in turn
provide a basis for improved predictions of the macroscopic plastic deformation.
2.2.1 Basic plasticity
The mechanical properties of a material may be represented by a stress-strain diagram. If
the applied stress is less then the elastic limit, the deformation is said to be elastic. The
material deforms plastically if the stress level is equal to or greater then the yield stress, 
and any stress level above the yield stress is referred to as the flow stress. Hence, elastic
deformation is completely recoverable while plastic deformation is not recoverable upon
release of stress. Only the plasticity theory is presented in this section since just the
plastic part of the deformation is treated in this work.
Plastic deformation of metals can take place by use of four primary mechanisms
(Verhoeven 1975): slip, twinning, grain boundary sliding and diffusional creep. In
5
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2.1.2 Heat-treatable aluminium alloys
The heat-treatable aluminium alloys achieve their strength mainly from precipitates, and 
belong to the AA2xxx, AA6xxx and AA7xxx alloy systems (see Table 2.1) (AAUS
1970). These alloys are usually first solution-heat-treated, i.e. heated into the single-
phase area of the phase diagram where alloying elements are dissolved in solid solution.
A rapid quench freezes the atoms in a supersaturated solid solution (ssss) from where the
precipitation sequence starts (Martin 1968). Alloys investigated in the solution-heat-
treated condition are often denoted the “W-condition” (ISO 2004). As an example, the
precipitation sequence in the AA6xxx system is generally given by:
 (1)2ssss GP zones (Mg Si) (Mg Si)cc co oE oE oE 2
Precipitation after solution heat-treatment can take place at room temperature (natural
age-hardening), in which the stabilised material condition is referred to as the “T4-
condition” (ISO 2004). However, artificial age-hardening are normally used in order to
achieve a more stabilised material with as high strength as possible. Following the above
sequence from left to right, the size of the precipitates increases and the coherency
between the matrix and the precipitates is gradually lost. The maximum strength (T6-
condition) generally occurs when there is a mixture of coherent and semi-coherent
precipitates. Over-ageing to the T7-condition produces stable incoherent particles which
results in a lower strengthening effect (Martin 1968). Material cooled from the
fabrication temperature (natural solution heat-treatment) and then naturally aged is
referred to as the T1-condition (ISO 2004). For a more comprehensive review of heat-
treatable aluminium alloys see e.g. Polmear (2004).
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2 Theoretical background
The main objective of this theoretical part is to give a summary of previous work done
concerning room temperature plastic deformation behaviour in face-centred cubic (FCC)
materials. A good understanding of crystal plasticity and the mathematical models used
to describe crystal plasticity is of prime importance in order to provide a physical basis
for microstructure- and alloy design. On the other hand, experimental observations are
critical to the developers of plasticity modelling and for understanding the real
phenomena taking place in nature. Hence, a two-fold understanding is a key factor in
reaching the main objectives of this investigation. Further, this part summarises the main
findings reported in the literature concerning in-situ deformation and electron
backscatter diffraction (EBSD) observations on aluminium alloys. The theoretical
background for the most important experimental techniques applied is also given in this
chapter.
2.1 Aluminium alloys
Aluminium is an important material for the transportation industry due to its low density,
high specific strength and competitive crash performance (Hirsch 2004). Also, the ability
to easily recycle aluminium alloys is very advantageous from an environmentally point
of view (Hirsch 2004). The properties of aluminium have made this material become an 
even more important material for the future. Wrought aluminium alloys are divided in
two groups based on their age-hardenability.
2.1.1 Non-heat-treatable aluminium alloys
Non-heat-treatable aluminium alloys constitute a class of alloys that owe their strength
mainly to elements in solid solution. However, also some types of particles will give rise 
to additional strength increase, mostly due to Orowan hardening (Orowan 1948,
Verhoeven 1975). A heat-treatment will generally not produce any strengthening
precipitates as in the heat-treatable alloys. The alloy systems belonging to this class are 
the AA1xxx, AA3xxx, AA5xxx and the AA8xxx alloy systems. A description of the
different alloying systems and their main alloying elements are given in Table 2.1. 
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Figure 1.1 – Illustration presenting the different features operating at different length
scales that have to be fully understood in order to comprehend how to improve the shape
tolerances of extruded profiles with a factor 10.
In this work, special attention has been paid to the effect of heterogeneities in slip 
activation on the macroscopic mechanical anisotropy. This has been obtained by initially
performing a detailed characterisation of two extruded Al-Mg-Si profiles. Further, in-situ
EBSD investigations have been applied to better understand the macroscopic properties.
2
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1 Introduction 
Modern production processes demands a high degree of automation involving tight
geometrical tolerances of the various components. The new requirements on profile
shape control are the most critical and come from various product areas like the heat
transfer business, general extrusion and, of course, production for the automotive
industry. The most prominent example is from the automotive industry. Future
requirements from down stream processing of profiles challenges the extrusion industry,
since extruded profiles often have strong microstructure- and texture gradients through
the thickness which clearly affect the mechanical properties.
The strategy of Hydro Aluminium is to be world leading within aluminium extrusion.
The “FREMAT – Understanding and Controlling Variations in Extrusion of
Aluminium” research program was initiated by Hydro Aluminium in close collaboration
with the Norwegian Research Council in order to attain such a position. The very
challenging vision of this project is to improve shape tolerances on extruded products by
a factor of ~10. To fulfil this vision, it is essential to understand, quantify and control
effects from material flow balance, development of residual stresses, microstructural
evolution and thermo-mechanical coupling of die and extruded material on a completely
new level of accuracy.
This work is part of the “Microstructure and shape” subproject that addresses
metallurgical effects and microstructural evolution. The primary objective is directed
towards obtaining an improved understanding of the operating deformation mechanisms,
and by that obtaining a better understanding of how shape tolerances, i.e. mechanical
anisotropy can be controlled. This can only be obtained if the connections between the
different deformation mechanisms operating on all length scales are fully understood.
Figure 1.1 illustrates the importance of studying individual mechanisms in order to find 
the net effect.
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align the DD to one of the above directions. Also the rotation of individual grains
seemed to have a strong relationship to the actual activation of slip systems.
The mechanical anisotropy and shape tolerances could be explained in terms of
crystallographic texture, i.e. variations in the actual activation of slip. As a result, the 
macroscopic properties (e.g. mechanical anisotropy) were to a large extent controlled by
the mechanisms operating at the microscopic length scale. A full understanding of the
operating mechanisms should therefore involve exact information from all length scales.
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Abstract
A comprehensive characterisation and study of plasticity in two extruded Al-Mg-Si
profiles has been carried out. The primary objective of the experimental work has been
directed towards obtaining an improved understanding of the operating deformation
mechanisms and mechanical anisotropy observed on all length scales during plastic
deformation. In-situ deformation in the SEM combined with EBSD investigations has
been an important tool in order to obtain this objective. The experimental results have
been divided into two separate parts. Part A covers the characterisation and mechanical
anisotropy investigations, while Part B covers the more detailed in-situ investigations.
Two alloys, one with a recrystallized microstructure and the other with a non-
recrystallized (fibrous) microstructure, have been subjected to a detailed characterisation
concerned with mechanical anisotropy, through-thickness variations and effects of
various heat-treatments. The experimental investigations showed that both alloys possess
highly anisotropic properties. The effects of temper designation, directional dependency
and position through the thickness were studied.
The in-situ deformation studies gave new insights into the fundamental reasons for the
observed mechanical anisotropy and the related deformation mechanisms. Detailed
investigations of the slip traces in combination with calculated Schmid value
distributions provided information on potential slip activity for the various slip systems.
It was found that the number of slip systems activated was very heterogeneous and this
number can even vary from region to region within one individual grain. In other words,
the strain distribution seemed very heterogeneous. Further, the actual number of
activated slip systems was in general less than predicted by the widely used Taylor
model. Consequently, if the accuracy of texture-based calculations should be improved,
more advanced models like the GIA (Grain Inter-Action) and the LAMEL models
should be applied.
It was also found that crystallographic orientations having a [100] or a [111] parallel to
the deformation direction (DD) were more stable during simple tension deformation.
Moreover, crystallographic orientations not having this configuration rotated in order to
III
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been appreciated. Hopefully, this work will result in new insight into crystal plasticity,
but also initiation of new works within the field of in-situ EBSD. 
The close collaboration with Hydro Aluminium AS allowed for introducing the author to 
various in-depth aspects related to aluminium extrusion technology. This in turn, has
opened up for a better understanding of current industrial challenges and hopefully
improved the relevance and quality of the work presented herein.
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